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FOREWORD 


This  Engineering  Foundation  Conference  was  devoted  to  discussion  of  die  current  status 
of  research  and  development  of  superalloys,  refractory  metals,  interne tallic  compounds, 
ceramics  and  composites  based  upon  ceramics  or  intermetallics.  The  Conference,  held  in 
Kona,  Hawaii,  Much  7-14, 1993,  was  unique  in  that  workers  in  these  diverse  fields  rarely 
converse  in  a  single  forum.  Coverage  of  these  materials  ranged  from  basic  science  through 
processing  and  mechanical  properties  as  well  as  discussion  of  current  applications  (superalloys 
and  refractory  metals)  and  future  applications  (principally  composites  and  intermetallics). 
In  addition,  the  importance  of  reducing  costs  of  development  of  new  materials  was  cited  in 
the  Keynote  address  of  Dr.  Ben  Wilcox  of  the  recently  renamed  Advanced  Research  Projects 
Agency. 

The  attendees  heard  that  nickel-base  superalloys  continue  to  be  improved  in  strength  and 
in  permissible  maximum  operating  temperatures,  which  now  are  in  excess  of  1 1 20°  C.  New 
single  crystal  alloys  containing  up  to  6%  Re  promise  to  raise  this  temperature  still  higher, 
providing  a  still  more  difficult  target  for  designers  of  new  competitive  materials  such  as 
ceramic  composites.  Refractory  metals  and  alloys  compete  with  ceramics  for  some 
applications  above  1330°  C,  but  to  date  intermetallics  provide  the  promise  of  lower  density 
and  higher  thermal  conductivity  than  superalloys  or  refractory  metals  at  temperatures  of 
1000-1 100°  C.  Moreover,  if  MoSi2  can  be  successfully  reinforced  so  as  to  simultaneously 
improve  both  toughness  and  creep  resistance,  such  composites  could  provide  useful 
strength  and  oxidation  resistance  to  at  least  1500°  C. 

It  was  reported  that  ultrafine  microstructures  provide  some  toughening  in  MoSi2 
composites,  and  that  whiskers  or  fibers  are  better  than  particulates  as  reinforcements. 
Clearly,  lack  of  low  temperature  ductility  and  toughness  are  the  principal  obstacles  to 
applications  of  intermetallics.  Creep  rupture,  fatigue  and  thermal  properties  of  NiAl  already 
match  or  exceed  those  of  current  superalloys,  but  designers  appear  to  be  unwilling  to 
consider  new  materials  with  toughness  much  less  than  the  50-80  MPaVm  exhibited  by 
superalloys  at  room  temperature.  However,  it  was  pointed  out  that  designers  are  not 
providing  alloy  developers  with  realistic  minimum  values  of  toughness  that  are  required  for 
turbine  applications.  It  was  suggested  also  that  perhaps  a  fairer  estimate  of  needed  toughness 
might  correspond  to  superalloy  values  at  760°  C,  near  the  well-known  ductility  minimum 
in  superalloys.  Another  point  in  favor  of  NiAl  is  the  finding  that  the  toughness  can  be 
increased  to  the  order  of  ISMPaVm  by  rapidly  cooling  from  elevated  temperatures  to  avoid 
segregation  of  interstitial  impurities  and  subsequent  strain  aging,  or  by  purification  to 
eliminate  the  interstitials.  However,  most  intermetallics  are  very  sensitive  to  composition 
and,  in  addition,  show  marked  sensitivity  to  moisture  or  hydrogen. 

Ceramics  and  ceramic-matrix  composites  also  have  demonstrated  improved  toughness 
in  recent  years,  although  there  was  some  di  spute  about  the  advisability  of  designing  ceramic 
composites  with  pre-  existing  cracks.  Also,  concern  was  expressed  about  porosity  and  the 
presence  of  glassy  phases  of  grain  boundaries  in  powder  processed  ceramics,  since  both 
factors  reduce  mechanical  properties.  Another  aspect  of  ceramic  processing  that  offers  the 
chance  of  matching  ceramic  and  metal  components  was  a  discussion  of  functionally 
gradient  materials  (FGM).  These  can  be  made  by  four  different  processes  and  allow  a 


continuous  range  of  properties  from  pure  metallic  to  pure  ceramic  across  a  single  component. 
However,  the  principal  problems  with  all  structural  ceramics  remained  inadequate  tensile 
strength  and  highly  variable  strength  values. 

The  need  was  clearly  identified  tc  accelerate  the  time  from  conception  of  new  materials 
to  implementation.  This  would  reduce  costs  and  allow  for  more  rapid  iteration. 

Management  philosophy  does  not  usually  have  the  patience  to  sustain  a  ten  to  twenty  year 
development  program.  An  approach  to  the  problem  of  rapid  implementatioo  is  die  partnership 
or  consortium.  This  circumvents  the  possibility  of  an  individual  or  institution  working  alone 
without  the  nurturing  interactions  of  other  companies,  universities  or  government  agencies. 
By  having  more  input  and  allowing  for  more  outlets  of  technology,  the  pace  of  progress  is 
sure  to  quicken.  In  addition,  the  technology  has  advanced  to  such  a  high  level  in  situations 
like  gas  turbine  engines,  that  future  advances  will  very  likely  call  upon  interdisciplinary 
skills.  A  new  funding  paradigm  of  in-kind  funds  by  participants  at  least  stretches  scarce 
funds  and  shows  management  commitment.  From  the  point  of  view  of  industry,  this 
represents  powerful  leveraging  and  explains  the  great  start-up  success  of  the  CRADA  (Co¬ 
operative  Research  and  Development  Agreement)  Program  format  These  agreements  are 
for  the  purpose  of  fostering  joint  research  efforts  between  national  laboratories  and 
industrial  firms. 

The  Conference  was  noteworthy  in  several  respects: 

•  diversity  of  materials  covered 

•  range  of  physical  and  mechanical  properties  discussed 

•  inclusion  of  processing  and  environmental  issues 

•  extensive  discussion  after  each  paper  and  in  the  panel  period  on  issues 
ranging  from  basic  scientific  principles  to  economic  considerations. 

•  openness  of  participants  in  discussing  problems  with,  as  well  as, 
advantages  of,  each  class  of  material. 

The  organizers,  who  included  M.  Nazmy,  M.  Yamaguchi  and  S.  Suresh,  are  grateful  to  the 
Engineering  Foundation  for  providing  seed  money  to  partially  defray  travel  costs  of 
Conferees.  In  addition,  we  acknowledge  with  thanks  the  financial  support  of  the  Army 
Research  Office  -  Durham,  Office  of  Naval  Research;  Center  for  Materials  Science  of  Los 
Alamos  National  Laboratory  and  United  Technologies  Research  Center.  Finally,  we  are 
grateful  to  Mr.  Jack  Donaldson  of  the  Engineering  Foundation  for  handling  all  of  the  local 
arrangements  in  a  highly  capable  manner. 


N.S.  Stoloff 
D  J.  Duquette 
A.F.  Giamei 

Conference  Co-Chairmen 
June  14, 1993 
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Abstract 

This  paper  discusses  promising  new  processing  technologies  for  producing  unproved  high 
temperature  structural  materials.  In  addition  issues  are  outlined  which  are  beyond  the  normal 
technical  realm  that  are  required  to  move  promising  new  materials  into  an  application. 
Approaches  to  address  affordability  and  shorten  the  time  from  discovery  to  application  are 
described.  New  efforts  to  integrate  basic  and  applied  research  to  further  reduce  development 
cycle  time  and  promote  dual  defense  and  civilian  technology  applications  are  discussed. 
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Intrnrinrtinn 


The  search  for  high  temperature  structural  materials  continues  to  be  an  important  area  of 
research  for  the  materials  community.  DoD,  NASA,  and  DoE  all  have  programs  to  advance 
the  capability  of  gas  turbine  engines  in  defense,  civil,  and  industrial  applications  specific  to 
their  missions.  The  DoE  also  has  a  Continuous  Fiber  Ceramic  Composite  (CFCC)  program 
to  develop  the  processing  technology  needed  to  take  advantage  of  this  class  of  materials  in 
high  temperature  industrial  processes.  Even  in  this  broad-based  process  development 
program,  one  of  the  major  application  areas  is  for  gas  turbine  power  generators.  These 
programs  and  their  goals  are  summarized  in  Table  I. 

At  the  present  time,  superalloys  are  the  backbone  of  the  gas  turbine  industry.  These  alloys 
have  evolved  over  the  past  50  years  as  illustrated  in  Figure  1.  This  figure  contains  several 
messages.  First,  the  temperature  capability  of  superalloys  as  measured  by  the  100  hour 
creep  rupture  time  at  140  MPa  stress  has  increased  at  about  8°C/year  over  the  last  5  decades. 
Second,  processes  such  as  directional  solidification  and  mechanical  alloying  have  played  a 
substantial  role  in  recent  increases  in  capability.  Third,  at  >1100C,  the  temperature 
capability  of  current  superalloys  is  approaching  the  1395C  melting  point  of  N13AJ  (a  primary 
phase  constituent  of  many  superalloys)  (References  2  and  7).  As  a  result,  much  of  the  new 
research  on  high  temperature  materials  is  directed  toward  new  classes  of  materials.  This 
trend  is  illistrated  by  the  papers  on  other  classes  of  intermetaliics,  metal  composites,  and 
ceramic  composites  included  in  this  conference.  This  shift  in  research  emphasis  is  consistent 
with  the  circa  1989  projection  for  material  usage  in  gas  turbines  shown  in  Figure  2.  In 
general  the  usage  of  alloys  is  expected  to  decrease  while  the  use  of  metal  composites  and 
ceramic  composites  is  expected  to  increase  as  we  move  into  the  next  century. 
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Figure  1  -  History  of  100-hr/140  MPa  Stress  Rupture  Temperature 
Capability  of  Superalloys1 2 


1  Reprinted,  with  permission,  from  Advanced  Materials  and  Processes,  October  1990  (Reference  5). 
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Table  I.  Major  High  Temperature  Materials  Programs  and  Goals 
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Figure  2  -  Projected  Usage  of  Materials  Classes  In  Future  Gas  Turbine  Engines 

(Reference  8) 


If  these  projections  are  to  be  realized  there  are  a  number  of  steps  that  must  be  taken  to  get 
materials  into  a  production  application  as  illustrated  in  Figure  3.  There  are  two  critical  issues 
associated  with  this  process.  First,  it  typically  takes  15  to  20  years  to  progress  through  the 
steps  illustrated  in  Figure  3.  Much  of  the  work  that  is  the  subject  of  this  conference  is 
focused  on  the  search  for  and  basic  understanding  of  new  high  temperature  materials  and  is 
relevant  to  the  first  two  steps  along  the  path  to  application.  If  these  new  materials  re  to 
begin  entering  use  early  in  the  next  decade,  a  mechanism  is  needed  to  accelerate  the  process 
illustrated  in  Figure  3.  Second,  for  a  new  material  to  make  it  into  a  production  application,  it 
must  be  affordable.  In  large  part,  affordability  will  be  decided  by  the  last  four  steps  prior  to 
product  application  in  Figure  3.  Of  these  four,  the  materials  researcher  has  limited  ability  to 
address  regulatory  issues,  competing  materials,  and  capital  investment.  Regardless,  these 
issues  certainly  have  the  ability  to  make  the  difference  between  just  another  good  research 
program  and  the  development  of  a  new  material  that  has  economic  impact. 
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Figure  3  -  Pathway  from  Discovery  to  Application 
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Processing  Development  Programs 


One  thing  that  technologists  can  do  to  impact  affordability  is  to  devise  cost  effective  process 
routes  to  synthesize  new  classes  of  high  temperature  materials.  This  often  involves  a  linkage 
between  basic  and  applied  researchers.  As  an  example,  the  concept  of  designer 
microstructures  (Figure  4a)  containing  whiskers  for  creep  resistance,  small  hard  particles  for 
strength,  and  ductile  phases  for  toughness  was  illustrated  in  1988  (Reference  9).  The  theory 
was  reduced  to  practice  by  Martin-Marietta  Laboratories  via  an  exothermic  dispersion 
process  under  the  XD  trademark.  The  microstructure  of  the  (Ti-Al)+TiB2  alloy  shown  in 
Figure  4b  closely  resembles  the  model.  Fabrication  feasibility  for  various  high  temperature 
components  via  investment  casting  has  been  demonstrated  (Reference  10).  High  temperature 
yield  strength  of  the  XD®  Ti-Al  is  not  a  great  deal  different  than  that  of  an  alloy  such  as 
Inconel  713C  but  the  density  is  about  half  that  of  the  nickel  base  alloy.  The  XD®  Ti-Al  alloy 
therefore  provides  the  potential  for  significant  weight  savings. 
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b.  Microstructure  of  XD®  Titanium 
Aluminide 


Figure  4  -  Development  of  Designer  Microstructure  by  XD®  Process  (Reference  9) 
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A  second  example  of  linkage  between  basic  and  applied  research  to  reduce  processing  cost 
is  illustrated  in  Figures  6  and  7.  Figure  6a  illustrates  that  suitably  prepared  ceramic 
composites  can  exhibit  considerably  greater  strain  to  failure  (toughness)  than  monolithic 
ceramics.  To  accomplish  this  it  is  necessary  to  induce  weak  fiber/matrix  interfaces  such  that 
interface  debonding  and  crack  bridging  occurs  as  shown  in  Figure  6b.  These  concepts  have 
been  demonstrated  by  Lanxide  Corporation  as  seen  in  Figure  7.  The  Dimox®  process  for 
producing  ceramic  matrix  composites  can  result  in  greatly  improved  toughness  for  SiC  fiber- 
reinforced  AI2O3  compared  with  monolithic  AI2O3.  Figure  7b  illustrates  the  considerable 
fiber  pullout  which  has  occurred. 
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Ceramic  Matrix  Composite,  Interface  Required  to  Optimize 

and  Monolithic  Ceramic  Toughness 

Figure  6  -Theoretical  Model  of  Desired  Crack  Growth  Behavior  (Reference  12) 


a.  Toughness  vs  Temperature  for 
Lanxide®  2D  SiC  Fiber-Reinforced 
AI2O3  and  Conventional  AI2O3 


b.  Fracture  Surface  of  S1C/AI2O3 
Composite  that  Demonstrates 
Fiber  Pull-Out2 


Figure  7  -  Ceramic  Matrix  Composite  that  Exhibits  Enhanced  Fracture  Toughness  Through 
Fiber-Matrix  Interface  Control  (Reference  13) 


Micrograph  provided  courtesy  of  Lanxide  Corporation,  Newark,  DE. 
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An  extension  of  the  linkage  between  modeling  and  processing  embodied  in  the  two  previous 
examples  is  through  the  Intelligent  Processing  of  Materials  (IPM).  The  objective  here  is  not 
only  to  obtain  reductions  in  manufacturing  costs  but  to  simultaneously  improve  overall 
quality.  Physical  or  experience-based  models  that  relate  finished  properties  with  processing 
conditions  are  combined  with  process  sensor  data  and  control  theory  to  make  real  time 
corrections  to  the  manufacturing  process.  The  goals  are  to  increase  yield  and  reduce 
inspection  requirements  of  finished  parts  through  real  time  control  of  manufacturing 
variables. 


Titanium  alloy  matrices  reinforced  with  SiC  monofilaments  have  a  distinct  advantage  in 
terms  of  specific  tensile  strength  over  the  non-reinforced  metal  as  shown  in  Figure  8.  One  of 
the  traditional  methods  to  prepare  this  material  is  hot  pressed  foil-fiber-foil  layup.  This 
process  is  labor  intensive  and  time  consuming.  Synthesis  of  plasma  sprayed  SiC  fiber 
reinforced  titanium  alloy  matrix  composite  illustrated  schematically  in  Figure  9a  is  an 
example  of  an  IPM  system  with  the  potential  to  provide  substantial  reduction  in  synthesis 
cost.  In  this  case  various  sensors  and  actuators  are  used  to  monitor  and  control  droplet 
temperature,  deposition  temperature,  and  deposition  rate.  The  result  is  a  very  uniform  fiber 
spacing  after  consolidation,  as  shown  by  the  micrograph  in  Figure  9b.  This  technology  is 
limited  to  fabricating  cylindrical  shapes  or  sheets  at  present. 


Figure  8  -Specific  Tensile  Strength  versus  Temperature  for  Selected  Alloys  and  Composites 

(Reference  14) 


Process  Diagram  (Reference  15) 


b.  Resulting  Microstructure  After 
Hot  Isostatic  Pressing 
(Reference  14) 


Figure  9  -Intelligent  Processing  of  Materials  (IPM)  Applied  to  Plasma  Sprayed  SCS-6 
Silicon  Carbide  Fiber  Reinforced  Ti-6-2-4-2 
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Recently  a  new  technology,  solid  freeform  manufacturing,  has  emerged  as  a  means  to 
rapidly  manufacture  complicated  geometric  shapes.  This  capability  has  two  advantages 
important  to  both  DoD  and  industry.  First,  CAD  files  can  be  converted  directly  to 
manufactured  parts  without  the  need  for  tooling  or  operator  intervention.  This  will  enable 
rapid  acquisition  of  limited  production  parts.  Second,  solid  freeform  manufacturing  is 
flexible  in  the  sense  that  many  different  small  volume  production  runs  can  be  made  on  the 
same  manufacturing  line  without  extensive  retooling.  The  status  of  solid  freeform 
manufacturing  for  different  materials  classes  is  listed  in  Table  D. 

Figure  10  illustrates  a  method  where  a  movable  laser  beam  responding  to  a  CAD  file  can 
sinter  powders  of  ceramics  and  metals  to  produce  solid  objects. 


Table  II  Status  of  Solid  Freeform  Manufacturing 


Technique 

Plastic 

Wax 

Metals 

Ceramics 

Composites 

Functionally  Gradient 

Materials 

Machines 


Available,  most  mature  (photolithography) 
Demonstrated,  investment  casting 
Indirect  Capability 

Demonstrated  for  molds  and  cores  (laser  sintering) 

Metal  matrix  composites  demonstrated  from  fabricated 
powder  preforms 

Variable  composition  capability;  not  demonstrated  as 
yet 

Assembly  of  discrete  parts  (i.e..  gear  assemblies)  has 
been  demonstrated 


X-Y  Movable 
1.1  kw  CO  2  Laser 


Leveling 

Drum 


ZnSe  Window 


Powder  Surface 


Powders 


Purging 
Gas  Inlet 


Gas 

Outlet 


Formed 

Object 


Powder  Feed 


Part  Cylinder 


Figure  10  -Schematic  Diagram  of  Solid  Freeform  Manufacturing  via  Selective  Laser 

Sintering  (Reference  16) 
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Use  Testing 


Thus  far,  discussion  has  been  focused  on  development  of  processing  routes  to  address  the 
affordability  issue  associated  with  the  introduction  of  new  materials  into  application.  In 
reference  to  Figure  3,  these  processes  are  at  the  pilot  scale  synthesis  and  fabrication  level  on 
the  pathway  to  application.  Another  method  of  moving  high  temperature  materials  one  step 
further  along  the  path  is  to  insert  them  into  fielded  applications:  i.e.,  use  testing.  An 
example  is  the  Ceramic  Insertion  Program  initiated  by  ARPA.  This  activity  will  exploit  the 
upgrade  potential  of  military  systems  with  components  fabricated  from  state-of-the-art 
structural  ceramics.  One  of  this  major  goals  of  this  effort  is  to  attempt  to  shorten  the 
discovery  to  application  time  cycle  by  creating  a  market  pull  for  advanced  ceramics  rather 
than  relying  solely  on  technology  push  into  the  marketplace.  Advanced  ceramic  gas  turbine 
engine  components,  diesel  engine  components,  rocket  nozzles,  gun  tube  components, 
bearings,  and  armor  applications  are  being  pursued.  Success  with  this  program  may  also 
provide  incentives  for  company  production  investments  that  will  further  reduce  the  time  to 
application. 


Cooperative, Marts 

Many  of  the  promising  high  temperature  materials  are  in  the  form  of  composites.  High 
material  cost,  a  large  number  of  experimental  and  manufacturing  variables,  and  the  need  for 
finished  composites  tailored  to  specific  applications  increases  the  cost  of  traversing  the 
pathway  to  application  (Figure  3).  At  the  same  time  the  concurrent  downsizing  of  defense 
and  the  decline  in  commercial  sales  is  resulting  in  reduced  funding  for  research  and 
development  within  the  aerospace  community.  The  net  result  is  that  high  temperature 
composite  material  development  is  becoming  too  expensive  for  any  one  company  to  pursue 
alone. 

Fortuitously,  ARPA  was  granted  an  "agreements  authority"  in  FY  91  to  establish  pre- 
competitive  consortia  or  partnerships.  This  authority  was  expanded  in  FY  93  to  include  dual 
use  (military-civilian)  partnerships  as  part  of  the  defense  conversion  and  reinvestment 
strategy.  The  objective  is  to  encourage  companies  who  may  normally  compete  with  each 
other  to  cooperate  on  research  and  development  when  it  is  their  mutual  best  interests.  In 
addition  to  industry,  consortia  and  partnerships  can  include  academic,  government,  and 
national  laboratory  participants.  The  philosophy  behind  ARPA's  agreements  authority 
requires  substantial  ( 30%)  cost  sharing  by  the  consortia  participants.  Thus,  the  consortia 
and  partnerships  typically  create  a  vertical  integration  of  laboratory  with  product-oriented 
research.  They  also  generate  an  up-front  financial  commitment  by  the  participants,  resulting 
in  application-oriented  planning,  corporate  financial  analysis,  and  work  on  more  than  one 
step  at  a  time  on  the  pathway  to  application  (Figure  3).  At  this  time  ARPA  has  three 
partnerships  devoted  to  high  temperature  composite  materials,  one  partnership  devoted  to 
precision  investment  casting,  and  one  consortium  for  the  development  of  ceramic  fibers  for 
use  in  high  temperature  composites. 

Of  these,  the  Integrated  High  Performance  Turbine  Engine  Technology  (IHFTET)  Ceramic 
Fiber  Consortium  has  probably  advanced  the  farthest  The  overall  objective  is  to  develop 
fibers  for  use  in  ceramic,  and  possibly  metal  matrix  composites  that  will  operate  at  use 
temperatures  up  to  1650C  and  to  have  these  fibers  ready  for  commercial  scale-up  in  3  to  5 
years.  The  organizational  structure  of  this  consortium  is  depicted  in  Figure  11. 
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Funding  comes  jointly  from  the  seven  engine  company's  1R&D  and  government  ( ARPA,  Air 
Force,  NASA).  The  program  will  run  for  five  years,  and  research  performers  are  being 
competitively  chosen. 


Critical  issues  in  high  temperature  materials  research  extend  beyond  the  search  for  better 
materials  and  basic  understanding.  Any  new  materials  that  will  actually  go  into  production 
will  have  to  be  affordable  above  all  else.  ARPA  and  other  Federal  Agencies  have  programs 
in  place  to  address  new  manufacturing  processes  that  will  hopefully  reduce  the  expense  of 
some  classes  of  emerging  high  temperature  materials.  Ultimately,  the  benefits  these 
emerging  materials  offer,  over  currently  available  materials,  must  not  be  overcome  by 
expense  if  they  are  to  succeed. 

The  issue  of  affordability  is  also  intertwined  with  health/safety/environmental  and 
business/market  issues.  Materials  that  experience  difficulty  achieving  acceptance  due  to 
problems  in  any  of  these  areas  are  not  likely  to  be  produced  in  quantities  that  will  be 
"affordable."  While  some  of  these  affordability  issues  lie  outside  the  technologists’  sphere 
of  influence,  they  must  be  kept  in  mind  when  planning  new  research  initiatives. 

The  other  critical  issue  of  time-to-market  is  being  addressed  by  ARPA  in  two  ways.  First,  a 
ceramics  technology  insertion  program  is  in  place  to  gain  field  experience  and  generate  a 
market  pull  for  advanced  structural  ceramics  technology.  Second,  partnerships  that  integrate 
laboratory  and  product-oriented  research  to  meet  specific  industrial  needs  are  getting 
underway.  This  concurrent  approach  to  research  along  with  shared  financial  commitment  is 
expected  to  decrease  the  traditional  IS  to  20  years  of  elapsed  time  needed  to  get  from 
discovery  to  application. 
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Abstract 

In  the  development  of  high  temperature  intermetallics  for  structural  applications,  it  is  essential  to 
consider  the  strong  influence  of  materials  processing.  Among  the  fundamental  data  needed  for 
effective  processing  are  the  relevant  phase  diagrams,  the  characteristic  difiiisivities  and  the 
possible  solidification  reaction  pathways.  In  the  Ti-Al  system  recent  advances  in  the  clarification 
of  the  phase  diagram  have  had  a  direct  impact  on  the  analysis  of  phase  stability  and  crystal 
growth  processes.  Building  on  the  binary  phase  equilibria,  it  has  been  possible  to  develop  new 
insight  into  several  Ti-A)-X  (X  “  Nb,Ta,Mo)  ternary  systems  and  the  identification  of  ternary 
intermetallic  phase  reactions  that  are  important  for  strengthening,  toughening,  and  creep 
resistance.  Similar  developments  have  been  demonstrated  by  alloy  design  modifications  in  other 
intermetallics  such  as  NbCr2  and  NiAl.  Monolithic  alloy  designs  are  also  being  supplemented  by 
intermetallic  matrix  composites  where  again  phase  equilibria  and  interdifiusion  reactions  analyzed 
in  diffusion  couple  studies  provide  an  essential  basis  for  an  effective  microstructural  control  and 
alloy  design  strategy. 
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Introduction 


In  a  high  temperature  environment,  the  essential  requirements  for  structural  materials  include 
low  density  with  high  temperature  strength,  stiffness,  and  oxidation  resistance,  but  adequate 
room  temperature  mechanical  properties  and  cost  effectiveness  are  also  critical  factors  (1,2). 
High  temperature  service  requires  a  thermal  stability  of  the  constituent  phases  which  can  be 
considered  from  several  viewpoints.  For  example,  a  limited  interaction  with  the  service 
environment  and  compatibility  with  oxidation  resistant  coatings  or  reinforcement  phases  in 
composites  are  often  basic  requirements  for  survivability  of  a  component  at  high  temperature. 

In  addition,  application  induced  microstructural  modification  due  to  thermal  cycling  and  the 
combined  effects  of  temperature  excursions  under  varying  stress  states  are  important  to  consider 
for  a  useful  component.  The  underlying  basis  for  the  design  and  analysis  of  alloy  synthesis  and 
processing  and  the  assessment  of  thermal  stability  is  established  to  a  significant  extent  by  the 
relevant  phase  equilibria. 

An  important  consideration  in  microstructural  stability  which  is  dominant  throughout  all 
treatments  relates  to  the  phase  structure  stability  for  a  given  compound.  For  different  structures 
in  disordered  alloys,  the  relative  stability  is  often  determined  by  relatively  small  differences  in 
energy  (3,4).  When  the  influence  of  ordering  is  considered  as  a  perturbation  on  the  energy 
differences,  the  relatively  small  differences  making  up  phase  stability  determinations  are  again 
observed  so  that  other  influences  due  to  strain,  electronic  and  magnetic  energetic  tarns  can  play 
a  determining  role  in  the  actual  structures  observed  in  practice.  The  path  of  structural  evolution 
and  the  rate  of  approach  to  the  lowest  energy  structure  or  ground  state  are  of  course  dictated  by 
reaction  kinetics.  Moreover,  the  ordered  nature  of  many  intermetallic  phases  exposes  new  types 
of  behavior  that  are  not  always  evident  in  disordered  systems.  For  instance,  in  ordered  alloys 
diffision  can  be  sluggish  due  to  the  energetics  of  vacancy  formation  and  also  due  to  multiple 
site  jump  paths  (3,6).  For  ordered  systems  the  reaction  kinetics  involving  a  microstructural 
change  depends  on  temperature  through  the  usual  Arrhenius  function  but  also  through  the 
temperature  dependence  of  the  order  parameter  which  tends  to  enhance  the  sensitivity  of  these 
materials  to  local  structural  defects  (7). 

One  of  the  important  attributes  of  intermetallics  is  their  potential  for  prolonged  thermal  stability 
at  elevated  temperatures  due  in  part  to  sluggish  diffusion  in  an  ordered  lattice.  Under  such 
conditions  the  approach  to  equilibrium  can  be  slow,  and  the  reaction  pathway  can  be  sensitive  to 
the  prior  thermal  and  deformation  history.  If  this  point  is  not  considered  and  only  a  limited 
number  of  alloys  are  examined,  then  the  observations  can  be  incomplete  and  may  even  give  a 
misleading  assessment  of  the  phase  stability.  Indeed,  this  is  the  inherent  challenge  in  studying 
phase  equilibria  in  intermetallic  alloys.  In  the  current  work  the  evaluation  of  phase  equilibria 
has  been  addressed  by  the  systematic  examination  of  numerous  samples,  sometimes  with 
narrowly  spaced  compositions,  after  long  term  and  often  multiple  annealing  treatments  which 
are  terminated  by  either  slow  cooling  or  rapid  quenching.  Sometimes  it  is  not  possible  to  obtain 
elevated  temperature  phase  equilibria  information  from  bulk  annealed  samples  due  to 
unavoidable  phase  transformations)  during  the  cooling  of  the  samples.  In  that  case  diffusion 
couple  experiments  can  play  a  major  role  in  establishing  the  tie-lines.  The  sequence  of  phase 
reactions  is  also  analyzed  in  terms  of  reaction  temperatures  obtained  by  thermal  analysis  and  the 
structural  changes  associated  with  each  reaction.  However,  by  examining  the  changes  in  alloy 
constitution  due  to  different  treatments  and  relaxation  of  the  phase  structure  and  composition 
back  to  a  common  state  in  a  given  alloy  at  a  set  temperature,  it  is  possible  to  judge  the 
equilibrium  arrangement  at  the  set  temperature. 


Structural  Stability 


In  order  to  provide  a  basis  to  consider  the  structural  changes  that  can  develop  during  phase 
transformation  reactions  associated  with  the  processing  treatments  for  intermetallic  phase  alloys, 
it  is  valuable  to  consider  different  stability  rankings  of  the  possible  structures.  This  issue  has 
received  a  fair  amount  attention  and  is  currently  under  active  study  by  a  number  of  analysis 
methods  ranging  from  empirical  to  phenomenological  to  atomistic  level  calculations  (3,4,8-10). 
The  essential  features  of  these  developments  can  be  treated  by  following  the  highlights  of  a 
pairwise  interaction  model  for  the  ground  state  structure  in  binary  alloys  but  keeping  in  mind 
that  other  more  detailed  analysis  is  possible  (1 1,12). 


For  a  binary  alloy  the  energy  of  solution  in  the  model  is  assumed  to  be  due  only  to  interactions 
between  the  two  lands  of  atoms  A  and  B  of  the  system,  with  first  and  second  neighbor  pairwise 
interactions.  All  strain  energy  and  interfacial  energy  effects  are  neglected  in  this  analysis.  If  the 
bond  energy  of  the  ith  neighbor  A-A  bond  is  denoted  by  Ef2  and  a  similar  symbol  is  used  for 


the  other  bond  energies  then  the  ith  neighbor  interaction  parameter  Vj  is  given  as  Vj  = 
eM + E®8  -  2Ej ^ .  With  this  expression  the  energy  of  mixing  is  given  only  in  terms  of  the 


Vi's.  For  the  analysis  Vj  is  always  considered  positive,  but  V2  maybe  positive  or  negative  and 
the  results  are  expressed  in  terms  of  a  ratio  V2/V1  =  v.  The  energy  of  mixing  of  a  given 
structural  state  is  defined  as  the  difference  between  the  configurational  energy  of  that  state  and 
the  reference  state.  The  reference  state  is  assumed  as  a  two  phase  mixture  of  pure  A  and  pure 
B,  both  with  the  same  basic  crystal  structure.  If  the  number  of  ith  neighbor  A-B  bond  is 
expressed  by  qj  the  configurational  energy  of  mixing  is  given  by 


Em  =  -  Vj  (qi  +  q2v)  so  that  the  problem  of  establishing  the  ground  state  is  equivalent  to 


minimizing  the  configurational  energy  of  mixing.  This  type  of  analysis  has  been  applied  to  a 
variety  of  systems  (1 1,12).  A  useful  comparison  for  selected  values  of  v  is  shown  in  Fig.  1 
where  energy  of  mixing  is  presented  as  a  function  of  composition  for  FCC  based  systems. 


The  appearance  of  second-nearest  neighbor  interactions  is  important  because  it  leads  to  a  more 
complete  and  realistic  description  of  the  superstructures  possible.  It  also  emphasizes  that 
miscibility  gaps  which  of  course  imply  phase  separation  can  occur  naturally  for  second-nearest 
neighbor  interactions.  Thus,  the  alloying  behavior  of  ordering  and  clustering  are  not  mutually 
exclusive.  Moreover,  it  is  apparent  that  a  variety  of  metastable  transition  states  can  occur 
during  transformation  from  the  disordered  state  to  an  equilibrium  state  following,  for  example,  a 
quench  from  high  temperature  In  several  cases  it  is  apparent  that  disordered  solutions  are 
unstable  to  continuous  ordering  and  that  the  transition  kinetics  can  to  be  complex  in  such  a 
system. 


Reaction  Kinetics-Decomposition  Pathways 


The  full  description  of  the  various  decomposition  modes  requires  the  analysis  of  the  free  energy 
as  a  function  of  ordering  behavior  as  well,  which  is  presented  schematically  in  Fig.  2  from  an 
analysis  given  by  Soffit  and  Laughlin  (13).  For  example  in  Fig.  2a,  a  free  energy  versus 
composition  diagram  is  shown  for  an  ordering  alloy  where  the  alloy  of  composition  C0  is  a  two 
phase  mixture  of  ordered  y  phase  and  disordered  a  phase  for  the  given  temperature,  T2,  under 
equilibrium.  If  the  alloy  CQ  is  quenched  from  the  high  temperature  single  phase  a  field  to  T2 
the  as-quenched  condition  corresponds  to  point  A'  on  the  a  disordered  curve.  Since  A'  is  within 
the  region  where  a  is  unstable  with  respect  to  continuous  ordering,  the  reaction  A'  ->  B' 
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proceeds  without  a  nucieation  barrier.  The  homogeneously  ordered  state  at  &'  is  still  metastable 
with  respect  to  the  final  equilibrium  state  at  +  yt.  While  the  free  energy  versus  composition 
diagram  in  Fig.  2a  is  useful,  the  underlying  instability  of  the  a  phase  at  A'  becomes  clear  when 
the  five  energy  is  also  considered  to  be  a  function  of  the  order  parameter,  q  as  in  Fig.  2b.  In 
this  representation  it  is  now  dear  that  the  state  P  indicated  in  Fig.  2a  corresponding  to 
composition  C0  at  A*  on  the  a  disorder  curve  is  indeed  unstable  with  respect  ordering  to  a  state 
characterized  by  r£  In  addition,  the  disordered  solution  a  outside  of  the  hatched  region  in  Fig. 
2a  is  metastable  with  respect  to  ordering  as  indicated  by  Point  F  since  there  is  a  free  energy 
barrier.  However,  an  ordering  can  take  place  without  a  change  in  composition  but  a 
discontinuous  change  in  order  parameter  by  the  nucieation  and  growth  of  ordered  regions  and 
has  been  termed  a  congruent  ordering  process  (7, 14).  Lastly,  the  stability  of  the  as-quenched 
solution  of  the  disordered  a-phase  when  the  composition  is  far  from  the  ordering  region  such  as 
at  point  R  is  also  clearly  evident. 

When  the  kinetics  of  structural  transitions  in  intermetallic  phases  are  considered,  the  critical 
importance  of  examining  all  degrees  of  freedom  that  are  available  during  the  structural 
relaxation  becomes  apparent.  For  example,  in  the  case  discussed  in  Fig.  2  the  free  energy 
composition  diagram  does  not  indicate  that  the  a  disordered  phase  is  unstable  until  the  variation 
of  the  free-energy  with  order  parameter  is  also  examined.  Indeed,  this  is  the  central  issue  in 
describing  the  kinetics  of  transitions  involving  ordered  intermetallic  phases.  The  rate  of 
transition  will  normally  be  some  function  of  a  diffusion  coefficient  and  a  driving  free  energy, 
both  of  which  are  functions  temperature,  composition  and  order  parameter  (IS).  Therefore,  the 
kinetic  pathways  need  to  be  considered  in  terms  of  trajectories  on  a  free-energy  surface  that  can 
have  a  complex  topology  in  general.  As  a  consequence,  the  kinetic  rates  are  also  expected  to  be 
sensitive  to  processing  effects  such  as  quench-rate  and  the  development  of  strain. 

From  atom  movements  in  crystalline  solids  an  atom  vacancy  exchange  is  the  basic  kinetic  step. 
When  the  details  of  these  types  of  exchanges  are  considered  in  ordered  alloys,  it  is  apparent  that 
the  atomistics  of  the  specific  structural  types  become  very  important  in  determining  the  jump 
pathway  and  the  net  frequency  of  atom  exchange  on  different  sublattices.  An  interesting 
example  which  appears  to  expose  new  types  of  kinetics  behavior  has  been  examined  by  Flutz 
(16,17)  for  a  B2  equilibrium  state.  For  different  values  of  v  other  ordered  arrangements  such  as 
DO3  and  B32  can  develop  in  a  transient  manner  during  diffusion  as  the  system  encounters 
different  states  in  the  relaxation  process  towards  final  equilibrium.  In  some  cases  the  transient 
states  can  persist  for  extended  periods.  Since  the  persistent  transient  states  are  not  in  metastable 
equilibrium,  they  have  been  termed  pseudostable  states  (18)  to  reflect  the  slow  relaxation 
kinetics. 

Multiphase  Microstructures 

Microstroctural  control  in  intermetallic  phases  is  of  considerable  importance  to 
improving  high  temperature  strength  as  well  as  low  temperature  ductility.  The  classic  example 
of  the  benefits  of  careful  microstructural  control  are  the  nickel-based  superalloys  which  owe 
their  high  performance  and  versatility  to  microstructural  designs  based  upon  combinations  of  a 
Ni-rich  disordered  solid  solution,  y  and  an  ordered  N^Al  (LI2)  based  intermetallic  phase,  y\ 
However,  this  experience  has  been  repeated  in  the  more  recent  development  of  titanium 
ahiminides  where  T13  AI  based  alloys  are  a  combination  of  02(0019)  and  0O(B2)  phases  and 
TiAl  based  alloys  are  a  combination  of  y(Ll0)  and  02  phases  (2). 
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The  development  of  multiphase  microstructures  in  intermetallic  alloys  requires  aa 
optimum  balance  of  compositions,  volume  fractions,  sizes  and  distributions  of  constituent 
phases  as  guided  by  phase  diagrams  such  as  those  in  Fig.  3.  If  the  coexisting  phases  exhibit 
similarities  in  crystal  structure  and  compatible  lattice  parameters,  then  a  phase  equilibria  such  as 
that  shown  in  Fig.  3a  may  develop  and  allow  for  the  formation  of  a  high  volume  fraction  of  a 
second  phase  either  by  a  nucleation  and  growth  process  or  by  spinodal  ordering.  Other  reaction 
pathways  including  solidification  processing  are  also  possible  (Fig.  3b). 

Although  the  reported  experience  has  not  been  extensive,  there  are  a  few  categories  of 
microstructures  approaches  that  have  been  examined  systematically.  For  example,  Nalca, 
Thomas  and  Khan  (19)  have  succeeded  in  developing  two  phase  microstructures  in 
pseudobinary  Fe-N^AlTi  and  Nb-T^AlMo  systems  involving  A2-L2j  and  A2-B2  type 
structures  that  are  similar  to  the  AI-LI2  microstructures  in  nickel  base  superalloys  (i.e.  the 
disordered  phase  is  the  matrix)  and  show  attractive  performance.  In  a  broad  based  and  careful 
systematic  study,  Nemoto  and  co  workers  (20,21)  have  examined  a  number  of  nickel  and 
titanium  aluminide  intermetallic  alloys  with  both  ordered  and  disordered  precipitate  phases 
including  precipitates  based  upon  carbide  or  nitride  phases  which  involve  an  intermetallic  matrix 
that  is  saturated  with  carbon  or  nitrogen.  Depending  on  the  precipitate  structure  and  coherency 
of  the  precipitate/matrix  interface  different  types  of  dislocation/precipitate  interactions 
contribute  to  strengthening. 

In  this  regard  it  is  useful  to  consider  two  examples  which  illustrate  the  guidance 
provided  by  the  diagrams  in  Fig.  3.  First,  in  the  Ni-Al-Cu  system  for  an  alloy  that  lies  in  the 
N1AI-CU3AI  section  [i.e.  (NiAl)  -  25%  (G13AI)]  a  decomposition  can  be  developed  by  a 
spinodal  ordering  process  similar  to  that  indicated  in  Fig.  3a.  During  aging  of  the  quenched 
high  temperature  solid  solutio-..-  a  spinodal-type  microstructure  developed  (22)  as  indicated  in 
Fig.  4a.  In  effect,  the  NiAl  intermetallic  phase  is  intermixed  on  a  fine  scale  with  a  Cu-rich 
ductile  phase.  While  the  as-quenched  solid  solution  exhibited  extensive  cracking  during 
hardness  testing,  no  cracking  tendency  was  noted  in  the  aged  condition.  In  fact,  in  the  aged 
state  clear  evidence  of  slip  and  plastic  deformation  was  apparent  which  may  be  related  to  the 
plastic  constraint  imposed  by  the  multiphase  microstructure.  Alternatively,  for  the  situation 
depicted  in  Fig.  3b  rapid  solidification  can  be  applied  to  extend  the  primary  phase  solubility 
which  then  allows  for  a  high  volume  fraction  of  a  dispersed  phase  to  be  developed  during 
decomposition  of  the  supersaturated  solution.  This  is  illustrated  in  Fig.  4b  for  a  Nb-Cr  alloy 
where  the  initial  supersaturated  bcc  phase  decomposed  to  a  fine  scale  uniform  two-phase  bcc 
and  NbCr2  Laves  phase  microstructure  (23). 

Lattice  Pefects 

Many  of  the  most  important  and  useful  structural  properties  of  alloys  are  determined  by 
the  crystal  defect  structure.  In  addition  to  defects  such  as  dislocations  and  twins  that  control 
the  deformation  behavior,  the  departure  from  perfect  order  (i.e.  0  <  q  <  1)  is  important  in  phase 
stability.  The  departure  from  perfect  order  can  be  accommodated  by  antiphase  boundaries  and 
also  by  constitutional  defects.  The  role  of  constitutional  defects  has  been  examined  extensively 
in  the  B2  structure  where  alloys  such  as  NiAl,  FeAl  and  CoAl  have  been  shown  to  be  quite 
sensitive  to  vacancy  and  antisite  substitution  defects  (24).  At  the  same  time  it  is  somewhat 
surprising  that  relatively  little  has  been  reported  on  other  intermetallic  phases  and  atomic 
defects.  For  example  in  the  Laves  phases  which  are  the  most  populous  class  of  intermetallic 
phases,  the  composition  dependence  of  the  lattice  parameter  for  NbCr2  shown  in  Fig.  5 
suggests  that  a  simple  anti-structure  substitution  mechanism  of  Nb  and  Cr  atoms  on  opposite 
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sites  does  not  operate  (25).  In  fact  the  substitution  of  the  larger  Nb  atoms  on  Cr  sites  should  be 
more  difficult  in  the  geometrically  restrictive  CIS  lattice  as  compared  to  the  substitution  of  the 
smaller  Cr  atoms  on  Nb  sites.  There  is  clearly  much  that  remains  to  resolve  in  understanding 
the  alloying  and  stability  behavior  within  even  single  phase  intermetallic  structures. 

Hierarchal  Structures 

It  is  apparent  that  there  is  a  rich  variety  of  transformation  structures  possible  during  the 
decomposition  of  ordered  intermetallic  phases,  but  there  are  also  some  constraints  imposed  by 
the  crystallographic  nature  of  the  structures  that  can  be  applied  to  identify  likely  pathways  or  to 
eliminate  others  i.e.,  define  a  transformation  hierarchy.  The  crystallographic  symmetries  of  the 
precipitate  phase  and  the  matrix  surrounding  phase  can  provide  basic  information  about  the 
various  allowed  orientations  and  precipitate  morphologies.  With  this  approach,  possible 
transformations  between  phases  that  can  occur  without  long  range  diffusion  or  change  of 
composition  can  be  considered  as  displacive  or  chemical  based  transformations  with  a  path  that 
can  be  analyzed  using  a  set  group/super  group  symmetiy  relations  (26).  Transitions  involving 
homogeneous  deformations,  shuffle  transitions  and  chemical  ordering  can  also  be  treated  with 
this  analysis.  The  approach  will  also  suggest  intermediate  phases  involved  in  the  sequence  of 
transformations  that  are  likely  to  be  metastable  forms.  The  symmetry  concepts  a  ■;  quite  general 
and  can  be  illustrated  by  considering  the  possible  modes  of  structural  tranntions  developed 
during  cooling  of  an  ordered  B2  intermetallic  phase  in  the  Ti-Al-Nb  system. 

In  the  Ti-Al-Nb  system  two  ternary  phases  the  O(orthorhombic)  and  omega-type  structure  have 
been  identified  to  develop  from  a  high  temperature  cubic  B2  phase  as  a  result  of  displacive  and 
chemical  ordering  during  cooling.  The  transitions  for  these  two-phases  are  represented  by  two 
fundamentally  different  modes.  For  the  omega  type  phase  as  shown  in  Fig.  6  a  collapse  of  the 
(1 1 1)  planes  in  (he  [111]  direction  a  (1 1 1)  [1 1 1]  type  displacement  wave  is  associated  with  the 
structural  transformation  sequence  (27,28):  B2  — >  ft'  — >  ft"  -»B82 

In  the  first  stage,  the  partial  collapse  of  (1 1 1)  planes  of  the  B2  phase  (Fig.  6b)  yields  an  ft' 
structure  which  undergoes  a  reordering  to  the  site  occupancies  of  the  B2  phase  to  yield  a 
slightly  modified  ft"  structure  which  has  the  same  basic  structure  as  ft’.  Subsequently,  the  B82 
structure  (Fig.  6d)  forms  by  an  additional  reordering  that  is  the  1 A  and  IB  site  occupancies 
which  are  different  in  ft"  become  identical  in  the  B82  structure.  A  similar  analysis  can  be 
developed  for  the  B2  ->  0  pathway  (27). 

Ti-Al-Nb  System 

There  have  been  several  studies  (27-3 1)  of  some  of  the  phase  relationships  in  <X2  alloys  with  Nb 
additions  which  have  revealed  that  at  least  two  ternary  phases,  a  B2  phase  with  a  CsCl  structure 
and  an  O  phase  with  an  orthorhombic  structure,  are  present  in  this  system.  The  B2  phase  field 
may  be  quite  extensive  at  high  temperature,  and  yield  alloys  which  exhibit  a  variety  of 
decomposition  products  upon  cooling  including  B82  and  omega  phases.  An  examination  of  the 
high  temperature  phase  equilibria  in  the  Ti-Al-Nb  system  has  allowed  for  the  determination  of 
the  1200°C  isothermal  section  (Figure  7).  Some  of  the  refinements  of  the  previous  preliminary 
diagram  [32]  are  the  extension  of  the  bcc  phase  field  over  a  large  composition  range,  the 
clarification  of  the  ternary  (T2)  phase  region,  and  the  smoothing  of  the  composition  variation  of 
the  y  /  y  +ct  boundary. 


Hie  importance  of  the  knowledge  of  an  alloy's  phase  stability  can  be  illustrated  by  considering 
the  phase  equilibria  of  alloys  in  the  vicinity  of  the  composition  Ti-37Al-10Nb.  At  1200°C  under 
the  equilibrium  conditions,  these  alloys  consist  of  two  phases,  a*  and  B2  (figure  8a).  However, 
on  cooling  these  alloys  undergo  a  series  of  reactions  down  to  about  1 185C.  During  this 
cooling  the  a  phase  is  transformed  to  the  a-2  phase;  a  region  of  the  a  phase  field  stabilizes  in  the 
vicinity  of  T^A^Nb  and  separates  from  the  remaining  a  phase  field  [33].  As  these 
transformations  are  occurring,  the  a  and  a-2  phase  fields  are  undergoing  compositional  shifts  to 
low  aluminum  concentration.  The  shift  in  composition  of  the  012  phase  field  produces  a 
dramatic  alteration  of  the  phase  equilibria  for  this  region  of  the  ternary  system  in  a  temperature 
range  of  only  about  S0°C.  This  change  in  the  phase  equilibria  upon  cooling  produces  a  change 
of  almost  90°  in  the  orientation  of  the  tie-lines  (figure  8b);  the  a+(i  two-phase  field  which  is 
stable  at  1200°C  transforms  into  the  <*2+7  two-phase  field  below  1 185°C. 

Furthermore,  a  systematic  study  utilizing  thermal  analysis  and  then  coupling  the  results  with  a 
variety  of  heat  treatments  has  allowed  for  the  determination  of  the  boundaries  of  the  stable 
phase  regions  over  a  range  of  temperature.  Such  an  analysis  may  allow  for  the  establishment  of 
processing  schedules  which  can  be  used  to  avoid  unwanted  low  temperature  phases  or 
reactions.  Subsequent  heat  treatment  can  be  used  to  dissolve  the  low  temperature  precipitates; 
however  a  complete  removal  may  become  a  rather  difficult  and  time  consuming  task.  It  is 
prudent  to  avoid  such  problems  in  the  first  place  if  at  all  possible.  In  addition  to  establishing 
processing  schedules,  knowledge  of  the  phase  equilibria  may  allow  for  the  retention  of  the 
desired  phase  mixture  through  the  appropriate  addition  of  alloying  elements. 


Frequently,  intermetallic  phases  are  not  considered  as  monolithic  forms,  but  rather  as 
constituents  of  a  multi-phase  alloy  formed  by  in-situ  processing  reactions  or  as  a  constituent  in  a 
composite  design  produced  through  external  processing  (34).  In  the  development  of  these  alloy 
designs,  often  two  basically  dissimilar  materials  or  phases  with  different  mechanical  and  physical 
properties  are  combined  to  arrive  at  a  final  product  with  properties  that  are  potentially  superior 
to  those  of  the  individual  constituent  phases.  The  resultant  alloy  microstructure  is  often  a 
complex  multi-phase  configuration.  It  is  becoming  increasingly  clear  that  the  performance  of 
such  designs  and  the  elevated  temperature  stability  are  dominated  by  the  characteristics  of  the 
internal  interphases  and  the  diftusional  interactions.  Among  the  most  fundamental  data  needed 
to  analyze  these  interactions  are  the  relevant  phase  diagrams  of  stable  and  metastable  conditions 
which  are  often  at  least  of  ternary  order.  From  an  analysis  of  phase  equilibria  it  is  possible  to 
select  combinations  of  phases  which  offer  desirable  properties  in  terms  of  phase  interaction  and 
high  temperature  thermal  stability.  In  addition  to  phase  diagram  data,  kinetic  data  such  as  the 
interdiftusion  path  and  rates  are  required  in  order  to  understand  and  control  the  possible 
interactions  at  the  interphases  in  multiphase  systems. 

The  basic  thermodynamic  stability  in  a  multiphase  system  can  be  evaluated  following  standard 
thermodynamic  analysis  involving  the  reaction  of  various  two-phase  and  three-phase  mixtures. 
This  approach  however,  does  not  yield  the  reaction  sequence  between  phases  in  a  multiphase 
system.  For  example,  as  shown  in  Fig.  9  for  a  ternary  system  containing  three  intermediate 
phases  a,  3,  and  y  for  an  initial  pairing  of  the  phase  mixture  of  y  and  B,  there  are  four  possible 
pairings  of  reaction  products,  all  of  which  represent  stable  pairings  of  the  two-phase  mixtures, 
but  evolve  through  different  phase  sequencing  pathways.  In  order  to  assess  which  of  these 
pathways  is  selected,  it  is  important  to  determine  the  interdiftusion  path  and  reaction  kinetics 
associated  with  the  reduction  in  system  free  energy  during  reaction. 


In  order  to  illustrate  some  of  the  interdiffusion  reaction  kinetics  features  it  is  useful  to  consider 
the  design  of  a  intermetallic  alloy  phase  in  contact  with  a  more  ductile  pure  component  which 
has  been  proposed  as  a  toughening  mechanism  for  a  y-TLAi  intermetallic  phase  (35).  A  diffusion 
couple  between  pure  Nb  in  contact  with  y-TiAl  was  examined  after  an  anneal  of  five  days  at 
1200°C  to  yield  the  diffusion  path  illustrated  in  Fig.  10a.  It  is  clear  that  Nb  is  not  stable  in 
contact  with  y-TiAl  and  yields  multiple-intermediate  phase  reaction  layers  as  the  result  of  the  S- 
shaped  diffusion  path.  The  pathway  trajectory  immediately  indicates  that  A1  is  the  fastest 
diffusion  species  of  feeding  into  Nb  in  order  to  develop  the  6  and  a  phases  and  then  crossing  the 
line  connecting  the  in  points  of  the  diffusion  couple  (i.e.  the  mass  conservation  condition)  to 
form  a  ternary  phase  which  has  beat  identified  to  have  a  B2  structure  and  a  phase  before 
returning  to  the  y-TiAl  composition.  The  application  of  this  design  did  succeed  in  increasing  the 
toughness  by  yielding  intermediate  layers  of  the  5  and  a  phase  which  provided  for  weakly 
bonded  interfaces  Building  on  this  initial  result,  an  alternate  second  phase  dispersion  design 
was  examined  by  modifying  the  ductile  phase  composition  through  the  addition  of  Ti.  Again, 
diffusion  couples  between  Ti-Nb  alloys  and  y-TiAl  reveal  the  tendency  of  A1  to  be  the  fastest 
diffusing  component  producing  an  S-shaped  diffusion  pathway  as  indicated  in  Fig.  10b.  In  this 
case,  the  brittle  intermediate  reaction  layers  were  avoided  and  strongly  bonded  interface  was 
obtained.  As  result  of  the  modified  design  further  enhancements  of  toughening  have  been 
reported  to  remarkably  high  values  (36).  This  illustration  shows  that  even  a  rudimentary 
knowledge  of  the  diffusion  path  can  be  used  in  a  constructive  design  of  second  phase 
compositions  and  structures  to  promote  a  desired  reaction  sequence  and  interfacial  bonding 
arrangement. 


In  meeting  the  challenge  to  develop  high  temperature  structural  alloys  with  the  required  balance 
of  mechanical  properties  and  environmental  resistance  for  engineering  applications,  alloy 
chemistries  often  evolve  towards  seemingly  complex  multicomponent  arrangements.  While  it  is 
usually  not  possible  for  the  pace  of  a  systematic  phase  equilibria  determination  to  match  the 
pace  of  alloy  development  efforts,  the  refinement  and  qualification  of  attractive  alloy 
compositions  in  terms  of  the  optimization  of  a  desired  microstructure  configuration  through 
annealing  treatments  or  the  long  term  structural  stability  at  high  temperature  do  require  a  phase 
equilibria  database.  Moreover,  in  the  evaluation  of  multicomponent  alloying  selection  strategies 
for  a  given  intermetallic  phase,  it  is  often  valuable  to  apply  the  guidance  offered  by  the  behavior 
of  various  alloying  additions  on  the  development  of  liquidus  surfaces,  solid  solution  solubility, 
intermediate  phase  reactions,  and  the  stabilization  of  other  phases.  In  this  way  the  evolution  of 
alloy  chemistry  can  follow  a  more  deliberate  planned  strategy. 

Clearly,  the  processing  of  the  advanced  intermetallics,  such  as  the  titanium  aluminides,  requires 
a  knowledge  base  with  a  foundation  in  phase  equilibria,  diffusion,  and  transformation  kinetics;  it 
can  only  be  as  effective  as  the  depth  of  the  knowledge  base.  The  resources  invested  in  acquiring 
this  base  do  not  slow  down  the  real  progress  in  alloy  design  but  expedite  it  and  expose  new 
opportunities  for  processing. 
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Abstract 

Currently  unresolved  problems  and  critical  issues  in  computational  research  on  mechanical 
behavior  of  ordered  interme tallies  are  assessed  by  reviewing  the  recent  progress  in  the  areas 
of  first-principles  quantum  mechanical  calculations,  semi-empirical  atomistic  simulations, 
dislocation  micromechanics  and  continuum  mechanics.  Significant  improvements  in 
theoretical  and  computational  techniques  have  made  the  interpretive/predictive  capability  of 
computational  materials  science  possible,  especially  die  unique  characteristics  of  strength 
and  toughness  in  ordered  interme tailic  compounds.  Future  research  areas  of  major 
importance  in  high-temperature  structural  materials  are  discussed. 
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Introduction 


The  mechanical  properties  of  structural  materials  are  known  to  be  strongly  influenced  by  the 
type  of  lattice  defects  present  In  turn,  the  structure  and  properties  of  these  defects  are 
determined  by  the  nature  of  atomic  bonding.  For  this  reason  it  is  through  the  detailed  study 
of  the  fundamental  quantities  at  an  atomic-level  that  the  connection  between  atomistic  and 
macroscopic  properties  can  be  made.  Therefore,  the  so-called  computational  materials 
science  fits'  structural  materials  may  be  divided  into  the  following  aspects:  (a)  first- 
principles  quantum  mechanical  calculations,  (b)  semi-empirical  atomistic  simulations,  (c) 
micromechanical  modeling,  and  (d)  macroscopic  continuum  modeling.  Fes  example,  some 
notable  specific  activities  in  these  areas  have  been:  (a)  all-electron  total  energy  calculations 
of  bulk  and  defect  properties  based  on  the  local  density  functional  (LDF)  theory,  (b) 
simulation  studies  of  dislocation  cores  and  grain  boundaries  using  the  embedded  atom 
method  (EAM),  (c)  development  of  dislocation  mechanisms  for  yield  behavior  using 
anisotropic  elasticity  theory,  and  (d)  formulations  of  constitutive  law  and  fracture  toughness 
using  continuum  mechanics.  While  the  interconnection  is  generally  tenuous,  due  to  the 
complexities  introduced  at  intervening  levels,  there  are  cases  where  this  link  is  at  least 
qualitatively  clear.  For  instance,  one  of  the  significant  advances  in  intermetallics  research, 
during  the  past  five  years,  has  been  in  the  interpretive/predictive  capability  of  computational 
materials  science  for  intrinsic  mechanical  behavior  of  high-temperature  ordered 
intermctallic  alloys,  e.g.,  see  recent  workshop  reports  (1-3). 

It  has  been  established  that  knowledge  of  the  fundamental  electronic  structure  and  related 
properties  is  important  for  understanding  the  intrinsic  and  extrinsic  factors  that  govern  the 
mechanical  behavior  of  ordered  iruerme  tallies.  A  comprehensive  understanding  of  the 
bonding  mechanism,  point  defect  structure,  yield  strength  anomaly,  and  brittle  fracture 
behavior  forms  the  basis  for  a  better  assessment  of  extrinsic  effects  on  the  strength  and 
ductility  of  ordered  intermetallics  (e.g.,  B  in  N&Al  and  H  in  FeAl),  and  provides  a 
foundation  for  future  alloy  design  strategies. 

The  purpose  of  this  paper  is  to  summarize  unresolved  problems  and  critical  issues  in 
computational  research  on  mechanical  behavior  of  ordered  intermetallics  and  to  discuss  the 
knowledge  base  for  potential  answers  to  these  problems.  Future  research  areas  of  major 
importance  in  mechanical  behavior  of  structural  materials  are  also  discussed. 


Bonding  Characteristics  and  Bulk  Properties 


Bonding  Charge  Density 

When  an  intermetallic  compound  (A3B)  of  the  fee  based  Ll2  structure  is  stable  up  to  its 
melting  point  (e.g.,  Ni3Al),  the  strong  chemical  ordering  stems  from  the  strong  bonding 
between  the  dissimilar  atoms  (i.e„  A-B  bond).  Such  bonding  behavior  is  best  described  by 
use  of  die  so-called  bonding  charge  density  plot  (Fig.  1).  The  bonding  charge  density  is  the 
response  of  the  electron  distribution,  as  referred  to  the  atomic  charge  density,  in  the 
presence  of  the  crystal  field  (4).  The  solid  (dashed)  lines  in  Fig.  1  denote  contours  of 
increased  (decreased)  electronic  density  as  atoms  are  brought  together  to  form  a  crystal.  We 
find  a  depletion  of  electron  density  at  the  A1  sites  accompanied  by  a  significant  build-up  of 
the  directional  d-bonding  charge  along  the  nearest  neighbor  Ni-Al  direction.  It  is  this 
directional  d-bonding  that  gives  rise  to  the  strength  of  transition-metal  aluminides.  Thus, 
the  bonding  mechanisms  of  Ni3Al  can  be  best  described  by  the  combination  of  charge 
transfer  and  strong  p  (Al)-d(Ni)  hybridization  effects.  A  realistic  interatomic  potential  used 
for  atomistic  simulation  studies  should  properly  take  these  effects  into  account  This  issue 
will  be  discussed  further  in  die  following  sections. 
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Figure  1  -  The  charge  density  difference  between  NijAI  and  the  superposition  of  neutral  Ni 
and  A1  charge  densities  on  the  (1 1 1)  plane  [in  units  of  10-3  e/(a.u.)3]. 


Elastic  Constants 

The  single  crystal  elastic  constants  provide  not  only  basic  information  on  the  nature  of 
bonding  forces  in  ordered  intermetallics,  but  also  the  physical  base  for  unusual  mechanical 
behavior  observed  in  some  intermetallics.  For  example,  in  Ll2-type  intermetallics,  die 
elastic  shear  anisotropy,  A  =  2C44/(Cn-Ci2).  is  largely  responsible  for  the  anomalous 
(positive)  temperature  dependence  of  the  yield  stress  (5). 

First-principles  total-energy  calculations  of  the  ground  state  elastic  constants  in  intermetallic 
compounds  were  first  performed  by  Fu  and  Yoo  (6).  The  calculated  values  of  the  elastic 
constants  of  Ll2  alloys  are  listed  in  Table  I.  In  the  case  of  Ni3Al,  as  was  shown  earlier  in 
Fig.  5  of  Ref.  (7),  the  extrapolated  values  of  experimental  data  are  in  good  agreement  with 
the  calculated  values.  No  experimental  data  are  available  for  the  remaining  rive  alloys  listed 
in  Table  I.  As  far  as  the  calculated  A  values  are  concerned,  the  yield  strength  anomaly  is 
likely  for  Ni3Al  and  Ni3Ti  (L12),  but  not  for  Pt3Al,  AI3H  (Ll2),  AI3SC,  and  Ni3Si.  The 
tnuisition-metal  trialuminides,  AI3T1  (LI2)  and  AI3SC,  show  negative  Cauchy  pressures 
(C12-C44)  <  0  which  indicates  that  angular  character  to  the  atomic  bonding  is  important  in 
these  intermetallics  (8). 
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Table  I.  Calculated  lattice  parameters  and  elastic  constants  of  LI  2  alloys  at  0  K.  B  and  G  are 
bulk  and  shear  moduli,  and  A  and  v  are  Zener's  shear  anisotropy  factor  and  Poisson's  ratio 


Alloy 

a 

(nm) 

C11 

(1011  N/m2) 

C12  C44  B 

G 

A 

V 

NijAl 

0.349 

2.35 

1.45 

1.32 

1.75 

0.88 

2.93 

0.38 

Pt3Al 

0.385 

4.36 

2.20 

1.40 

2.92 

1.26 

1.30 

0.34 

Al3Tit 

0.392 

1.77 

0.77 

0.85 

1.10 

0.69 

1.70 

0.30 

A13Sc 

0.404 

1.89 

0.43 

0.66 

0.92 

0.69 

0.90 

0.19 

Ni3Si 

0.346 

3.75 

2.00 

1.67 

2.60 

1.34 

1.91 

0.28 

Ni3Tit 

0.357 

2.93 

1.93 

1.28 

2.26 

0.97 

2.56 

0.31 

^Hypothetical  LI2  structure. 


The  six  independent  elastic  constants  of  TiAl  and  TiAl3  of  the  tetragonal  Llo  and  DO22 
structures  were  calculated  [9,10],  and  they  are  listed  in  Table  II.  A  notable  difference 
between  C44  and  C66  values  of  TiAl  indicate  the  anisotropic  character  of  atomic  bonding 
between  the  (001)  TiAl  interlayer  plane  and  the  (010)  Ti-Al  mixed  plane  with  respect  to  the 
[100]  shear  direction.  The  calculated  values  of  shear  and  bulk  moduli  (Hill’s  average)  are  in 
excellent  agreement  with  the  experimental  data  at  room  temperature  (11,  12).  No 
experimental  measurements  of  the  elastic  constants  of  TiAl  have  been  reported  yet. 


Table  II.  Calculated  elastic  constants  of  tetragonal  TiAl  and  TiAl3  alloys 
of  the  Lip  and  DO22  structures  at  0  K 


(1011  N/m2) 

Alloy  _ 


Cn 

c12 

c13 

C33 

C44 

C66 

B 

G 

TiAl 

1.90 

1.05 

0.90 

1.85 

1.20 

0.50 

1.25 

0.70 

TtAl3 

2.02 

0.88 

0.60 

2.43 

1.00 

1.45 

1.18 

0.99 

Strengthening  Mechanisms 


Yield  Strength  Anomaly 

Although  a  large  number  of  papers  on  modeling  the  yield  strength  anomaly  in  the  Ll2 
structure  have  appeared  recently,  e.g„  in  the  recent  conference  proceedings  (12,  13),  the 
intrinsic  physical  source  or  the  driving  force  for  the  positive  temperature  dependence  of 
yield  stress  is  not  fully  known.  Any  theory  of  the  yield  strength  anomaly  must  explain  not 
only  the  behavior  of  Ni3Al,  but  also  the  absence  of  it  in  other  systems  such  as  in  Pt3Al 
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[6,  14],  In  addition,  a  comparative  analysis  of  the  anomalous  yield  behavior  between  N13AI 
and  Ni3Si  may  enable  us  to  shed  light  on  this  critical  issue. 


First-principles  total-energy  calculations  of  shear  (extended)  fault  energies,  such  as 
antiphase  boundary  (APB),  superlattice  intrinsic  or  extrinsic  stacking  fault  (SISF  or  SESF), 
and  complex  stacking  fault  (CSF)  energies,  were  performed  using  a  super  cell  approach  (7, 
9, 10,  15).  Table  III  shows  the  calculated  results  for  Ni3Al  and  Ni3Si  (16).  According  to 
the  cross-slip-pinning  model  (5,  17),  the  energetic  criterion  for  the  thermally  activated 
process  of  forming  pinning  centers  along  the  tending  superpartial  is  that  the  interaction 
torque  and  the  APB  energy  anisotropy  must  be  sufficiently  iarge  to  have 


where  Yi  and  Yo  are  the  APB  energies  on  (Ill)  and  (100)  planes.  According  to  the 
calculated  results  listed  in  Tables  I  and  m,  this  criterion  is  satisfied  for  Ni3Al,  but  not  for 
Ni3Si.  Accordingly,  a  critical  issue  is  to  resolve  the  apparent  contradiction  between  the 
theoretical  prediction  on  stoichiometric  Ni3Si  (15)  and  the  experimental  data  on 
hypostoichiometric  Ni3Si  (18). 

The  premise  of  micromechanical  analyses  for  the  CSP  model  (17)  was  the  glissile-sessile 
transformation  of  <101>  superdisiocations  in  the  Ll2  structure  predicted  on  the  basis  of  the 
atomistic  calculations  by  Yamaguchi  ct  al.  (19)  who  used  a  central  force  model.  The 
subsequent  atomistic  simulation  studies  by  Yoo  et  al.  (20)  and  Farkas  and  Savino  (21),  using 
the  EAM  potentials  formulated  for  Ni3Al  by  Foiles  and  Daw  (22)  and  Voter  et  al.  (23), 
respectively,  confirmed  the  main  conclusion  of  the  central  force  model  (19).  That  is,  the 
stable  equilibrium  configurations  of  a  superpartial  dislocation  core  are  a  (111)  planar 
splitting  on  the  (1 1 1)  APB  plane  and  a  (1 1 1)  or  (1 1 1)  nonplanar  splitting  on  the  (010)  APB 
plane. 


Table  HI.  Calculated  shear  fault  energies  of  LI2  alloys  at  0  K  (in  units  of  mJ/m2) 


Alloy 

APB 

(100) 

dll) 

SISF 

CSF 

NijAl 

140 

175 

40 

225 

Ni3Al^> 

28 

156 

96 

259 

Ni3AlW 

33 

142 

13 

121 

Ni3Si 

707 

625 

460 

710 

Ni3Ti 

-160 

550 

(unstable) 

Ni3(Si,Ti)W 

360 

OOEAM  by  Foiles  and  Daw  (22). 

IWEAM  by  Voter  and  Chen  (23). 

^Assume  every  other  Si  site  is  replaced  by  Ti. 


However,  care  should  be  exercised  in  using  the  EAM  potentials,  since  the  EAM-1  potentials 
(22)  give  too  low  a  (100)  APB  energy  and  the  EAM-2  potentials  (23)  predict  a  CSF  energy 
lower  than  the  (111)  APB  energy  (c.f..  Table  III).  The  recent  weak-beam  transmission 
electron  microscopy  (TEM)  investigation  of  Ni7gAl24  reports  the  (111)  APB  and  CSF 
energies  of  180  and  206  mj/m2  (24)>  respectively,  which  are  in  good  agreement  wiC  the 
results  of  first-principles  calculations  (Table  ni).  Although  these  semi-empirical  atomistic 
methods  (e.g.,  the  EAM)  are  still  the  current  choice  for  large  scale  simulations,  such  as 
dislocation  cores  and  crack  tips,  more  thorough  and  careful  construction  of  the  "interatomic" 
potentials  including  the  angular  dependence  of  many  body  interactions  should  be  developed 
(see  Refs.  25  and  26). 


Defect  Hardening 

In  strongly  ordered  LI2,  B2  and  LIq  alloys  (e.g.,  Ni^Al,  N^Ga,  NiAl,  CoAl,  and  TLA1),  the 
yield  strength  is  known  to  increase  as  their  compositions  deviate  from  exact  stoichiometry. 
First-principles  total-energy  calculations  of  the  self  (internal)  energies  of  isolated  single 
defects  (antisite  defects  and  constitutional  vacancies)  have  been  performed  for  NiAl,  from 
which  the  temperature  and  composition  dependencies  of  their  equilibrium  concentrations 
were  determined  by  minimizing  the  grand  potential  (16).  The  calculated  results  of  NiAl  at 
1300  K  are  shown  in  Fig.  2.  Of  the  four  possible  point  defects  (two  types  of  vacancies  and 
two  types  of  antisite  defects),  the  calculations  revealed  that  the  concentration  of  vacancies 
on  the  A1  sublattices  was  negligibly  small  and  independent  of  the  A1  level.  In  addition  to 
the  substitutional  antisite  defects  on  A1  sites,  the  vacancy  concentration  on  the  Ni 
sublattices,  is  about  10-5  for  the  Ni-rich  side.  On  the  Al-rich  side,  the  major  point  defects 
are  vacancies  at  the  Ni  sublattices  and  there  is  a  two-orders  of  magnitude  difference  between 
the  vacancy  and  antisite  defect  concentrations. 


Figure  2  -  The  dependence  of  point  defect  configuration  of  NiAl  on  the  aluminum 
concentration  at  1300  K. 
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The  atomic  relaxation  around  a  vacancy  at  the  Ni  sublattice  on  the  Al-rich  side  is 
substantially  larger  than  that  associated  with  an  antisite  (Ni  — »  Al)  defect  on  the  Ni-rich 
side.  Thus,  the  experimental  data  on  off-stoichiometric  increase  in  microhardness  (with  a 
steeper  composition  dependence  on  the  Al-rich  side)  compiled  by  Noebe  et  al.  (27)  are 
consistent  with  the  point  defect  type  and  concentrations  predicted  by  the  first-principles 
calculations  (16). 


Solid  Solution  Hardening 

In  order  to  describe  quantitatively  the  intrinsic  strengthening  mechanisms  for  the  anomalous 
yield  strength  and  defect  hardening,  it  is  essential  to  develop  the  capability  of  three- 
dimensional  (3-D)  atomistic  simulations  for  the  thermally  activated  dislocation 
configurations,  such  as  cross-slip  and  climb  of  extended  dislocations.  The  collective 
behavior  of  pinning  segments  along  the  superdislocations  in  the  Llo  structure  has  been 
treated  recently  (28).  However,  the  problem  of  choosing  appropriate  boundary  conditions 
for  atomistically  simulating  kinks  and  jogs  on  dislocations  remains  largely  an  unsolved 
problem.  Accordingly,  solid  solution  hardening  mechanisms  in  ordered  alloys  can  be 
treated  only  qualitatively  (29).  Effects  of  solutes  and  impurities  on  the  energetics  of  a 
system,  such  as  the  preferred  interstitial  absorption  of  boron  in  Ni3Al  (4),  the  effect  of  Ti 
additions  on  the  APB  energies  of  Ni3Si  (IS),  and  the  surface  energy  reduction  in  FcAl 
caused  by  H  (30),  can  be  evaluated  using  the  superiattice  geometries.  But,  the  effects  of 
dilute  (disordered)  ternary  additions  are  prohibitively  difficult  to  model.  Some  progress  has 
been  made  recently  to  calculate  the  effect  of  dilute  alloying  additions  (or  off-stoichiometry) 
on  the  shear  fault  energies  of  N13AI  and  TiAl  using  an  EAM  simulation  technique  (29)  and  a 
quantum  mechanical  calculation  based  on  coherent  potential  approximations  (31). 


Toughening  Mechanisms 


Cleavage  Strength 

The  ideal  cleavage  (Griffith)  energy,  defined  as  the  total  surface  energy  of  two  cleaved 
surface  planes  (Gc  =  2yg)  can  be  determined  from  first-principles  calculations  by  modeling 
of  the  surface  by  a  single  (free  standing)  slab  or  by  a  repeated  supercell  geometry  (10).  The 
Griffith  strength,  kio,  defined  as  Irwin’s  stress-intensity  factor  for  a  Mode  I  crack  is 
determined  from  the  calculated  Gc  and  elastic  constants.  The  calculated  results  of  Gc  and 
kiG  for  cubic  (Ll2  and  B2)  and  tetragonal  (Llo)  transition-metal  aluminides  were  given 
earlier  (32).  Table  IV  lists  the  calculated  results  for  (111)  and  (100)  cleavage  planes  in 
Ni3Al  and  Ni3Si.  The  ideal  cleavage  energy  and  strength  of  N13S1  are  predicted  to  be 
higher  than  those  of  Ni3Al. 

It  is  generally  recognized  that  the  critical  factor  of  dislocation  behavior  controlling  die 
brittle-ductile  transition  (BDT)  phenomena  is  the  nucleation  or  emission  of  dislocations  in 
metals  and  alloys,  and  the  dislocation  mobility  in  semiconductors  and  ceramics  (33).  In  the 
case  of  ordered  intermetallics,  the  critical  factors)  must  depend  closely  cm  the  intermetallic 
bonding  characteristics  of  a  given  compound,  in  particular,  whether  its  bonding  behavior  is 
more  metallic  or  covalent.  Therefore,  the  dislocation  emission  from  a  crack-tip  may  be 
important  in  Ni3Al,  and  probably  die  dislocation  mobility  in  Ni3Si,  for  promoting  crack-tip 
plasticity. 


Table  IV.  Calculated  ideal  cleavage  energies  (Gc)  and  Griffith  strength  (IqQ)  for  the 
Mode  I  crack  in  Ni3Al  and  Ni3Si 


(hkl) 

Gc 

(J/m2) 

[uvw] 

fclG 

(MPaml/2) 

Ni3Al 

111 

4.6 

no 

n2 

1.06 

1.09 

100 

5.8 

001 

1.11 

Oil 

1.17 

Ni3Si 

111 

5.1 

110 

112 

1.37 

1.38 

100 

7.2 

001 

1.56 

Oil 

1.59 

In  extending  the  Rice-Thomson  criteria  for  the  BDT  behavior.  Rice  has  recently  introduced 
a  modified  criterion  (34, 33),  for  an  edge  dislocation  parallel  to  the  Mode  I  crack  tip  line,  as 


G„  Ym 

q  gc  2r,f[e) ' 


(2) 


where  Yus,  called  "unstable  stacking  energy",  is  define)  as  the  maximum  energy 
encountered  in  the  rigid  body  shear  process  and  f(8)  =  cos2  (0)  sin  (0/2)  for  the  case  of 
elastic  isotropy.  Calculating  Yus  for  the  Shockley  partials  in  Ni3Al  from  the  EAM-1  (22), 
Sun  et  al.,  (34)  predicted  that  Ni3Al  is  more  brittle  than  Ni  in  both  (100)  and  (1 10)  Mode  I 
cracks.  According  to  Foiles  and  Daw  (22),  die  (100)  Griffith  energy  of  N^Al  is  Gc  =  3.5 
J/m2,  which  is  the  sum  of  1.6  and  1.9  J/m2  for  the  mixed  composition  and  the  pure  Ni 
planes,  respectively.  This  is  considerably  lower  than  die  value  of  Gc  -  5.8  J/m2  obtained  by 
the  first-principles  total-energy  calculation  (32).  In  addition,  the  anisotropic  correction  of 
f(0)  for  tne  1/6(1 12](1 11)  partial  slip  at  the  Mode-I  (001)[110]  crack  system  (34),  0  =  55’,  is 
from  0.36  to  0.30.  This  raises  the  value  of  Gj  by  a  factor  of  1.44,  hence  the  brittleness 
increases. 

The  mobility  of  dislocations  is  expected  to  be  strongly  anisotropic  owing  to  the  coupling 
between  the  normal  stress  components  and  the  shear  response  along  the  slip  plane.  Figure  3 
show  the  anisotropic  (linear  elastic)  coupling  effect  of  Of  and  Oq  on  the  elastic  shear  strain, 
which  gives  a  substantial  increase  (25%)  in  Erg  from  0.37  to  0.46  for  the  case  of 
1/6<112>{  111)  partial  dislocations.  Nonlinear  aspects  of  the  anisotropic  coupling  effect 
can  be  investigated  by  atomistic  simulation  studies  of  the  Peierls  stress  under  the 
generalized  applied  stress  state.  Therefore,  for  a  mechanistic  understanding  of  crack-tip 
processes,  a  combined  analysis  using  atomistic  simulations  and  dislocation  micromechanics 
is  essential.  In  this  regard,  a  challenging  problem  is  not  only  to  employ  realistic  interatomic 
potentials,  but  also  to  set  up  the  proper  boundary  conditions  at  the  interface  between  a 
discrete  atomic  region  and  the  continuum  around  a  crack  tip. 
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Rgurc  3  -  Elastic  shear  strain  field,  £0,  at  a  Mode-I  crack  tip  of  (001)[  1 10]  type  in  Ni3Al 
(in  units  of  1  /  V2  nr) 


The  foregoing  description  of  ideal  cleavage  and  crack-tip  plasticity  can  be  extended  to  the 
cases  of  intergranular  fracture  and  heterophase  interfacial  fracture.  According  to  atomistic 
simulation  studies  using  the  EAM,  both  at  ground  state  (36)  and  at  elevated  temperatures  by 
an  equilibrium  Monte  Carlo  technique  (37),  the  cohesive  energies  of  grain  boundaries  (GBs) 
of  £  =  13  twist  and  tilt  and  £  =  15  tilt  types  are  comparable  for  ductile  Ni  and  ‘brittle’ 
Ni3Al.  These  results  suggest  that  the  'intrinsic  brittleness’  of  polycrystalline  Ni3Al  must  be 
related  not  only  to  cohesive  strength,  but  also  to  other  factors  such  as  the  efficiency  of 
inhomogeneous  plastic  deformation  at/near  GBs.  On  the  other  hand,  the  recent  comparative 
analysis  of  Ni3Al  and  Q13AU  for  a  £  =  29  symmetric  tilt  boundary  by  Yan  et  al.  (38),  using 
N-body  potential  of  Finnis-Sinclair  type  (39),  indicated  that  the  formation  of  columnar 
"cavities"  along  the  boundary  in  Ni3Al  was  related  to  its  high  ordering  energy.  If 
segregation  of  one  of  the  alloy  components  occurs,  the  boundaries  will  disorder 
composidonally  and  a  situation  analogous  to  that  found  in  weakly  ordered  alloys  (e.g. 
Cu3Au)  will  ensue.  However,  this,  was  not  found  in  Ni3Al  (38)  and  thus  it  suggests 
intrinsically  brittle  GBs.  In  view  of  the  discrepancies  in  the  shear  fault  and  surface  energies 
of  Ni3Al  between  semi-empirical  atomistic  simulation  and  ab-intio  total  energy  methods, 
however,  all  of  the  simulation  results  should  be  interpreted  only  qualitatively  as  comparative 
analyses. 
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By  use  of  first-principles  total  energy  method,  free  surface  energies  of  the  low  index  planes 
have  been  determined  for  many  transition-metal  aluminides,  including  y-TiAl  (32),  but  no 
n  rain-boundary  or  heterophase  interfacial  energies  have  been  obtained  so  far.  In  the  case  of 
>e  coherent  (111)  twin  boundary  in  TiAl,  the  ideal  work  of  interfacial  separation,  Gi  =  2 y, 
■ft,,  is  obtained  to  be  4.44  J/m2  from  Gc  =  2y?  =  4.5  J/m2  (40)  and  %  =  60  mJ/m2  (9). 
This  result  indicates  that  in  polysynthetically  twinned  (41)  TiAl,  the  (1 1 1)  twin  interfacial 
mode  of  fracture  is  favored  over  the  (111)  cleavage  mode  only  slightly,  as  far  as  the  ideal 
work  of  fracture  is  concerned. 


Hydrogen  Embrittlement 

Only  recently,  when  a  moisture-induced  hydrogen  embrittlement  mechanism  was  identified 
in  FeAl,  was  it  realized  that  the  test  environment  was  a  major  cause  of  brittleness  (42).  The 
calculated  results  of  hydrogen  absorption  effects  on  the  (100)  cleavage  fracture  of  FeAl  (30) 
are  summarized  in  Table  V.  The  effect  of  hydrogen  absorption  is  a  decrease  in  the  cleavage 
energy,  Gc,  and  also  in  the  maximum  cohesive  strength.  Cm,  as  a  result  of  strong  electronic 
interaction  between  H  and  Fe  atoms.  No  formal  theory  exists  which  can  correctly  take  into 
account  the  crack-tip  plasticity  on  an  atomistic  level.  Nevertheless,  one  can  obtain  much 
insight  into  the  relationship  between  kiG  and  the  experimentally  measured  fracture 
toughness,  Kjc  by  considering  the  phenomenological  model  developed  by  Gerberich  et  al. 
(43), 


Kk  =  ^exp 


\aayJ 


(3) 


where  oy  is  the  yield  strength  (e.g.,  360  MPa  for  FeAl)  and  a  and  B  are  assumed  to  be 
material  independent  constants.  The  equation  has  been  used  widely  in  the  analysis  of 
fracture  toughness  and  hydrogen  embrittlement  of  Fe-base  alloys.  The  important 
implication  of  Eq.  (3)  is  that  the  macroscopic  thresholds  depend  sensitively  on  the  ideal 
cleavage  energies  through  an  exponentially  dependent  function.  For  instance,  a  decrease  in 
kiG  by  a  factor  of  2  lowers  KlC  by  a  factor  of  102.  Thus,  the  goal  of  alloy  design  is  to  find 
those  alloys  with  high  values  of  kiG  and  ways  of  trapping  hydrogen  so  as  to  minimize  the 
decrease  in  kiG-  The  possible  change  in  the  yield  strength  due  to  hydrogen-dislocation 
interaction  in  ordered  intermetallics  is  not  understood  and  remains  an  open  question. 


Table  V.  Calculated  cohesive  strength,  om,  and  ideal  cleavage 
energy,  Ge,  for  (100)  crack  in  FeAl 


(100) 

crack 


(GPa) 


Gc 

(J/m2) 


FeAl  35  6.5 

H  in  FeAl 
Low  cone. 

High  cone. 
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As  was  summarized  in  the  recent  workshop  reports  (1-3),  there  has  been  a  significant 
advance  collectively  in  all  aspects  of  computational  research  on  ordered  intermetallic 
compounds  in  the  past  five  years .  Though  limited  to  ground  state  properties,  most  of  the 
fundamental  bulk  and  defect  properties  relevant  to  mechanical  behavior  of  intermetallic 
compounds  can  be  determined  fay  performing  first-principles  total-energy  calculations  based 
on  the  LDF  theory.  This  predictive  capability  of  first-principles  computational  techniques 
can  make  significant  impacts  in  all  other  levels  of  computational  materials  science.  First, 
future  development  of  interatomic  potentials  can  be  made  to  be  consistent  with  the  result  of 
first-principles  calculations,  not  solely  with  the  available  experimental  data  as  have  been 
practiced  in  the  past.  Second,  in  certain  established  cases,  the  total  energy  calculations  can 
provide  direct  input  into  micromechanical  models,  e.g.,  the  defect  self-energies  into  the 
thermodynamic  calculations  of  defect  concentrations,  and  die  APB  energy  and  elastic  shear 
anisotropy  factors  into  the  dislocation  model  for  yield  strength  anomaly.  Third,  the  bulk  and 
defect  properties  calculated  for  as-yet  untested  intermetallic  compounds  (e.g.,  bonding 
characteristics,  specific  elastic  moduli,  defect  concentrations,  and  the  input  parameters  to 
Eqs.  1-3)  can  furnish  important  insights  to  alloy  designers  who  seek  new-generation 
materials  for  high-temperature  structural  applications. 

However,  disorder  and  temperature  effects  are  still  largely  unsolved  problems.  It  is  very 
difficult  to  handle  structures  and  properties  involving  a  large  number  (>50)  of  atoms  per  unit 
cell  using  first-principles  approach  (e.g.,  dislocation  core  structure,  grain  boundaries,  crack 
tips,  etc.).  As  the  validity  of  interatomic  potentials  is  improved  and  justified,  semi-empirical 
atomistic  methods  (e.g.,  the  EAM)  will  remain  the  current  choice  for  large  scale  simulations. 
In  such  studies,  however,  extreme  care  must  be  exercised  in  setting  the  initial  and  boundary 
conditions  to  be  in  compliance  with  the  displacement  field  given  by  the  continuum  theory. 

In  essence,  all  of  the  above  discussion  on  ordered  intermetallic  compounds  is  also  applicable 
for  the  ceramic  compounds.  Because  of  the  more  covalent  nature  of  interatomic  bonding  in 
ceramics,  as  compared  to  intermetallics,  the  choice  of  relevant  interatomic  potentials  would 
be,  in  general,  more  difficult  but  can  be  obtained  (e.g.,  tight-binding  approach).  As  for 
structural  composites,  first-principles  and  semi-empirical  atomistic  methods  together  could 
provide  the  necessary  basic  parameters  for  a  given  materials  design  strategy,  such  as  die 
difference  in  bulk  properties  (elastic  moduli  and  thermal  expansion  coefficients),  interfacial 
and  surface  energies,  and  diffusion  coefficients. 
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Abstract 

This  paper  considers  the  design  of  alloys  or  lntemetallic  compounds  from  the 
point  of  view  of  their  utilization  as  composite  matrices  in  combination  with 
currently  available  filaments.  Important  criteria  in  this  case  would  include 
both  thermochemical  and  thermomechanical  compatibility  with  available  rein¬ 
forcements,  environmental  resistance  or  amenability  to  being  protected  from  the 
envlronntent ,  and  adequate  levels  of  mechanical  properties  to  serve  effectively 
as  composite  matrices.  Satisfying  the  compatibility  and  environmental  resis¬ 
tance  criteria  can  lead  to  very  nontraditional  matrix  compositions  and  con¬ 
figurations,  some  of  which  may  possess  the  requisite  levels  of  mechanical  prop¬ 
erties.  Examples  resulting  from  a  systematic  analysis  of  compatibility  of 
various  materials  with  titanium-based  alloys  and  titanium-containing  inter- 
metallic  compounds  which  could  form  the  basis  for  composite  matrices  reinforced 
with  currently  available  filaments  are  discussed. 
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Introduction 


Our  purpose  Is  to  discuss  ’compatibility*  ss  s  driver  In  the  configuration  of 
aetsl  end  Interne talllc  matrix  composites  using  titanium  end  titanium  alualnlde 
matrices  ss  Model  systems.  Ve  have  arbitrarily  considered  only  commercially 
available  filaments,  SIC,  Al205  (sapphire),  B,  and  C,  as  potential  reinforce¬ 
ments  since  other,  More  developmental  fllaaents  are  not  likely  to  be  available 
soon.  With  the  constraints  of  matrix  composition  and  filament  composition 
three  ‘compatibilities*  then  become  of  Interest.  The  first  Is  the  chemical 
compatibility,  or  lack  of  It,  between  the  filament  and  matrix  which  may 
necessitate  the  use  of  one  or  more  Interlayers,  or  chemical  barriers,  between 
the  filament  and  matrix.  The  second  is  the  chemical  compatibility  between  the 
matrix  and  the  environment,  assumed  here  to  be  a  high  temperature,  oxidizing 
atmosphere.  This  may  necessitate  the  use  of  one  or  more  interlayers,  or 
chemical  reaction  barriers,  between  the  matrix  and  the  external  environment. 
Finally,  the  mechanical  compatibility  between  constituent  materials  combina¬ 
tions  which  satisfy  the  requirements  of  the  first  two  types  of  compatibility 
will  be  briefly  discussed. 

Filaaont/Mdtrlx  Chemical  Cpngatlblllty 

Chemical  reactions,  i.e.,  the  formation  of  discrete,  new  reaction  product 
phases,  between  the  filament  and  the  matrix  will  likely  result  in  a  degradation 
of  properties  of  both  phases  and  the  product  composites.  Considering  the 
starting  f ilament/matrix  combinations  being  discussed  here ,  Table  I ,  which  Is 
based  on  several  years  of  analytical  and  experimental  studies  (1-5),  shows  that 
only  one  starting  material  combination  is  thermochemically  stable ,  A1203/T1A1 , 
and  even  this  combination  becomes  reactive  at  temperatures  above  about  1300*C. 
Clearly,  for  these  starting  materials  combinations  to  be  used,  interlayers  must 
be  present  to  function  as  chemical  reaction  barriers.  But  what  defines  a 
suitable  reaction  barrier  and  what  must  be  its  dimensions  to  prevent  reaction 
for  the  required  length  of  time  at  the  desired  temperature?  Let  us  consider 
the  requirements. 

Several  questions  must  be  addressed  when  examining  filament/matrix  chemical 
interactions.  First,  does  the  filament /matrix  combination  as  it  stands  repre¬ 
sent  a  chemically  reactive  system?  Second,  what  interlayers  will  coexist,  in 
a  sequential  manner  if  there  is  more  than  one  Interlayer,  with  both  the  matrix 
and  the  filament?  Third,  do  these  interlayers  delay,  to  a  sufficient  exposure 
(time -temperature  integral),  f ilament/matrix  chemical  reactions?  The  first 


question  hoe  boon  addressed  through  the  observation  of  reaction  products 
described  in  Table  I.  The  second  and  third  questions  require  examination  of 
the  transport  rates  in  candidate  Interlayer  materials. 


Table  I  Filament/Matrix  Material  Combinations  and  Reaction  Products 


Filament 

Matrix 

Reaction  Product  Phases* 

SiC 

Ti 

TixSlj ,  TiC 

SIC 

TUI 

TlgSij,  TiC,  TijAlC,  TUlj 

Al20} 

Tl 

Ti^lyO,  TiO, 

Al20} 

TUI 

None 

C 

Ti 

TiC 

C 

TUI 

TijAlC,  TUI, 

B 

Ti 

TiB,  TIB, 

B 

TUI 

TiB,  TiB,,  TUI, 

♦Other  compounds  may  be  present  in  minor  amounts. 


The  chemical  barrier  effectiveness  of  an  unflawed  interlayer  or  series  of 
interlayers  can  be  addressed  as  a  function  of  transport  rates  of  the  various 
species  through  interlayers  of  a  given  thickness.  The  best  barrier  would  be 
one  in  which  the  diffusion  of  a  critical  (i.e.,  potentially  reactive)  specie 
would  be  limited  by  the  delay  of  that  specie  from  completing  transport  through 
the  barrier.  A  ’delay,  time"  is  usually  defined  in  terms  of  the  diffusion 
coefficient,  D,  of  that  specie  in  the  barrier  material,  the  time  over  which  the 
transport  takes  place,  and  the  thickness,  Ax,  of  the  barrier.  In  this  case, 
the  "delay"  time,  td,  for  a  barrier  described  by 

6Dtd  -  (Ax)* 

represents  a  time  extrapolated  from  steady-state  transport  to  zero  transport. 
Of  course,  there  is  some  finite  amount  of  transport  through  the  barrier  at 
elapsed  time.  Using  the  analysis  of  Crank  (6),  one  obtains  a  formula  for 
flue  nee  (Qt)  in  terms  of  Qt/c1Ax  where  the  barrier  material  is  initially  free 
of  diffusant,  the  front  face  solubility  of  diffusant  is  clt  and  the  barrier  is 
backed  by  a  perfect  sink: 
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ClAjt  (Ax)a  6  "  *a  ,4*!  na  ^  l’  <Ax)aJ 

Thl*  ia  illustrated  in  Figure  1.  Calculations  at  td,  0.6  td,  and  0.3  td  give 
Qt/c^x  as  0.039,  0.0079,  and  0.00027,  respectively.  This  indicates  that  the 
first  Ax  distance  in  the  sink  at  td  would  contain  0.039cl  on  the  average  if  no 
diffusant  escaped  froe  this  first  Ax  of  the  sink.  For  the  shorter  tines 
considerably  less  of  the  diffusant  has  been  transported  to  the  sink.  By  a  tine 
of  2td  the  fluence  is  approximated  well  by  the  equation 


Figure  1.  Approach  to  steady- state  flux  through  a  plane  sheet. 


Thus,  when  snail  fluences  can  be  tolerated,  this  formula  can  be  used  to  estinte 
how  long  a  barrier  will  retard  the  fluence  of  diffusing  species.  If  one 
estimates  what  a  tolerable  fluence  might  be,  one  can  then  estimate  how  long  it 
would  be  before  such  a  fluence  occurred.  Mote  also  that  low  solubility  of  a 


dlffusant  in  the  front  face  of  the  barrier  (cj)  result*  in  lover  transport 
through  the  barrier. 


An  analysis  of  barrier  effectiveness  for  steady-state  flux  conditions  follows 
for  the  case  of  both  one-  and  two- layer  barriers  assuming  an  infinite  source 
and  a  perfect  sink  enploying  solubility  Halts  at  the  barrier  layer  interfaces. 
The  diffusion  coefficients,  Dt(T) ,  are  taken  as  temperature  dependent  but 
concentration  Independent  as  a  simplification  for  this  treatment.  Also,  the 
exposure  integral  is  utilized  in  the  following  equation  derived  from  Flck's 
law: 


Jdc  9  J  dc 

assuming  that  Ac1  is  temperature  independent  and  where  t.  is  the  total  time  of 
exposure  and  J  is  the  flux.  For  simplicity,  the  exposure  integral 


{ 


*. 

I  Djlrydt 

a 

will  be  assumed  to  have  occurred  at  some  upper  temperature  limit  for  the 
exposure  time  since  in  many  cases  the  high  temperature  exposure  (such  as  during 
fabrication)  dominates  the  Integral. 

Let  us  select  an  arbitrary  exposure  and  an  arbitrary  barrier  thickness  and  con¬ 
sider  the  case  of  a  carbon  filament  protected  by  a  TiC  interlayer  in  a  Ti 
matrix.  If  a  one  hour  exposure  at  1023*C  (1300K)  is  selected,  the  transport 
of  carbon  through  t  5  |ia  layer  can  be  calculated  using  the  following 
information: 

C  density  in  TiC  -  0.99  g/cm3 
C  density  in  TiC0  6  -  0.59  g/cm3 
Ac  *■  0.4  g/cm3 
D*  -  10-»  «  cnVsec 
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Jt, 


!Q->,a<  •  0.4  •  3600 
0.0005 


g/cm* 


1.7  x  10'*  g/an* 


In  this  css*  83  M>  of  carbor  would  have  been  lost  by  Che  source  filament 
assuming  that  this  carbon  totally  dissolved  In  the  T1  matrix.  Twice  as  thick 
a  barrier  would  have  halved  this  number  as  would  half  the  exposure  tine .  A 
100K  lower  temperature  would  have  reduced  this  number  by  a  factor  of  2.9.  (The 
diffusion  data  for  these  calculations  were  taken  from  Ref.  7.) 

This  type  of  analysis  can  be  made  where  solubilities  (species  densities)  and 
diffusion  coefficients  are  available.  The  general  solution  for  steady-state 
transport  In  the  case  of  a  single  barrier  Is 


JC.  •  DC. 


{Cx  -  C, ) 

- Sx 


where  c2  and  c2  are  the  different  concentrations  (often  employed  in  g/cm3)  In 
the  barrier  layer  at  the  interfaces  with  the  filaaent  and  matrix,  respectively. 


The  two-barrler  steady-state  solution  is  somewhat  more  complicated  to  use  but 
is  almost  as  simple  to  express: 


JC,  -  DlC. 


(Ci  -  g»> 

5^ 


(c,  -  c4) 


Note  that  c2  and  c3  are  not  the  same  but  represent  the  thermodynamic  relation¬ 
ship  between  solubilities  in  medium  1  and  medium  2 ,  which  can  often  be 
described  by  the  ratio 


Si 

Cj 


*  ♦ 


Using  the  fluence  equation  for  two  barriers,  one  can  solve  for  actual  values 
of  c2  and  cs  given  0,  Dlt  D2,  6xlt  Ax2,  c2,  and  c4.  This  solution  then  allows 
the  calculation  of  Jt,  and  thus  evaluation  of  the  effectiveness  of  the  two- 
barrier  resistance. 


The  previous  calculations  for  transport  for  a  single  interlayer  (TIC)  on  carbon 
filament  in  a  Ti  matrix  indicate  that  to  limit  transport  of  filament  or  matrix 
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species  to  about  5  Jim  of  filament  loss,  for  example,  one  needs  to  obtain  a  Jt, 
of  <0.001  g/cm2.  With  a  5  jim  interlayer  thickness,  this  means  that  the  Dt.Ac 
term  must  be  less  than  5  x  10~7  g/cm.  The  burden  of  this  term  falls  mainly  on 
0.  In  the  case  of  the  TIC  interlayer,  the  D  value  must  be  reduced  by  a  factor 
of  17  to  reach  a  satisfactory  10'9-5  cm2/sec  diffusion  coefficient.  Shorter 
times  or,  in  some  cases,  lower  solubilities  can  contribute  to  this  reduction 
in  fluence,  but  mainly  it  will  be  very  dependent  on  exposure  temperature.  For 
example,  a  C  surface  coating  on  a  commercial  SIC  filament  becomes  an  effective 
TIC  barrier  in  Ti  matrices  for  the  exposure  time  and  temperatures  used  here. 

While  the  system  C-TiC-Ti  appears  to  be  a  stable  one,  the  relatively  fast 
transport  of  C  through  TiC  makes  the  use  of  such  a  "stable"  system  very  ques¬ 
tionable.  One  way  of  decreasing  the  transport  is  to  put  an  additional  inter¬ 
layer  between  the  C  and  the  TiC  that  would  further  limit  the  C  transport  rate. 
WC,  TaC,  or  MoC  would  achieve  such  an  objective.  For  example,  the  diffusion 
coefficient  of  C  in  TaC  at  1300K  is  10' 14  cm2/sec  versus  10'8  cm2/sec  in  TiC. 
A  1  Jim  TaC  layer  slows  C  transport  as  much  as  would  a  meter  of  TiC  according 
to  these  diffusion  coefficients.  W  diffusion  through  TiC,  a  process  that  would 
destroy  a  WC  interlayer  for  example,  is  described  by  a  10'18  cmz/sec  diffusion 
coefficient.  Thus,  a  thin  WC  layer  should  be  kinetically  stable  in  contact 
with  both  C  and  TiC  and  should  nearly  prevent  both  Ti  and  C  transport  through 
it.  This  illustrates  the  importance  of  transport- limiting  Interlayers  In 
increasing  the  lifetime  of  the  composite  by  providing  effective  long-term 
chemical  separation  of  reactive  species  originating  with  the  filament  and 
matrix. 

Tables  II  and  III  represent  an  attempt  to  identify  possible  interlayers  and 
combinations  of  interlayers  on  filaments  that  may  allow  the  filament  to  coexist 
with  Ti  and/or  Y'TiAl  matrices;  that  is,  adjacent  layers  do  not  react  forming 
new  phases.  A  list  including  more  than  two  interlayers  in  appropriate  sequence 
would  be  longer  but  would  also  represent  a  more  hypothetical  case  than  a  real 
one.  The  listing  in  Tables  II  and  III  is  a  compilation  of  examples  of  stable 
phase  combinations.  The  ability  of  a  given  combination  to  prevent  filament/ 
matrix  reaction  (wholesale  chemical  degradation)  in  the  composite  would  be 
dependent  on  specific  time -temperature  exposure  conditions  and  would  be 
different  for  each  combination. 

Considering  the  SiC-Ti  composite,  the  stable  phase  combinations  can  be 
recognized  in  the  Ti-Si-C  phase  diagram  (8)  shown  in  Figure  2.  This  diagram 
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IndicaCes  that  one  single  phase  (TIC)  fonts  a  stable  initial  couple  between  SIC 
and  Ti.  However,  as  C  transports  through  TiC,  Si  is  left  behind,  destabilizing 
the  system.  It  is  more  likely  that  a  Ti-Ti3Sij-TijSlC2-SiC  or  a  Ti-TiC-TijSiCa- 
SiC  system  is  stable  for  longer  times  than  the  Ti-TiC-SiC  system.  Ti-TijSij- 
TiSij-SiC  seems  a  less  likely  candidate  for  long-term  stability.  The  actual 
stable  steady-state  system  will  depend  on  Ti,  C,  and  Si  transport  rates  in  the 
interlayers  and  also  in  the  filament  and  matrix.  Determining  what  interlayers 
are  truly  stable  might  be  best  accomplished  through  extended  diffusion  couple 
annealing  experiments. 

Table  II  Examples  of  Potential  Single -Barrier  Filament/Barrier/Matrix 

Combinations 


Table  III  Examples  of  Potential  Two-Barrier  Fllanent/Barrler/Matrlx 

Combinations 


Figure  2  -  Isothermal  section  of  the  phase  diagram  for  the  Ti-Si-C  system  at 
-1200*C. 

Environmental  Compatibility 


Environmental  Protection  of  T1  and  T1A1  Composites 


t 


T1  and  to  a  lesser  extent  y-TiAl  matrix  materials  are  subject  to  reaction  with 
the  environment,  particularly  at  high  temperatures.  At  low  temperatures  Ti 
will  self -protect  by  forming  a  T102  coating.  At  high  temperatures  this  coating 
dissolves  in  the  Ti  allowing  oxidation  to  proceed  rapidly.  The  oxidation  prop¬ 
erties  of  y-TlAl  are  much  better  than  those  of  pure  TI.  Oxidation  is  best 
controlled  in  Ti  alloys  by  deliberately  applying  protective  coatings  to  the 
alloy.  Those  coatings  that  develop  a  stable  A1203  surface  phase  during  oxida¬ 
tion  provide  the  best  protection  for  TI  alloys.  Aluminized  Ti  alloys  on  which 
a  TiAlj  layer  forms  provide  a  relatively  stable  system  where  A1203  protects  the 
surface  of  the  T1A13  coating  from  further  oxidation.  A  TiAl3  coating  on  y-TiAl 
can  be  a  chemically  stable  coating.  Ti  alloys  which  are  reactive  toward  a 
TiAl3  coating  are  better  protected  by  an  active  Ti3Si3  interlayer  between  the 
TiAl3  coating  and  the  Ti  alloy.  This  duplex  coating  also  forms  a  protective 
A1203  layer  with  some  Si02  and  T102  content.  This  duplex  system  functions 


'  *t>  •  ',*-*•  •  3.  ,  V-  •*.  •/-  /■".'/  t ■  ■  “ 


52 


because  of  the  very  alow  transport  of  SI  through  the  Tl5Si3  to  the  Ti  substrate 
and  the  slow  dissolution  of  Si  into  the  Ti.  In  experlaental  oxidation  studies 
we  have  not  observed  the  formation  of  TiaSi  between  the  TljSlj  interlayer  and 
Ti  alloys.  This  situation  is  similar  to  the  case  in  which  no  intermediate  TiAl 
phases  have  been  noted  in  the  presence  of  a  diffusion-produced  TIAlj  surface 
layer. 

Oxides  which  have  been  used  as  barriers  between  Al203  and  Y*F1A1,  such  as  Y203 
and  YAG,  could  be  used  as  external  coatings  if  they  exhibit  low  0  and  metal 
diffusivities  and  can  remain  crack-free.  Other  coatings  that  can  be  considered 
are  metals  with  minimal  or  no  reaction  with  environmental  02.  Gold,  with  a 
melting  point  of  1064*C,  is  the  most  inert.  Pt  can  be  used  for  higher  tempera¬ 
ture  exposures  but  may  oxidize  at  intermediate  temperatures.  Almost  any  metal 
used  as  a  coating  will  need  to  be  protected  from  reaction  with  Ti  and  Y-TiAl 
by  an  interlayer,  however. 


Mechanical  Compatibility 

The  discriminator  between  alternative  combinations  of  barrier  layer  materials 
for  chemical  reaction  barriers  either  between  filaments  and  matrices  or  between 
the  matrix  and  the  external  oxidizing  environment  would  likely  be  the  mechani¬ 
cal  "compatibility*  between  different  materials  combinations .  By  this  is  meant 
chat  since  the  barrier  layers  are  rather  thick  and  thus  may  represent  a  signi¬ 
ficant  volume  fraction  of  the  product  composite,  microstructural  design  should 
attempt  to  minimize  residual  stresses  in  brittle  constituent  materials  after 
fabrication  and  assure  that  residual  stresses  in  at  least  the  most  brittle 
materials  are  compressive.  For  the  model  materials  chosen,  this  probably  means 
as  a  first  approximation  that  one  would  choose  at  the  outset  interlayer  mate¬ 
rials  for  chemical  barriers  between  the  filament  and  matrix  that  have  thermal 
expansion  coefficients  and  elastic  moduli  in  between  those  of  the  filament  and 
composite  substrate  so  that  none  serve  as  preferential  crack  initiation  sites. 
Other  considerations,  such  as  the  degree  of  preloading  of  filaments  in  compres¬ 
sion,  may  modify  these  considerations,  however.  External  environmental  bar¬ 
riers  would  be  chosen  to  have  thermal  and  elastic  properties  as  close  to  those 
of  the  composite  substrate  as  practical.  The  micromechanical  design  of  systems 
of  the  type  described  in  this  paper  is  currently  in  progress. 
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Consideration  of  some  of  the  basic  principles  governing  "compatibility"  of 
constituent*  in  titanium  and  titanium  intermetalllc  matrix  composites  lead*  to 
an  array  of  possible  "functionally  graded  materials"  microstructural  designs 
which  nay  offer  long-term  chemical  and  mechanical  stability.  The  most 
surprising  feature  of  such  an  array  is  that  relatively  few  of  the  potential 
materials  combinations  are  being  actively  researched  at  present. 
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Abstract 

Rapid  solidification  processing  (RSP)  of  metallic  alloys  has  the  potential  for 
very  significant  improvements  In  high-temperature  properties  and  performance. 
Results  on  mlcrostructural  fineness  and  stability  and  their  Influence  on 
high -temperature  mechanical  properties  are  presented  for  several  Iron-  and 
nickel-base  alloys.  A  significant  observation  from  the  RSP  studies  Is  the 
Important  role  of  the  Interstitial  elements  of  oxygen  and  nitrogen  and  to  a 
lesser  extent  carbon  In  promoting  and  stabilizing  mlcrostructural  features. 
The  design  of  structural  alloys  needs  to  focus  on  effective  utilization  and 
control  of  the  Interstitial  elements  through  composition  adjustments  and  In 
association  with  RSP. 
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Introduction 


Benefits  fro*  rapid  solidification  processing  (RSP)  have  not  been  fully 
explored  for  structural  Metallic  alloys  for  hlgh-teaperature  applications. 
Two  features  coaaonly  observed  from  RSP  of  Metallic  alloys  are  coaposltlon 
hoaogenelty  and  fine  alcrostructures  (1-3).  The  concern  for  the  last  feature 
Is  stability  after  hlgh-teaperature  exposures,  e.g.,  powder  consolidation, 
heat  treataents,  and  certain  applications.  Both  features.  If  retained,  can 
lapart  very  significant  laproveaents  In  alloy  properties  and  perforaance. 

A  considerable  effort  has  been  devoted  by  the  authors  to  alcrostructure- 
property  correlations  for  RSP  Iron-  and  nickel-base  alloys  and  coaparlsons 
with  their  Ingot  Metallurgy  (IN)  counterparts.  Although  significant  progress 
has  been  aade  toward  developing  these  correlations,  there  reaalns  a  nuaber  of 
Issues  that  Must  be  resolved  to  lapleaent  effective  design  of  hlgh-teaperature 
Metallic  alloys  using  the  RSP  approach.  This  paper  provides  soae  Important 
findings  and  Interpretations  observed  for  RSP  alloys.  Key  Issues  that  need  to 
be  resolved  will  also  be  addressed. 

Observations 


Hlcrostructural  Behavior 

The  authors  have  devoted  considerable  effort  toward  alcrostructural 
examinations  and  Interpretation  of  the  observations  for  a  variety  of  Iron-  and 
nickel-base  alloys  prepared  froa  RSP  powders.  The  powders  have  been  priaarily 
prepared  by  centrifugal  (CA)  and  inert  gas  atoaization  (IGA)  Methods  (3-5). 
Recent  studies  have  also  Involved  nitrogen  gas  atoaization.  The 
alcrostructural  exaalnatlons  have  mainly  been  performed  on  consolidated  RSP 
powders;  however,  attention  has  also  been  given  to  the  microstructure  of  the 
unconsolidated  powders.  Correlations  have  been  and  are  continuing  for  the 
Influence  of  alcrostructural  features  on  mechanical  properties  of  consolidated 
RSP  powders. 

One  feature  commonly  observed  for  the  RSP  alloys  Is  fine  and  stable  grain 
sizes.  An  example  of  this  behavior  Is  shown  In  Figure  1  for  five  alloys  (RSP 
and  their  IM  counterparts)  after  a  1  h,  1100°C  heat  treatment.  These  results 
show  that  the  RSP  alloys  retain  fine  and  comparable  grain  sizes  compared  to 
IM.  Parametric  Investigations  Involving  atomization  and  consolidation  methods 
and  powder  particle  size  show  no  dlscernable  Influence  on  grain  size  (3).  The 
Influence  of  powder  particle  size  on  grain  size  for  several  RSP  alloys  after 
extrusion  consolidation  and  a  1  h,  1100°C  heat  treatment  Is  shown  In  Figure  2. 
This  behavior  eliminates  two  particle  size  dependent  features  observed  for  the 
unconsolidated  powders  as  being  responsible  for  the  fine  and  stable  grain 
sizes.  These  features  are  the  secondary  dendritic  solidification  morphology, 
whose  average  spacing  Increases  with  particle  size,  and  the  oxide  surface 
films  acquired  during  powder  processing  (3).  The  surface  film  thickness  Is 
constant  and  independent  of  particle  size  for  each  alloy,  which  means  that  the 
volume  fraction  of  the  film  Increases  with  decreasing  particle  size.  As  a 
result,  dispersion  pinning  of  the  grains  after  powder  consolidation  froa  oxide 
surface  films  Is  unlikely  to  be  the  source  of  the  fine  and  stable  sizes 
observed  for  the  RSP  alloys.  The  origin  and  stability  of  the  fine  grain  sizes 
In  RSP  alloys  will  be  addressed  later  In  this  paper. 

Subaicron  alcrostructural  features  for  several  of  the  iron-  and  nickel -base 
alloys  are  being  deterained  by  high  resolution  transmission  electron 
Microscopy  methods.  Although  at  this  time  It  is  difficult  to  establish  a 
consistent  pattern  for  the  subaicron  features  of  the  RSP  alloys,  there  are 
soae  features  associated  with  RSP.  The  most  extensive  study  has  been  performed 
on  Type  304  SS  (3,6-10).  Powders  prepared  for  this  alloy  by  CA  processing 
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Figure  1  •  Grain  size  after  a  1  h,  1100°C  heat  treatment  for  RSP  and 
IN  Iron-  and  nickel -base  alloys. 


Figure  2  -  Influence  of  powder  particle  size  on  grain  size  after  powder 
consolidation  and  a  1  h,  1100*0  heat  treatment  for  RSP  alloys. 

show  evidence  of  vacancy  supersaturation  (7).  Vacancies  In  the  consolidated 
powder  after  high -temperature  heat  treatments  provide  a  large  population  of 
8  nm  hollow  oxides  shown  In  Figure  3.  The  hollow  oxides  serve  as  effective 
nucleatlon  sites  for  carbides  during  aging  heat  treatments  shown  in  Figure  4. 
In  addition,  a  relatively  high  and  stable  dislocation  population  compared  to 
its  IN  counterparts  Is  retained  in  the  RSP  alloy  after  high-temperature  heat 
treatments  (3,8,10).  Type  304  SS  powders  processed  by  IGA  and  consolidated 
show  a  high  and  stable  dislocation  density,  but  no  nanometer- size,  hollow 
oxides,  l.e.,  no  evidence  of  vacancy  supersaturation  (3).  Although  the 
solidification  rates,  based  on  secondary  dendritic  arm  spacing,  are  comparable 
for  the  powders  from  the  two  atomization  methods,  IGA  apparently  does  not 
promote  the  same  level  of  vacancy  trapping  as  does  the  CA  process. 

Mechanical  Property  Behavior 

A  large  mechanical  property  database  has  been  generated  on  consolidated  RSP 
powders  for  Iron-  and  nickel-base  alloys.  Some  representative  results  from 
tests  performed  at  higher  temperatures  will  be  shown  to  Illustrate  the  effects 
from  RSP.  Results  from  IH-processed  counterparts  will  be  used  for  comparisons. 
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Figure  3  -  8  nm  hollow  oxides  In  RSP  extruded  304  SS  powder  after  a  1  h, 
1200*0  heat  treatment:  (a)  brlght-fleld  overfocus  and  (b)  x-ray 
spectrum. 


Figure  4  -  RSP  extruded  304  SS  powder  after  aging:  (a)  overview  of  carbldes- 
dlslocatlons,  (b)  underfocus,  and  (c)  overfocus  brlght-fleld  Image 
of  8  nm  hollow  oxlde-carblde-dlslocatlon  Interactions. 
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Examples  of  the  tensile  properties  observed  for  RSP  iron-  and  nickel -base 
alloys  along  with  IM  counterparts  are  given  in  Table  I.  These  results  show 
that  significant  tensile  strengthening  is  associated  with  the  RSP  alloys, 
particularly  in  yield  stress.  In  sow  cases  the  ductilities  have  decreased  at 
the  higher  test  teaperatures.  The  increase  in  tensile  strengths  is  primarily 
attributed  to  the  fine  grain  size  of  the  RSP  alloys.  This  has  been  shown  to  be 
the  case  fro*  tests  performed  at  room  teaperatures  (3). 

The  creep  behavior  of  the  RSP  Iron-  and  nickel -base  alloys  shows  a  aixed 
response  in  teras  of  iaproveaents  in  creep  resistance.  Alloys  investigated 
such  as  Fe-20Ni-20Cr-2Mo,  Ni-20Fe-20Cr-2Mo,  and  718,  show  slightly  reduced 
creep  resistance  coapared  to  their  larger  grain  IM  counterparts.  The  RSP  A286 
alloy  shows  a  powder  particle  size  dependence  on  the  creep  properties  (3).  For 
consolidated  powder  particle  sizes  <50  pa,  creep  resistance  is  slightly  lower 
than  the  IM  counterpart.  However,  larger  particle  sizes  show  aore  creep 
resistance.  One  of  the  alloys,  Type  304  SS,  has  shown  reaarkable  Increases  in 
creep  resistance  froa  rapid  solidification  processing  (3).  Creep  curves  of  the 
Type  304  SS  materials  are  shown  in  Figure  5  for  consolidated  CA  and  IGA 
processed  powders  as  well  as  IM.  Compositions  of  the  three  materials  are 
Identical.  No  improvement  In  creep  resistance  was  observed  for  the  IGA 
compared  to  the  IM  Type  304  SS  material.  The  aicrostructure  for  the  IGA  and  CA 
materials  was  identical,  except,  as  stated  earlier,  no  nanometer-size  hollow 
oxides  were  observed  in  the  IGA  or  IM  Type  304  SS.  The  nanometer- size  hollow 
oxides  are  responsible  for  the  Improved  creep  behavior  for  the  consolidated  CA 
processed  Type  304  SS  powders.  In  terms  of  creep  performance  equivalency  with 
IGA  or  IM  Type  304  SS,  the  CA  alloy  permits  a  100'C  Increase  in  temperature  or 
a  two-fold  Increase  in  stress  (3). 


Table  I.  Tensile  Properties  for  RSP  and  IN  Iron- 


Alloy 

Test 

Temperature 

(°C) 

Yield  Stress 
(MPa) 

Ultimate 

(MPa) 

Total  Elong. 
(*> 

304: 

IM 

600 

79 

320 

47 

RSP 

600 

157 

409 

39 

Fe-20N1-20Cr- 

2Mo: 

IM 

600 

112 

405 

42 

RSP 

600 

181 

457 

26 

A286*: 

IM 

600 

650 

888 

22 

RSP 

600 

763 

922 

24 

N1-20Fe-20Cr- 

2Mo: 

IM 

600 

108 

395 

74 

RSP 

600 

166 

445 

34 

718**: 

IM 

650 

803 

1035 

23 

RSP 

650 

925 

1083 

36 

*  Aged  at  700° C  for  100  h. 

Aged  at  750°C  for  4  h,  then  650*C  for  16  h. 


61 


Tlm*(h)  mbs  007i 

Figure  5  -  Creep  curves  for  Type  304  SS  at  600°C  and  a  stress  of  195  MPa. 

Modification  of  the  gas  atomization  process  to  Include  melting  under  nitrogen 
and  nitrogen  atomization  produces  relatively  high  levels  of  entrained  nitrogen 
for  Iron-base  alloys.  The  Influence  of  nitrogen  on  the  ceep  properties  of 
Type  304  SS  RSP  powders  after  consolidation  Is  shown  by  tne  stress-tlme-to- 
rupture  behavior  In  Figure  6.  As  a  result,  creep  observations  for  RSP 
Type  304  SS  show  that  oxygen  and  nitrogen  can  play  a  very  Important  role  in 
high -temperature  strengthening,  even  though  the  material  has  small  grain  size. 

Fatigue  behavior  of  RSP  iron-  and  nickel-base  alloys  has  received  limited 
attention.  There  is  evidence  that  RSP  can  significantly  Improve  fatigue 
resistance.  An  example  Is  shown  In  Figure  7  for  RSP  A286  consolidated  powder 
and  Its  IM  counterpart.  Both  materials  were  given  before  testing  a  1  h,  1100°C 
solution  anneal  followed  by  a  100  h,  700°C  aging  treatment  before  testing. 
Failures  at  the  lower  stress  ranges  occurred  in  the  threaded  grip  regions  of 
the  specimens.  The  A286  alloy  is  known  for  its  notch  sensitivity,  and  the  true 
fatigue  lifetime  would  be  extended  (indicated  by  the  arrows  In  Figure  7)  with 
a  different  specimen  design.  Apparent  improvements  in  fatigue  resistance  for 
the  RSP  A286  compared  to  IM  are  attributed  to  fine  grain  size. 


Results  presented  show  that  RSP  produces  fine  and  stable  grains.  What  Is 
responsible  for  the  fine  grains  from  RSP  and  what  produces  their  stabilization 
during  high-temperature  exposures  are  questions  that  need  to  be  resolved. 
Recent  studies  on  IGA  processed  A286  and  718  powders  provide  some  Insight  into 
the  origin  of  fine  grains  (11,12).  The  RSP  process  for  the  two  alloys  produces 
a  primary  and  secondary  dendritic  solidification  morphology.  The  primary 
dendrites  emerge  from  nucleatlon  sites  predominately  within  the  Interior  of 
the  molten  droplets.  The  size  of  the  primary  dendrites  Is  not  very  dependent 
on  particle  size  and  Is  comparable  to  the  grain  sizes  observed  after  powder 
consolidation.  One-hour  heat  treatments  on  the  particles  show  that 
homogenization  of  the  secondary  dendrite  and  the  Interdendrltlc  region  occurs 
at  the  higher  temperatures;  however,  the  primary  dendrite  boundaries  remain 
(11,12).  The  average  size  of  the  primary  dendrites  does  not  change,  and  a 
shape  change  occurs  at  temperatures  zl000°C.  The  shape  change  takes  on  the 
form  of  equlaxed  grains.  Measurements  of  the  primary  dendrite/grain  size  after 
the  1  h  heat  treatments  for  the  A286  and  718  powders  are  shown  In  Figure  8. 
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Figure  7  -  Fatigue  behavior  at  600° C  for  IH  and  RSP  AZ86  after  aging  at  700°C 
for  100  h. 


▲  Consolidated  powder 


Figure  8  -  Influence  of  I  h  heat  treatments  on  the  primary  dendrite/grain  size 
for  RSP  A286  and  718  powders. 


Also  shown  is  the  grain  size  of  the  consolidated  powders.  It  is  difficult  to 
believe  that  the  primary  dendrite  size  equivalency  to  the  grain  size  after 
powder  consolidation  is  just  a  coincidence.  It  should  be  noted  that  similar 
observations  have  also  been  observed  for  RSP  Type  304  SS,  Fe-20Ni-20Cr,  and 
Fe-20Ni-20Cr-2Mo  alloys  (13).  The  mechanism  responsible  for  the  connection  has 
yet  to  be  resolved.  However,  implications  strongly  suggest  that  if  the  number 
of  nucleation  sites  for  the  primary  dendrites  could  be  substantially 
increased,  a  much  finer  grain  size  could  result. 

A  related  feature  to  the  origin  of  the  fine  grains  from  RSP  is  the  grain 
stability  when  exposed  to  high  temperatures.  Growth  retardation  is  also  an 
issue  that  remains  to  be  mechanistically  resolved.  A  common  perception  is  that 
a  dispersed  second  phase  is  responsible  for  pinning  the  grain  boundaries.  High 
resolution  microscopy  examinations  and  dispersion  pinning  calculations  on  RSP 
iron-base  alloys  have  not  been  convincing  for  resolving  whether  the  grain 
growth  retardation  is  due  to  second  phase  dispersions  (3).  The  evidence  seems 
to  support  that  if  the  grain  boundaries  are  pinned  by  second  phase 
dispersions,  they  must  be  very  small,  i.e.,  <1  nm.  Other  explanations,  such  as 
impurity  effects  and  significant  reductions  in  primary  dendrite  and  grain 
boundary  energies  from  RSP,  remain  as  options.  A  large  effort  needs  to  be 
devoted  to  high  resolution  analytical  electron  microscopy  and  atom  probe 
studies  of  grain  boundaries  in  RSP  alloys.  Since  fine  and  stable  grain  sizes 
are  features  of  RSP  and  appear  to  be  a  primary  source  for  improved 
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strengthening,  understanding  and  control  of  grain  boundary  makeup  Is  extremely 
Important  for  designing  high-performance  alloys.  Although  speculative,  the 
authors  believe  that  oxygen  Is  Important  for  the  nucleation  of  primary 
dendrites  (l.e.,  Impurity  clusters)  and  boundary  stabilization.  Studies  are 
continuing  to  establish  the  role  of  oxygen  In  stabilizing  fine  grain  sizes  In 
RSP  alloys. 


Alloy  Design  Consideration 

Studies  to  date  have  uncovered  several  features  from  RSP  of  Iron-  and  nickel  - 
base  alloys  that  need  to  be  exploited  for  opportunities  to  produce  alloys  with 
superior  properties  and  performance.  Evidence  favors  the  interstitial 
elements,  particularly  oxygen  and  nitrogen,  and  to  a  lesser  extent  carbon,  for 
providing  fine  and  stable  microstructures  with  corresponding  enhancement  in 
properties.  However,  research  Is  needed  to  establish  their  role  and  how  to 
achieve  effective  use  and  control  from  composition  and  RSP.  It  Is  reasonable 
to  assume  that  the  most  effective  use  of  the  interstitial  elements  will  come 
from  their  addition  during  the  melting  stage,  just  prior  to  atomization.  The 
elements'  presence  In  the  melt  will  be  best  served  If  they  remain  dissociated, 
i.e.,  unreacted.  Compound  (e.g.,  oxides,  nitrides,  or  carbides)  formers  with 
high  free-energies  of  reaction  with  the  interstitial  elements  should  be 
restricted  In  their  use  as  alloy  additions.  Examples  are  Al,  Ti,  and  rare 
earths.  Conceptually,  the  interstitials  in  the  melt,  particularly  if 
significant  superheats  are  involved,  can  be  homogeneously  suspended  in 
solution  in  a  dissociated  state.  Atomization  of  the  melt  Into  fine  droplets 
and  their  rapid  cooling  through  solidification  will  enable  interstitial 
trapping  to  occur  with  minimal  segregation.  This  procedure  appears  to  be 
necessary  to  provide  fine  microstructural  features.  Stabilization  of  the 
features,  particularly  to  high  temperatures,  is  observed  but  remains  an  issue 
to  be  resolved  in  terms  of  understanding  and  control.  It  was  noted  earlier 
that  oxygen  in  the  alloys  may  be  the  key  to  stabilizing  the  microstructure. 
This  was  evident  for  the  nanometer- size  hollow  oxides. 

The  design  of  high-temperature  metallic  alloys  by  RSP  needs  to  focus  on  an 
effective  combination  for  the  three  common  forms  of  strengthening:  (a)  fine 
grain  size,  (b)  solid  solution,  and  (c)  precipitation.  Grain  size  appears  to 
have  its  origin  during  solidification  of  the  molten  droplets  after 
atomization.  By  increasing  the  number  of  nucleation  sites,  e.g.,  use  of 
inoculants,  for  the  primary  dendrites,  grain  size  should  decrease.  Solid 
solution  strengthening  for  wrought  nickel-base  alloys  has  primarily  focused  on 
1  to  3  wtX  additions  of  refractory  metal  elements,  e.g.,  Co,  Mo,  Nb,  V,  and  W. 
Increasing  the  strengthening  from  these  additions  by  incorporating  RSP  is  not 
likely,  even  though  one  of  the  benefits  attributed  to  RSP  is  extended  solid 
solutions  (1,2).  For  iron-base  alloys,  particularly  the  austenitic  stainless 
steel  series,  the  more  potent  solid  solution  strengthening  elements  are  those 
interstitially  dissolved,  l.e.,  N,  C,  and  B  (14).  Of  these,  nitrogen  is  the 
most  effective.  The  ferrite  forming  elements,  e.g.,  W,  Mo,  V,  or  Nb,  provide 
significant  substitutional  solution  strengthening  in  stainless  steels,  but  not 
to  the  degree  of  interstitials.  However,  the  effectiveness  of  solution 
strengthening  from  interstitial  elements  after  high-temperature  exposures 
below  solution  annealing  temperatures  is  doubtful.  This  is  particularly  true 
for  carbon,  but  nitrogen  may  be  more  effective  at  higher  temperatures  as  a 
solid  solution  element  as  long  as  its  concentration  does  not  exceed  solubility 
limits. 

Additional  strengthening  from  precipitates  where  RSP  is  involved  appears  to  be 
centered  on  refractory- type  dispersions,  i.e.,  oxides,  nitrides,  and  to  a 
lesser  extent,  carbides.  The  RSP  studies  on  A286  (3),  which  involves  y' 
strengthening,  and  718  (15),  which  involves  y'and  y"  precipitates,  show  no 
improvements  over  their  IM  counterparts,  except  from  grain  size  effects.  As  a 
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result,  future  efforts  will  need  to  focus  on  optlnizlng  dispersion 
strengthening  from  the  high -temperature  refractory -type  compounds. 

High-temperature  protection  against  oxidation/corrosion  for  iron-  and  nickel  - 
base  alloys  may  not  be  greatly  enhanced  f^  ''cn  More  studies  are  needed  In 
this  area.  Without  resorting  to  coatings  /oxidation  resistance  for 
these  base  alloys  is  primarily  Improved  (i.e.,  common  knowledge)  by  Cr,  HI, 
Al,  and  Si  additions.  For  certain  corrosive  environments,  significant 
additions  of  nitrogen  can  greatly  Improve  corrosion  and  wear  resistance 
(16,17).  However,  its  protection  may  be  temperature  limited,  e.g.,  s900°C.  To 
achieve  the  benefits  of  RSP,  additions  such  as  Al  for  oxidation/corrosion 
resistance  need  to  be  limited  to  obtain  the  maximum  usage  from  interstitial 
elements. 


SlMBBOLfiLiiSllgi 

The  ability  to  Improve  high-temperature  structural  properties  and  performance 
of  metallic  alloys  by  rapid  solidification  processing  (RSP)  primarily  is 
derived  from  composition  homogenization  and  the  fine  and  stable 
microstructural  features.  Control  of  the  microstructure  through  a  combination 
of  alloy  composition  (particularly  the  minor  elements)  and  RSP  requires  more 
study.  Some  key  issues  that  need  to  be  addressed  are: 

1.  Establish  methods  for  grain  size  refinement  during  solidification  of 
atomized,  molten  droplets. 

2.  Determine  the  most  effective  utilization  and  control  of  interstitial 
elements  during  the  powder  processing  cycle  for  microstructural  stabilization. 

3.  Establish  quantitative  correlations  between  composition,  properties,  RSP 
parameters,  and  performance  in  applications. 

4.  In  support  of  the  items  above,  considerable  effort  needs  to  be  devoted  to 
high  resolution  analytical  microscopy  examinations  and  their  interpretation. 

5.  The  RSP  approach  needs  to  be  scaled  to  commercial  production  of  powders, 
and  near-net-shape  consolidation  of  the  powders  for  retention  of  properties 
needs  further  study. 
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Abstract 


A  microstructure  design  constructed  from  fibrous  ceramic 
crystals  embedded  in  a  continuous  metal  matrix  with  the 
following  features  is  proposed:  ceramic  crystals  have  an  aspect 
ratio  greater  that  30,  the  diameter  of  the  ceramic  crystals  is 
approximately  5|im,  the  metal  volume  fraction  is  the  range  8- 
30%,  the  channel  width  of  the  metal  layers  is  less  than  l|im, 
and  the  metal-ceramic  interface  is  coherent.  Such  a 
microstructure  is  likely  to  have  good  creep  resistance, 
cavitation  resistance  and  thermal  shock  resistance. 


Introduction 


The  Pesicm  of  Superallovs 

Today' 8  superalloys  serve  in  structural  applications  at  a 
higher  fraction  of  their  melting  temperature  than  any  other 
material.  The  highest  temperature  applications  are  found  in 
turbine  blades,  which  are  in  the  form  of  single  crystals,  in 
jet  engines  for  passenger  aircraft [1]. 

There  have  been  two  major  developments  in  the  evolution  of 
present  day  superalloys  (Fig. 1) [2] , [3] .  In  the  early 
fifties  vacuum  melting  was  introduced  to  lower  the  oxygen 
content  resulting  in  greater  resistance  to  intergranular 
cavitation.  Then,  in  the  mid- seventies,  directional 
solidification  was  adopted  to  make  high  aspect  ratio  grain 
structures  with  boundaries  aligned  parallel  to  the  loading 
axis.  Different  types  of  <lirectional  microstructures  were 
explored,  including  directionally  solidified  eutectics. 

However,  best  properties  irere  achieved  where  the  entire 
component  consisted  of  a  single  crystal [4]. 

In  the  single  crystal  approach  the  emphasis  in  basic 
research  moved  from  the  study  of  intergranular  cavitation  to 
the  understanding  of  creep  by  dislocation  mechanisms.  Today, 
the  superalloy  single  crystals  consist  of  a  solid  solution 
strengthened  nickel  y  matrix  reinforced  by  intermetallic  y' . 

The  volume  fraction  of  y'  can  be  greater  than  70%  and  it  is 
produced  by  precipitation. 

The  use  of  elongated  grain  structure  is  another  way  of 
obtaining  single  crystal  like  properties  at  high  temperatures . 
This  approach  has  been  used  effectively  in  the  design  of  ODS 
alloys [5] ,[€] ,  and  also  in  the  design  of  the  tungsten 
filaments  for  incandescent  lamps [7]. 
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Superalloys 


Directional  structures 


Vacuum  melted 


'Air  melted 


Conventional  casting  Columnar  grain  Single  crystal 

Figure  1:  The  three  eras  in  the  evolution  of  the 
superalloys.  Directional  solidification  led  first  to  the 
columnar  grain  structure  and  eventually  to  single 
crystal  turbine  blade.  (After  Refs  2  and  3). 


al  Matrix  Composites 


The  highest  possible  service  temperature  of  single  crystal 
nickel  base  superalloys  is  limited  by  dislocation  creep.  The 
coarsening  of  the  y'  precipitates  and  deformation  of  the 
intermetallic  phase  become  significant  above  1000®C.  Thus  higher 
service  temperatures  should  be  possible  if  the  intermetallic  y' 
is  replaced  by  an  cerasiic  oxide. 
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The  purpose  of  this  peper  is  to  consider  the  design 
guidelines  for  the  microstruetural  features  of  the  above 
ceramic  reinforced  metal -matrix  composite.  The  criteria  that 
must  be  considered  in  this  design  process  are:  (a)  creep 
resistance,  (b)  cavitation  fracture  resistance  of  the 
metal-metal  and  the  metal-ceramic  interface,  (c)  resistance  to 
thermal  shock,  and  (d)  resistance  to  environmental  degradation. 

In  the  following  sections  we  consider  the  first  three 
criteria.  The  first  of  these  leads  to  the  concept  of  a  single 
crystal  like  structure  consisting  of  elongated  ceramic  grains 
embedded  in  an  interconnected  metal  matrix .  The  second  and  the 
third  criteria  lead  to  guidelines  for  the  scale  of  the 
microstructure,  the  volume  fraction  of  the  interconnected  metal 
phase,  and  the  atomic  structure  and  bonding  of  the 
metal /ceramic  interface. 

The  choice  of  the  metallic  phase  is  limited  by 
environmental  stability.  While  refractory  metals  with  their 
very  high  melting  points  and  with  thermal  expansion 
coefficients  close  to  those  of  oxides  are  interesting  (the 
melting  points  are  W-3410°C,  Mo-2610°C,  Ta-2996°C,  and  Nb-2468°C, 
and  the  thermal  expansion  coefficients  in  units  of  10**  are  w- 
4.6,  Mo-5.8,  Ta-6.7  and  Mb-8.3)[8],  they  suffer  from  poor 
oxidation  resistance,  especially  Ta,  Mo  and  W  which  form 
volatile  oxides (#).  In  this  context,  it  is  interesting  to 
note  that  the  latest  research  in  superalloys  is  concentrated  in 
the  development  of  oxide  coatings  that  can  serve  as  a  barrier 
to  thermal  conduction,  allowing  higher  inlet  gas 
temperatures [9] .  These  coatings  are  often  required  to  have 
the  same  properties  that  will  be  needed  to  protect  the  metal  in 
the  metal  matrix  composites  from  oxidation  at  very  high 
temperatures . 

Single  Crystal  Design  for  Creep  Resistance 

Two  mechanisms,  dislocation  creep[10]  and  diffuaional 
creep [11] , [12J ,  contribute  to  the  deformation  of 
structural  materials  at  service  temperatures .  Dislocation  creep 
is  grain  size  independent  and,  therefore,  important  in  "single 
crystal"  designs.  Diffusional  creep  is  most  easily  suppressed 
by  increasing  the  grain  size.  Both  mechanisms  are  diffusion 
controlled;  therefore,  the  use  of  dopants  that  bind  to 
vacancies  help  to  lower  the  rate  of  creep. 

A  study  of  the  deformation  mechanism  maps  of  pure 
refractory  metals  with  an  equiaxed  grain  structure,  for  example 
niobium [13] ,  shows  that  the  creep  rates  by  the  dislocation 
mechanism  are  too  fast  for  high  temperature  structural 
applications  (in  pure  Nb  the  dislocation  creep  rate  is  nearly 
0.1  s'1  at  1650°C  for  an  applied  stress  of  only  10  MPa),  and 
that  the  diffusional  creep  rates  can  be  reduced  to  an 
acceptable  level  (of  approximately  10'*  s'1)  only  if  the  grain 
size  is  larger  than  100]im.  An  eguiaxed.  two  phase 


(#) However,  niobium  is  a  promising  candidate.  Its  density  is 
nearly  the  same  as  nickel,  it  does  not  suffer  from  a  ductile  to 
brittle  transition,  forms  a  solid  oxide  and  has  the  potential 
of  being  hardened  by  precipitation  of  carbides  or  by  solid  £ 

solution  strengthening.  The  thermal  expansion  coefficient  of  Nb  I 

matches  that  of  alumina.  It  is  also  chemically  coaqoatible  with  I 

alumina  and  probably  with  other  oxides  as  well.  V 
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micro structure  consisting  of  niobium  and  an  oxide  (such  as 
alumina) ,  homvtr,  is  not  likely  to  improve  tbs  creep 
resistance  very  significantly.  Furthermore,  crystal  slip  in  the 
met si  grains  that  are  100pm  will  produce  large  stress 
concentrations  at  the  metal  ceramic  interface  with  a  high 
probability  of  inducing  interface  fracture. 

The  "single  crystal”  microstructure  that  we  propose  for 
the  metal  matrix  composite  is  similar  to  the  design  of  the 
single  crystal  superalloy,  consisting  of  elongated  grains  of  a 
ceramic  embedded  in  a  metallic  matrix.  The  two  critical  issues 
in  the  performance  of  this  design  are  as  follows: 

(a)  The  structure  of  the  metal -ceramic  interface:  The  best 
properties  will  be  obtained  if  the  metal -ceramic  interface 
is  coherent,  which  would  impart  resistance  to  dislocation 
creep,  to  creep  cavitation  and  to  cleavage  fracture  at  the 
metal/ceramic  interface. 

(b)  Thermal  shock  properties  of  the  metsl/neramic  composite:  A 
difference  in  the  thermal  expansion  coefficients  of  the 
metal  and  the  ceramic,  and  the  anisotropy  in  the  thermal 
expansion  coefficient  of  the  ceramic,  can  induce  cleavage 
damage  at  the  m/c  interface.  Microstructure  designs  that 
reduce  the  probability  of  this  damage  must  be  considered. 

In  the  following  sections  the  above  issues  are  discussed 
one  by  one.  The  features  of  the  microstructure  that  is  proposed 
are  shown  by  the  schematic  in  Fig.  2.  The  ceramic  grains  are 
assumed  to  have  a  fibrous  structure.  The  "unit  cell”  of  the 
microstructure  is  defined  by  the  transverse  dimension  d*,  the 
fiber  diameter  d*,  and  the  longitudinal  dimension  dt .  The  other 
important  microstructural  parameters  are  v„,  the  volume  fraction 
of  the  metal  phase,  and  w„,  the  width  of  the  metal  channels 
confined  in  between  the  adjacent  ceramic  grains.  Simple 
geometric  analysis  leads  to  the  following  relationship  between 
these  parameters: 


Where  the  aspect  ratio  is  defined  as: 


Note  that  the  right  hand  side  in  Eq. (1)  must  be  greater  than 
zero  to  obtain  a  continuous  metal  phase.  The  plot  in  Fig.  3 
shows  that  the  minimum  volume  required  to  obtain 
interconnectivity  decreases  with  increasing  aspect  ratio.  The 
width  of  metal  film,  w„,  varies  with  AI,  although  it  approaches 
a  plateau  for  a  fixed  volume  fraction  as  Ax  becomes  large.  This 
limit,  obtained  from  Eq.  (1),  is  as  following: 


Equation  (3)  provides  a  useful  guideline  for  microstructure 
design.  For  example  suppose  that  the  width  of  the  metal  films 
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Vigor*  2:  The  geometrical  parameters  for  the  metal/ceramic 
composite.  Item  numbers  1  through  5  illustrate  the  possible 
deformation  and  fracture  mechanisms  in  the  composite. 


must  be  less  than  l|us  (  in  order  to  achieve  a  sub-critical 
length  of  dislocation  pile  up) ,  and  that  the  diameter  of  the 
ceramic  fiber  is  50)ua,  then  the  volume  fraction  of  the  metal 
must  be  less  than  8%.  However,  if  the  fiber  diameter  can  be 
reduced  to  10pm  then  the  volume  fraction  of  the  metal  may  be 
high  as  36%  (note  that  dL^df+w.) . 


'5 
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consider  the  More  likely  situation  that  the  metal  does  contain 
interfaces  so  that  diffusion  by  the  path  illustrated  in  Fig.  2 
leads  to  creep.  This  Mechanism  can  be  analysed  approximately  as 
follows.  Me  assume  that  a  tensile  stress,  or,  is  applied  along 
the  longitudinal  direction  and  that  this  stress  drives 
diffusion  from  the  longitudinal  plane  to  the  transverse  plane, 
through  the  cross  section  of  the  metal  layer  of  thickness  w. 
surrounding  the  rigid  ceramic  grains.  Lattice  diffusion  through 
the  SMtal  is  likely  to  be  the  dominant  diffusion  mechanism,  and 
assuming  the  average  diffusion  distance  to  be  c^/4  the  atom  flux 
will  be  given  by:  Jv  =  (Dv/QkT)  (4oQ/dx)  ,  where  Oy  is  the 
lattice  self  diffusion  coefficient  of  the  metal,  Q  is  the 
atomic  volume,  and  cQ  is  the  maximum  cheadcal  potential 
difference  between  the  atoms  at  the  longitudinal  and  transverse 
interfaces.  The  flux  is  translated  into  strain  rate  using  the 

equation  that  4  =  (J.  ftdtwnQ/2)  (4/*dt)  (l/dj)  ,  where  the 
first  term  is  the  volume  being  plated  on  the  transverse 
interface,  the  second  term  converts  that  into  displacesMnt  rate 
and  the  third  term  converts  it  into  strain  rate.  Substituting 
from  Eq.  (2)  and  (3)  then  leads  to  the  following  result: 


,  _,ofl  vJ>v 


(4) 


Acccording  to  Bq.  (4)  the  strain  rate  is  inversely  proportional 
to  the  aspect  ratio  of  the  ceramic  fibers  and  inversely 
proportional  to  the  diameter  of  the  ceramic  fibers  (assuming 
that  dt^df)  .  The  volume  fraction  of  the  metal  phase  has  a  minor 
influence  on  the  strain  rate:  they  are  linearly  proportional  to 
each  other. 


A  plot  of  Eq.  (4)  assuming  that  the  metal  is  niobium  (and 
the  ceramic  is  a  non-deforming  constituent)  is  given  in  Fig.  4. 
The  material  constants  for  Mb  were  assumed  to  be  as  follows: 
0-1. 8x10“**  m3,  and  Dy-1 .  Ixl0~4exp  (-402  kJ  mol'VRT)  m*s_1.  The 
curves  show  that  strain  rate  that  can  be  expected  at  different 
temperatures  assuming  that  the  applied  stress  is  100  MPa,  the 
aspect  ratio  of  the  ceramic  fibers  is  100,  and  the  volume 
fraction  of  the  metal  is  30%.  The  results  for  three  values  of 
the  fiber  diameter  1,  5  and  10  )im  are  shown.  Mote  that  fiber 
diameters  that  are  greater  than  5  flm  yield  a  strain  rate  of 
less  than  10'*  s_1  at  1600°C. 


Dislocation  Creep 


Single  crystal  nickel  base  y/y' superalloys  deform  by 
dislocation  creep.  The  mobility  of  dislocations  has  been 
studied  in  the  literature,  most  recently  by  Pollock  and 
Argon [15]  who  have  investigated  the  mechanism  by  which  the 
dislocations  move  through  the  y  phase  channels  formed  in 
between  the  cuboidal  y'  precipitates.  The  width  of  the  these 
channels  is  typically  0.1)un,  which  is  less  than  the  spacing 
between  dislocations;  thus,  when  forced  to  move  the  y 
dislocations  become  pinned  by  walls  of  y/y'  interfaces.  The 
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Figure  4:  The  predicted  diffusional  creep  rates  of  a 
niobium/alumina  composite  as  a  function  of  temperature. 


mechanism  of  pinning  is  likely  to  be  related  to  the  structure 
of  the  interface.  The  lattice  mismatch  between  the  y  and  y'  has 
an  influence  on  the  creep  behavior [16] .  In  low  y’  volume 
fraction  alloys  the  xero  mismatch  appears  to  give  the  lowest 
creep  rate  but  in  high  volume  fraction  alloys  a  non-xero  value 
of  the  mismatch  gives  the  optimum  jreep 
performance [17] , [18] .  The  first  result  may  be 
rationalised  on  the  basis  of  the  lowest  rate  of  coarsening  of 
Y'  precipitates,  but  the  second  result  suggests  a  more  complex 
role  for  the  interface  structure  and  bonding  on  the  mobility  of 
dislocations . 

The  lattice  dislocation  and  the  interface  dislocation  are 
two  different  entities  with  their  own  Burgers  vector,  which  we 
call  b(  and  b_j,  respectively.  They  will  be  equal  if  the  lattice 
dislocation  does  not  disassociate  when  it  enters  the  boundary; 
if  it  does,  then  we  must  invoke  a  vector  equation:  b,  -  b^  +  bg, 
where  bg  is  a  dislocation  that  is  totally  embedded  in  the 
interface  and  its  structure  is  related  to  the  interface 
structure  (for  example,  bg  could  be  a  van  der  Merwe[19] 
dislocation  that  accommodates  the  misfit  strain  between  the  two 
lattices) .  This  disassociation  is  illustrated  by  the  schematic 
in  Fig .  5 . 

The  lattice  and  interface  dislocations,  b_  and  b^,  must 
move  together.  The  leading  and  the  lagging  dislocation  segments 
will  have  opposite  curvatures  in  the  moving  configuration.  The 
case  where  the  interface  dislocation  has  the  lower  mobility  is 
illustrated  in  Fig.  6. 

He  now  estimate  the  driving  force  for  dislocation  climb 
assuming  that  the  interface  dislocation  is  rate  controlling.  He 
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Figure  6:  The  moving  configuration  of  a  lattice  and  an 
interface  dislocation  where  they  are  pinned  to  each  other,  and 
where  the  interface  dislocation  is  assumed  to  be  slower 
moving . 
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The  second  term  in  the  above  equation  represents  the  pulling 
force  on  the  loop  from  the  lattice  dislocation;  this  force 
reaches  its  maximum  value  when  o-*J and  becomes  constant  if 
the  stress  is  increased  further  since  the  maximum  possible 
force  on  the  loop  is  reached  when  0=0°.  The  issue  is  not 
important  since  the  first  term  will  be  generally  greater  than 
unity  and,  therefore,  will  dominate  the  force  exerted  on  the 
interface  loop.  Thus,  it  appears  as  if  the  rate  of  creep  is 
controlled  not  by  the  bowing  out  of  the  lattice  dislocations 
but  by  the  force  exerted  by  the  applied  stress  directly  on  the 
interface  dislocations. 

The  analysis  presented  above  assumes  that  the  interface 
dislocations  climb  more  slowly  than  lattice  dislocations.  The 
picture  of  dislocation  movement  presented  in  Figs  5  and  6  is 
consistent  with  the  work  of  Pollock  and  Argon.  The  mobility  of 
interface  dislocations  would  depend  greatly  on  the  structure  of 


the  interface  and  the  diffusivity  of  point  defects  in  the 
interface.  In  general,  if  the  bonding  at  the  metal/ceramic 
interface  is  strong  then  interface  dislocations  will  have  low 
mobility . 


Resistance  to  Thermal  Shock 

Thermal  shock,  or  more  precisely,  accumulative  cyclic 
damage  resulting  from  a  difference  in  the  thermal  expansion  of 
the  metal  and  the  ceramic  will  be  a  critical  issue  in  the 
design  of  metal/ceramic  composites .  The  figure  of  merit  for 
thermal  shock  resistance  in  ceramics  is  given  by: 


ATc  =  B 
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where  AT„  is  the  maximum  step  change  in  temperature  that  can  be 
sustained  without  fracture  damage,  at  is  the  tensile  fracture 
strength,  a  is  the  coefficient  of  linear  thermal  expansion,  E 
is  the  Young's  modulus,  and  B  is  a  constant,  called  the  Biot 
number,  that  depends  on  heat  transfer  parameters  and  sample 
size.  In  high  volume  fraction  metal  ceramic  composites  Eq.  (7) 
is  likely  to  provide  reasonable  guidelines  for  obtaining 
threshold  values  for  safe  and  unsafe  temperature  excursions. 

The  detailed  microstructure  design  of  the  metal/ceramic 
composite,  however,  must  be  based  on  fracture  mechanism.  The 
mechanism  proposed  here  is  slip  induced  interface  fracture  as 
illustrated  in  Fig.  2  by  mechanism  #2.  There  are  three  criteria 
that  can  be  set  for  this  type  of  microfracture:  (i)  a  stress 
criterion  that  asks  that  the  local  stress  concentration  should 
be  large  enough  to  induce  fracture,  (ii)  an  elastic  strain 
energy  criterion  that  is  equivalent  to  the  Griffith  condition, 
and  (iii)  a  displacement  criteria  that  is  linked  to  the  local 
strain  that  must  be  supplied  in  order  to  meet  the  need  for 
physical  opening  of  the  cleavage  crack.  Below  we  evaluate  these 
criteria  to  seek  a  threshold  failure  condition. 

Criterion  (iii)  has  been  discussed  in  a  fundamental  way  by 
Stroh[20]  and  applied  specifically  to  slip  induced  cleavage 
initiation  by  Cottrell [21] .  It  requires  a  minimum  amount  of 
plastic  strain.  This  condition  cannot  lead  to  a  threshold  since 
plastic  strain  may  accumulate  over  several  thermal  cycles. 
However,  a  composite  that  has  good  ductility  will  also  have 
better  thermal  shock  resistance. 

The  local  stress  and  the  strain  energy  criterion  depend  on 
the  scale  and  the  morphology  of  the  microstructure,  represented 
by  wB  and  A*  in  Fig.  2.  The  difference  in  the  thermal  expansion 
coefficient  of  the  metal  and  the  ceramic  will  give  rise  to 
spatially  periodic  tensile  and  compressive  stresses,  on  the 
scale  of  d*.  Since  fracture  can  occur  only  if  the  stress  is 
tensile,  the  Griffith  fracture  condition  must  reflect  the 
microstructural  scale.  Analysis [22]  of  this  problem  leads 
to  the  following  threshold  condition  for  failure: 


dr  £ 


Y*££Fb 


£  3  fvE(AtAo)2  ' 

Here  y«£f  ~  Ym  +  Yc  _  Ymc  wh®r®  th®  interface  energies  on  the 


(8) 


-•  ''  V* 

v,'.  %.•  :■ 

•  i' 


Vfr;  -  , , 

y-> 


81 


right  hand  aide  refer  to  the  free  metal  surface,  free  ceramic 
surface  and  the  metal/ceramic  interfaces,  respectively.  AT  and 
A a  are  the  temperature  excursion  and  the  difference  in 
coefficients  of  thermal  expansion.  E  is  the  Young's  modulus  of 
the  metal.  The  parameter  F.  accounts  for  the  shape  of  the  crack 
(it  may  usually  be  assumed  to  be  equal  to  n/2 )  .  FT  is  the  shape 
factor  for  the  volume  of  one  "unit  cell"  (see  Fig.  2) .  For  a 
fixed  volume,  a  spherical  shape  will  have  the  highest  value,  a 
needle  shape  an  intermediate  value,  and  a  disc  shape  the 
smallest  value  of  F, [ 2 3 ] .  Thus  disc  shaped  ceramic 
inclusions  are  likely  to  have  the  best  resistance  to  thermal 
shock.  The  magnitude  of  the  right  hand  side  in  Eq.  (8)  is 
strongly  material  dependent,  and  may  range  from  less  than  1  Jim 
to  50  |im.  Certainly,  composites  made  from  thick  ceramic  fibers 
(df>100(lm)  are  likely  to  have  poor  thermal  shock  resistance. 

The  largest  stress  concentration  in  the  microstructure 
occur  at  the  metal  ceramic  interface,  where  the  thermal 
expansion  coefficient  is  discontinuous.  The  design  of  the 
atomic  structure  of  the  interface,  with  the  idea  of  creating 
graded  interfaces  that  diffuse  this  stress  concentration  can 
enhance  resistance  to  thermal  shock.  A  first  order  analysis  of 
the  problem  leads  to  the  following  guidelines:  (a)  the  elastic 
moduli  of  the  metal  should  be  matched  as  far  as  possible  to  the 
elastic  moduli  of  the  ceramic,  and  (b)  the  magnitude  of  the 
interfacial  shear  stress,  at  the  end  corner  of  the  ceramic 

fiber  is  related  to  geometry  (assuming  that  the  elastic  moduli 
are  matched),  by  the  following  equation [23] : 


Abate 


Equation  (9)  suggests  that  a  large  volume  fraction  of  the  metal 
and  a  large  aspect  ratio  will  reduce  the  stress  concentration. 
If  A*  gets  very  large  then  the  right  hand  side  becomes 

approximately  1 /  (3vm)  .  If  we  design  for  a  stress 

concentration  of  about  2,  then  vm  should  be  greater  than  8%. 

The  Role  of  the  Atomic  Bonding  and  Structure  of  M/C  Interface 

Throughout  this  paper  the  bonding  and  the  structure  of  the 
metal  ceramic  interface  have  been  an  important  issue.  For 
example,  the  reaction  between  lattice  dislocation  and  interface 
dislocations  will  depend  on  ther  structure  of  the  metal/ceramic 
interface.  The  climb  of  these  interface  dislocations,  which  is 
likely  to  control  the  rate  of  dislocation  creep  of  the 
composite,  will  depend  on  interface  diffusion  which  will  be 
determined  by  atomic  bonding  at  the  interface. 

Recent  studies  of  metal  ceramic  interfaces  by  high 
resolution  transmission  electron  microscopy  and  the  modeling  of 
the  details  of  the  defect  structure  of  the  interface  is 
providing  insights  into  the  bonding  character  of  the  interface. 
For  example,  by  this  process  the  bonding  at  niobium/alumina 
interface  is  measured  to  be  2.5  to  3.5  times  stronger  than 
within  the  niobium  metal . 

A  possible  way  of  conceptualizing  the  relationship  between 
the  atomic  structure  of  the  m/c  interface  and  physical 
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properties  is  to  express  it  as  shear  modulus  of  the  interface, 
G?.  The  relative  values  of  Gs  and  the  shear  modulus  of  the 
metal,  G,  will  reflect  the  bonding  at  the  interface  relative  to 
the  bonding  within  the  metal.  The  schematic  in  Fig.  7 
identifies  some  of  the  properties  that  are  likely  to  be 
influenced  by  the  relative  values  G_  and  G.  Coherent  interfaces 
and  the  existence  of  misfit  dislocations  with  strong  lattice 
bending  are  situations  where  G_  is  likely  to  be  greater  than  G. 
Incoherent  interfaces  are  likely  to  have  weak  Gg.  Recent  work  on 
the  niobium/alumina  interface  discussed  at  the  end  of  the 
preceding  paragraph,  suggests  that  mechanical  properties  of  a 
composite  made  from  these  two  materials  would  lie  in  the  upper 
left  section  of  Fig.  7. 

Summary 

The  single  crystal  design  of  superalloy  turbine  blades 
represents  the  most  advanced  materials  technology  for  reliable, 
high  temperature  structural  applications.  A  next  step  in  this 
evolution  is  to  substitute  the  intermetallic  phase  in  the 
superalloys  by  a  ceramic.  In  this  paper  we  have  considered  the 
influence  of  such  a  microstructure  on  diffusional  creep, 
dislocation  creep  and  thermal  shock  resistance .  It  is  proposed 
that  the  volume  fraction  of  the  metal  should  be  greater  than 
8%.  The  aspect  ratio  of  the  ceramic  crystals  should  be  greater 
than  30,  and  the  transverse  width  of  the  crystals  should  lie  in 
the  range  l-lO^m.  For  optimum  thermal  shock  resistance  the 
elastic  moduli  of  the  ceramic  and  the  metal  should  be  nearly 
equal.  The  bonding  and  the  structure  of  the  metal/ceramic 
interface  is  likely  to  control  the  mechanical  properties  of  the 
composite,  with  the  best  properties  being  obtained  if  the 
elastic  modulus  of  the  interface  is  greater  than  the  modulus  of 
the  metal,  and  if  the  interface  is  coherent. 


The  two  most  important  general  features  of  the  above 
microstructure  are  the  sub-micrometer  scale  of  the  metal 
channel  layers  and  the  coherency  of  the  metal  ceramic 
interface.  The  fine  scale  serves  to  provide  immunity  to  thermal 
shock.  The  coherent  interface  pins  the  lattice  dislocations  and 
restricts  climb,  and  therefore,  lowers  the  rate  of  dislocation 
creep.  The  details  of  this  creep  mechanism  depend  on 
understanding  of  the  splitting  of  lattice  dislocations  into 
interfacial  dislocatons,  and  the  climb  of  these  dislocations 
together,  as  they  remained  pinned  to  one  another. 
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rigura  7:  A  representation  of  the  relationship  between 
interfacial  bonding  and  other  properties.  G,  is  the  effective 
shear  modulus  of  the  interface  and  G  is  the  modulus  of  bulk 
metal . 
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ABSTRACT 


The  need  for  higher  performance  materials  for  gas  turbine  engine  hot 
section  components  continues.  Interestingly,  where  much  of  the  past 
Ni-based  superalloy  development  activity  was  driven  by  the  need  to  extend 
military  aircraft  altitude  range  and  Mach  number  capability,  todays  efforts 
with  this  category  material  are  increasingly  impelled  by  the  civil  aircraft 
and  industrial  gas  turbine  industries. 

Designing  high  thrust  engines  for  the  next  generation  widebody  twins, 
turbine  designers  defined  the  need  for  higher  strength  Ni-based  superalloys 
than  the  commercially  available  2nd  Generation  class  of  single  crystal 
materials  (e.g.,  CMSX-4®  and  PWA  1484).  This  definition  led  to  the  recent 
development  of  3rd  Generation  single  crystal  casting  alloys  and  may  also 
help  stimulate  activity  toward  4th  Generation  SX  alloy  development. 

Similarly,  new  turbine  design  activity  in  the  industrial,  land-based 
turbine  industry  has  identified  the  need  for  the  development  of  DS  and 
SX  casting  alloys  which  provide  an  appropriate  blending  of  large  component 
castability,  ease  and  efficiency  of  heat  treatment,  hot  corrosion 
resistance  and  increased  creep-rupture  strength. 

To  this  end,  Ni-based  superalloy  development  activity  continues.  This 
narrative  describes  the  development  of  new  DS  and  SX  casting  alloys  for 
industrial  and  aero  gas  turbine  usage,  as  well  as  the  embryonic  development 
of  the  ultra-high-strength  3rd  and  4th  Generation  classes  of  single  crystal 
superalloys.  Alloy  design  concepts  are  reviewed  in  tandem  with  processing 
features  and  strengthening  mechanisms.  The  desirable  direction  for  future 
Ni-based  superalloy  development  activity  is  provided. 
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Introduction 


Superalloys  are  a  group  of  nickel-,  iron-nickel,  and  cobalt-base  materials 
that  exhibit  outstanding  strength  and  surface  stability  at  teaperatures 
up  to  85%  of  their  melting  points  (0.85  T„).  They  are  generally  used 
at  temperatures  above  540°C  (1000°F).  Having  been  initially  developed 
for  use  in  aircraft  piston  engine  turbosuperchargers,  superalloy 
development  over  the  last  50  years  has  been  paced  by  the  demands  of 
advancing  gas  turbine  engine  technology. 

The  first  commercial  nickel-base  alloy  developmental  work,  undertaken 
by  the  British  in  the  early  1940s,  led  to  the  wrought  Nimonic  75  and 
80  alloys.  Increased  operating-temperature  requirements  for  O.S.  aircraft 
engines  resulted  in  the  use  of  aluminum  plus  titanium  strengthened  wrought 
materials  during  the  same  period  of  time.  Component  forgeability  problems, 
however,  led  to  the  use  of  cast  Vitallium  (Co-27Cr-5.5Mo-2.5Ni-0.25C) 
until  the  shortages  of  cobalt  supply  experienced  during  the  Korean  War 
caused  further  research  on  nickel-base  alloys. 

Cast  nickel-base  alloy  developments  outpaced  cobalt-base  developmental 
work  by  the  late  1950s  because  of  their  superior  strengthening  potential, 
that  is,  stable,  coherent  intermetallic  compound  y*  phase  introduction. 
The  introduction  of  commercial  vacuum  induction  melting  (VIM)  and  vacuum 
investment  casting  in  the  early  1950s  provided  further  potential  for 
y*  exploitation.  Many  nickel-base  alloy  developments  resulted,  continuing 
through  the  1960s  (Fig.  1). 
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Figure  1  Progress  in  the  high  temperature  capabilities 
of  superalloys  since  the  1940' s  (1) 

The  development  of  new  polycrystalline  alloys  continued  through  the  1970' s, 
however,  at  a  more  moderate  rate.  Attention  was  concentrated  instead 
on  process  development,  with  specific  interest  directed  toward  grain 
orientation  and  directional-solidification  (DS)  turbine  blade  and  vane 
casting  technology  (Fig.  2). 

Applied  to  turbine  blades  and  vanes,  the  DS  casting  process  results  in 
the  alignment  of  all  component  grain  boundaries  such  that  they  are  parallel 
to  the  blade/vane  stacking  axis,  essentially  eliminating  transverse  grain 
boundaries  (Fig.  3).  Because  turbine  blades/vanes  encounter  major 
operating  stress  in  the  direction  which  is  near  normal  to  the  blade 
stacking  axis,  transverse  grain  boundaries  provide  relatively  easy  fracture 
paths.  The  elimination  of  these  paths  provides  increased  strain  elasticity 
by  virtue  of  the  lower  (001)  elastic  modulus,  thereby  creating 
opportunities  for  further  exploitation  of  the  nickel-base  alloy  potential, 
particularly  in  respect  to  creep  and  thermal  fatigue  resistance. 


Figure  2  Advances  in  turbine  blade  materials 
and  processes  since  1960  (2) 


Figure  3  Turbine  blade  grain  evolution. 

[a]  From  left,  equiaxed,  DS 
columnar  and  single  crystal (3), 

[b]  An  exposed  view  of  the 
internal  cooling  passages  of  an 
aircraft  turbine  blade (3), 

[c]  Turbine  blade  cooling 
techniques 
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The  logical  progression  to  grain-boundary  reduction  is  the  total 
elimination  thereof.  Thus,  single-crystal  turbine  blade/vane  casting 
technology  soon  developed  (Fig.  3),  providing  further  opportunity  for 
nickel-base  alloy  design  innovation.  Typical  alloy  performance 
improvements  related  to  the  directional  casting  technology  are  depicted 
in  Figure  4. 

The  late  1970s,  1980s  and  early  1990s  have,  therefore,  been  a  productive 
development  period  for  nickel-base  alloys  designed  specifically  for 
directionally  solidified  colusmar-grain  and  single  crystal  cast  airfoil 
components.  These  new  process  technologies  depicted  in  Figure  3,  have 
contributed  to  dramatic  improvements  in  gas  turbine  engine  operating 
efficiency. 
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Figure  4  Comparative  properties  of  polycrystal,  DS 

columnar-crystal,  and  single-crystal  superalloys  (4) 
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Further  engine  efficiency  improvements  are  apparent  with  recent  SX  process 
innovation  undertaken  at  the  Allison  Gas  Turbine  Division  of  General 
Motors  where  Lamilloy*  and  CastCool™  turbine  components  (Fig.  5)  have 
been  developed.  The  unique  components  provide  guasi-transpiration  cooling 
schemes  that  allow  much  greater  than  1649°C  ( 3000° F)  gas  stream 

temperatures  with  existing  Hi-based  single  crystal  superalloys;  this 
in  contrast  to  the  1538°C  (2800°F)  capability  conferred  by  the  type  of 
conventional  air  film  cooling  passages  illustrated  in  Figures  3b  and 
3c. 


Figure  5  Allison  gas  turbine  Castcool™ 
turbine  blade  (5) 


The  quasi-transpiration  cooling  is  achieved  through  the  adaptation  of 
the  Allison  Lamilloy*  component  structure  and  bonding  concepts  to  the 
casting  process.  Early  process  development  consisted  of  casting  individual 
"crystal-foil"  halves,  containing  cast  cooling  holes,  which  when  bonded 
together,  resulted  in  highly  efficient  turbine  blades.  Current  efforts 
involve  casting  Lamilloy  structured  components  as  total  entities,  thereby 
eliminating  the  bonding  and  associated  processes. 

Additional  DS  and  SX  casting  process  innovation  is  driven  by  the  need 
to  increase  process  thermal  gradient  characteristics  for  the  higher 
strength,  high  refractory  element  containing  Ni-based  superalloys  currently 
under  development,  along  with  the  need  to  increase  component  casting 
lengths  due  to  the  developing  industrial  turbine  producer  interest  in 
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OS  and  SX  components  which  can  range  15-63  ca  (6-25  inches)  in  length. 
Process  thermal  gradient  improvement  aay  include  the  commercial  development 
of  liquid  aetal  cooling  scheaes. 

Associated  alloy  development  is  undertaken  to  help  realize  the  full 
potential  that  these  improved  process  capabilities  provide.  The  newly 
developed  aaterials  are  engineered  to  offer  the  balanced  level  of 
functional  characteristics  necessary  for  the  emerging  component 
applications.  Interestingly,  where  ouch  of  the  past  Ni-based  superalloy 
development  activity  was  driven  by  the  need  to  extend  military  aircraft 
capability,  todays  efforts  with  this  category  material  are  again, 
increasingly  impelled  by  the  civil  aircraft  and  industrial  gas  turbine 
industries. 

As  such,  this  narrative  discusses  selected  Ni-based  alloy  development 
activity  which  is  primarily  undertaken  to  serve  the  specific  material 
requirements  identified  for  emerging  civil  aero  turbines  and  industrial 
engines . 

Supers  Hoy  Design 

Nickel-base  superalloys  have  microstructures  consisting  of  an  austenitic 
face-centered  cubic  (fee)  matrix  (y),  dispersed  intermetallic  fee  y' 
Ni3(Al,Ti)  precipitates  coherent  with  the  matrix  (0  to  0.5X  lattice 
mismatch),  and  carbides,  borides,  and  other  phases  distributed  throughout 
the  matrix  and  along  the  grain  boundaries.  These  complex  alloys  generally 
contain  more  than  ten  different  alloying  constituents.  Various 
combinations  of  carbon,  boron,  zirconium,  hafnium,  cobalt,  chromium, 
aluminum,  titanium,  vanadium,  molybdenum,  tungsten,  niobium,  tantalum, 
rhenium  and  yttrium  result  in  the  commercial  alloys  used  in  todays  gas 
turbine  engines. 

Some  alloying  elements  have  single  function  importance,  whereas  others 
provide  multiple  functions.  For  example,  chromium  is  primarily  added 
to  nickel-base  alloys  for  sulfidation  resistance  (Cr203  protective  scale 
formation),  whereas  aluminum  not  only  is  a  strong  y'  former  but  also 
helps  provide  oxidation  resistance,  when  present  in  sufficient  quantity, 
by  forming  a  protective  A1203  scale. 

Many  of  the  other  alloying  elements  also  have  multiple  roles  titanium, 
while  primarily  partitioning  to  the  y' ,  also  participates  in  the  formation 
of  (MC)  carbide,  the  hexagonal  close-packed  (hep)  eta  (  n)  phase,  and 
undesirable  nitride  and  carbosulfide  formation.  Molybdenum,  tungsten, 
tantalum,  rhenium,  cobalt  and  chromium  additions  promote  soxid-solution 
strengthening,  but  tantalum,  tungsten,  and  rhenium  may  also  partition 
to  the  y'  to  varying  degrees.  Additionally,  tantalum  and  rhenium  are 
beneficial  toward  improving  alloy  environmental  resistance  properties. 

Vanadium  is  a  y'  partitioner,  but  it  also  promotes  the  formation  of 
M3B2-type  borides.  Niobium  forms  the  intermetallic  phases  delta  (  <f ) 
(orthorhombic  Ni3Nb)  and  y’  (body-centered  tetragonal  Ni3Nb),  but  it 
is  also  involved  in  the  formation  of  Laves  (Fe,Ni2Nb)  phase,  carbides, 
borides  and/or  nitrides.  Hafnium  is  a  strong  carbide  former  t'  at  is 
added  to  polycrystalline  alloys  to  improve  grain-boundary  ductility. 
Furthermore,  it  increases  the  volume  fraction  of  y/y'  eutectic  and  improves 
oxidation  resistance.  Carbon,  boron  and  zirconium  are  used  at  varying 
levels  for  grain  boundary  strengthening,  while  rare  earth  elements,  like 
yttrium,  are  added  to  improve  alloy  oxidation  resistance. 
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All  of  these  constituents  interact  in  various  ways  to  provide  high  tensile, 
creep  and  fatigue  strengths,  plus  oxidation  and  sulfidation  resistance. 
Proper  control  of  the  cast  microstructure  and  subsequent  solutioning 
and  aging  treatments  generally  results  in  satisfactory  component 
performance. 

Under  the  extreme  temperature/stress  conditions  in  which  superalloy 
components  operate,  however,  microstructural  features  change,  often  with 
attendant  property  changes.  The  microstructural  instabilities  that  may 
occur  include  (a)  intermetallic  phase  precipitation  (  a,  p,  Laves), 
(b)  phasial  decomposition  (carbides,  borides,  nitrides),  (c)  phase 
coalescence  and  coarsening  (y’),  (d)  phasial  solutioning  and 
reprecipitation  (y1),  (e)  order-disorder  transition,  (f)  material 
oxidation,  and  (g)  stress-corrosion  cracking. 

The  formation  of  topologically  close  packed  (TCP)  phases  (  o,  u  end  so 
on)  can  decrease  creep-rupture  properties.  Their  occurrence  is  controlled 
through  chemistry  adjustment  and  is  fairly  predictable  through  use  of 
the  commonly  accepted  methods  of  calculating  the  so-called  electron  vacancy 
number,  N  ,  of  the  given  alloys.  Different  calculation  methods  exist; 
however,  a^.1  provide  a  useful  key  to  Che  prediction  of  TCP  phase  formation 
when  proper  reference  points  are  known. 

Although  it  occurs  during  both  solidification  and  heat  treatment,  carbide 
precipitation  is  generally  promoted  during  component  heat  treatment  to 
effect  an  optimum  grain-boundary  carbide  morphology  and  population. 
Discrete,  blocky  M23C5  particles  in  a  discontinuous  fashion  are  preferred. 
High- temperature,  stressed  exposure  tends  to  cause  carbide  degeneration, 
often  resulting  in  grain  boundary  overload  and  compromised  rupture 
strength. 

MC-type  carbides  generally  occur  during  alloy  solidification.  Primary 
carbides  are  titanium-rich  (MC-1)  and/or  tantalum  rich  (MC-2).  With 
high  temperature  exposure,  they  may  partially  degenerate  to  form  hafnium 
rich  (MC-3)  carbides  and/or  M23C6,  M7C3,  and  M$C  carbides  (secondary 
carbides);  the  specific  type  depending  upon  alloy  chemistry  and  exposure 
temperature.  The  chromium  rich  ^23c6  generally  forms  at  the  grain 
boundaries  in  polycrystalline  materials,  and  when  present  as  discrete, 
discontinuous  particles,  they  provide  the  grain  boundary  strength  and 
resistance  to  fracture  needed  to  prolong  service  life. 

Furthermore,  carbide  degeneration  also  releases  titanium  and  tantalum 
to  the  solid  solution  matrix,  resulting  in  further  matrix  saturation. 
Over saturation  can  result  in  the  formation  of  undesirable  secondary  phases 
such  as  U  (tungsten  and/or  molybdenum  rich),  a-W,  a-Cr,  and/or  carbides 
and/or  y'  grain  boundary  films,  making  chemistry  balancing  and  controlled 
thermal  treatment  necessary  for  ultimate  success. 

Superalloy  property  attainment  is  principally  a  function  of  the  amount 
and  morphology  of  the  y'  microstructural  homogeneity,  grain  size  and 
shape,  plus  carbide  distribution.  Early  superalloys  contained  less  than 
25  voll  y' .  However,  commercial  vacuum  induction  refining  and  casting 
provided  the  opportunity  for  greater  y'  volume  fraction,  to  the  extent 
that  today's  high  strength  cast  superalloys  generally  contain  approximately 
65-70  vol7.  r'- 

This  increased  level  of  y’  results  in  greater  alloy  creep  strength  (Fig. 
6),  but  it  is  fully  exploited  only  in  single  crystal  components,  where 
full  y1  solutioning  is  generally  possible.  For  polycrystalline  superalloy 
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components,  high  temperature  strength  is  strongly  influenced  by  the 
condition  of  the  grain  boundaries  and,  in  particular,  the  grain  boundary 
carbide  morphology  and  distribution.  Optimized  properties  can  be  achieved 
if  solutioning  and  aging  treatments  are  developed  to  attain  discrete, 
globular  carbide  formation  along  the  grain  boundaries,  in  conjunction 
with  optimized  y'  volume  fraction/morphology  and  component  grain  structure. 


3 

X 


I 


Figure  6  The  relationship  between  y'  volume  percent  and 

stress-rupture  strength  for  nickel-base  superalloys  (6) 

Recent  Superalloy  Developments 

Since  polycrystalline  cast  superalloy  process  technology  is  relatively 
mature,  very  little  effort  is  focused  on  the  development  of  new  Ni-based 
polycrystalline  materials.  However,  there  appears  to  be  an  interest 
for  the  use  of  relatively  new  high-strength  DS  materials  for  selected, 
critical  polycrystalline  castings,  such  as  relatively  large  [100  cm  (25 
inch  long)]  industrial  turbine  blades  and  cast  integral  wheel  components. 

For  example,  the  CM  247  LC®  alloy  is  a  candidate  for  large  industrial 
turbine  polycrystalline  airfoil  components  since  it  offers  better 
castability,  higher  strength,  superior  oxidation  resistance,  and  improved 
process  flexibility  than  typical  of  materials  used  previously,  e.g., 
IN  738  C/LC,  IN  792  and  IN  939.  Similarly,  the  Re-containing  CM  186 
LC®  alloy  is  evaluated  for  advanced  turbofan  engine  design  where  higher 
strength  integral  wheel  components  are  required. 

The  chemical  compositions  for  these  dual-purpose  materials  are  included 
within  Table  I,  along  with  other  first  and  second  generation 
polycrystalline  and  DS  columnar  casting  alloys  which  are  commonly  used 
in  gas  turbine  hot  sections.  Of  those  provided,  the  high  chromium 
containing  materials  (chromia  formers)  have  primarily  been  used  in 
industrial  turbines,  where  Type  II  hot  corrosion  problems  predominated, 
while  the  lower  chrome,  higher  aluminum  containing  (alumina  formers) 
have  had  greatest  use  in  aero  turbines,  where  engine  gas  stream 
temperatures  tend  to  be  much  hotter,  and  oxidation  thereby  predominated 
the  alloy  protection  consideration. 

But  today,  the  continuing  need  to  increase  engine  operating  temperatures, 
rotational  speeds  and  component  lives  has  affected  the  engine  designers 
alloy  selection  criteria.  For  the  industrial  turbine  designers,  the 
higher  gas  stream  temperatures  drive  the  need  to  evaluate  directionally 
solidified  blade  and  vane  components  and  associated  materials  offering 
a  modified  balance  of  hot  corrosion/oxidation  capability  and 
processability,  while  the  aero-turbine  designers  continue  to  specify 
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Table  I  Nominal  compositions  of  selected  first  and  second  generation 
polycrystalline  and  DS  columnar  casting  alloys 
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highly  oxidation  resistant  components  --  sometimes  by  means  of  rare  earth 
element  addition  to  the  alloys  used  or  sophisticated  coatings  protection 
--  and  much  higher  strength  DS  columnar  and  single  crystal  casting  alloys. 

DS  Columnar  Casting  Alloys  for  Industrial  Turbines 

Industrial  gas  turbine  engines  generally  operate  in  temperature/pressure 
regime  where  Type  II  hot  corrosion  attack  is  an  important  materials  design 
criteria  (Fig.  7).  The  industry  currently  seeks  highly  creep-resistant 
materials  able  to  be  utilized  in  DS  columnar  casting  processes  since 
the  newer  engine  designs  are  operated  at  significantly  higher 
temperature/pressure  levels.  The  alloys  required  must  still  offer  good 
corrosion  resistance  with  Type  I  corrosion  beginning  to  dominate,  while 
providing  relatively  higher  creep- strength  concurrent  with  large  component 
producibility .  DS  modified  versions  of  previously  used  equiaxed  casting 
alloys  have  not  been  successful.  Furthermore,  industry  efforts  to  develop 
new,  high-strength  materials  for  such  application,  have  been  mostly 
unsuccessful  due  to  problems  with  DS  castability,  component  transverse 
ductility  and  inadequate  creep-rupture  property  attainment. 


Figure  7  The  protection  scene  (10) 

The  developmental  materials  should  be  designed  with  relatively  high 
chromium  content.  Additionally,  moderately  higher  refractory  element 
content,  appropriate  Al/Ti  ratio  and  very  carefully  balanced  minor  element 
constituents  are  iaq>ortant  design  considerations  in  trying  to  maximize 
the  developmental  materials  overall  functionality. 

Relative  to  IH  738  C,  current  developmental  materials  should  be  able 
to  provide  at  least  50°C  (90°F)  greater  metal  temperature  capability 
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at  the  138-207  MPa  (20-30  ksi)  stress  level.  In  other  words,  soae  high 
chromium-containing  developmental  materials  should  be  able  to  provide 
nearly  DS  CM  247  LC  creep  capability.  It  Is  expected  that  the  new 
materials  may  be  available  for  industry  usage  within  the  next  2-4  years. 

CM  247  LC®  Alloy 

In  the  meantime,  some  industrial  turbine  producers  have  decided  to  utilize 
turbine  blades  and  vanes  produced  with  the  CM  247  LC  alloy  in  newly 
designed  and  uprated  turbines.  When  cast  into  large  DS  components 
[(approximately  30-51  cm  (12-20"  long)]  the  alloy  exhibits  superior 
castability,  solution  characteristics  and  strength  attainment.  With 
a  relatively  ductile,  high  chromium-containing  coating  applied,  components 
have  exhibited  extremely  good  resistance  to  hot  corrosion  attack. 
Furthermore,  where  natural  gas  is  the  predominant  fuel,  the  material 
hot  corrosion  requirements  are  significantly  less  than  those  cases  where 
low  grade  fuels  containing  corrosion  accelerators  such  as  vanadium,  sulfur 
and  sodium  predominate,  so  that  high  temperature  oxidation  becoaies  the 
increasingly  important  environmental  concern. 

The  CM  247  LC  composition,  presented  in  Table  I,  is  derived  from  the 
base  MAR  M  247  composition.  The  primary  CM  247  LC  alloy  design 
modifications  are  the  reduction  of  carbon  by  approximately  one-half  to 
improve  carbide  microstructure,  stability,  and  alloy  ductility,  plus 
the  reduction  of  the  Zr  and  Ti  contents  to  improve  DS  grain  boundary 
cracking  resistance  without  sacrificing  strength.  Additionally,  the 
alloy's  W  and  Mo  levels  are  reduced  accordingly  to  minimize  the  formation 
of  undesirable  secondary  M^C  platelets,  p  phase  and/or  alpha  W  platelets 
or  needles,  resulting  from  the  thermally  induced  degeneration  of  primary 
carbides.  This  degeneration  of  low  parameter  MC-1  (Ti-rich)  and  MC-2 
(Ta-rich)  carbides  results  in  the  formation  of  MC-3's  (Hf-rich)  with 
an  associated  release  of  Ta  and  Ti  to  the  solid  solution,  thereby  affecting 
the  solubility  of  the  W  and  Mo  within  the  basic  gamma  solid  solution; 
the  result  of  which  is  the  possible  formation  of  thermally  induced  p 
phase,  alpha  W  and/or  MgC. 

The  alloy  design  results  in  extremely  good  DS  castability;  this  being 
accomplished  with  the  relatively  low  Hf  ingot  content  of  1.4  wt.  %. 
Furthermore,  the  alloy  is  capable  of  exhibiting  similar  functionality 
with  a  1.0%  Hf  level  in  the  DS  castings  (11),  the  significance  of  which 
is  that  alloys  with  higher  levels  of  Hf  01.5%)  tend  to  be  much  more 
reactive  with  casting  process  related  shell  and  core  ceramics,  thereby 
resulting  in  component-contained  Hf-oxide/Hf  silicate  inclusions  which 
deleteriously  effect  component  fatigue  strength  and  casting  yield. 
Moreover,  alloy  tolerence  to  varied  Hf  content  is  important  since  it 
generally  varies  significantly  from  blade/vane  top  to  bottom  sections. 

The  CM  247  LC  alloy  can  be  fully  y'  solutioned  through  multi-step  treatment 
(12).  The  full  solutioning  provides  an  increased  volume  fraction  of 
fine  y'  particles,  which  positively  influence  the  alloys  creep-rupture 
response.  Larson-Miller  parameter  representation  of  the  CM  247  LC 
stress-rupture  capability  is  provided  in  Figure  8,  while  the  DS  CM  247 
LC  vs.  IH  738  LC  982°C  (1800°F)  stress-rupture  properties  are  presented 
in  log/log  form  in  Figure  9.  1135°C  (2075°F)  Mach  1.0  oxidation  results 

are  presented  in  Figure  10. 
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confirms  the  alloys  superior  blending  of  castability,  solutionability , 
ep.  fatigue  and  environmental  properties. 

ver,  certain  turbine  designs  require  even  greater  strength  and 
temperature  capability  from  a  DS  material,  since  the  component  design 
renders  it  impractical  to  cast  as  a  single  crystal.  For  such  application, 
then,  the  CM  186  LC®  alloy  is  developed. 

CM  186  LC®  Alloy 

The  CM  186  LC  alloy  is  a  Re-containing  derivative  of  the  CM  267  LC  alloy. 
It  is  primarily  intended  for  DS  columnar,  complex-cooled  vane  segments 
and  relatively  large  LP  turbine  blade  components.  Additionally,  it  is 
particularly  attractive  for  use  in  components  which  are  prone  to 
recrystallization  during  solution  heat  treatment  (resulting  from  residual 
casting  stresses'),  since  the  alloy  is  used  in  the  as-cast  plus  double 
aged  condition 

The  alloy  exh*  ics  .  jellent  resistance  to  grain  boundary  cracking  in 
casting  complex-cor  thin  wall  turbine  airfoils.  It  is  fully  solution 
heat  treat  capable,  h^vtver ,  at  the  expense  of  transverse  ductility. 
Hence,  the  specified  use  iu  an  as-cast  plus  double  aged  condition. 

In  the  as-cast  plus  double  aged  condition,  CM  186  LC  exhibits  a  18°C 
(32°F)  metal  temperature  advrnta^e  relative  to  fully  solutioned  DS  CM 
247  LC  at  the  982°C/248  MPa  <1800°F/36.0  ksi)  test  condition,  and  24°C 
(43°F)  greater  capability  baaed  on  time  to  1.0%  plastic  strain.  This 
essentially  equates  to  first  generation  single  crystal  alloy  strength 
(CMSX-2®,  CMSX-3®,  PWA  1480,  Ren^  N4,  SRR99,  AMI  ...).  For  higher 
temperature,  the  alloy  strength  is  about  midway  between  the  DS  CM  247 
LC  and  CMSX-2/3  respective  capabilities  (Fig.  11). 


Figure  11  CM  186  LC  vs.  CM  247  LC  vs.  CMSX-2/3  (001) 

DS  longitudinal  Larson-Miller  stress-rupture 

Furthermore,  the  alloy  typically  exhibits  7-14%  elongation  in  DS  transverse 
stress-rupture  tests  performed  between  871°C-1038°C  (1600°F-1900°F), 

as  illustrated  in  Table  II.  The  CM  186  LC  transverse  strength  is 
approximately  19°C  (34°F)  better  than  the  DS  CM  247  LC  transverse  rupture 
capability. 


Table  II  DS  CM  186  LC  transverse  stress-rupture  data 
As-cast  plus  double  aged  condition 


TMCondfeon 

Rum*# 

RA 

ffw.) 

40 

% 

S60MV1600? 

(37tMP»/f71«C) 

4102 

10.6 

196 

96.0  M/ *00? 

(379  MPlWm 

4176 

7.3 

11.7 

254  M/ *00? 

442  0 

6.3 

204 

26.0  M/1600? 
(172MP1/9WO 

2569 

8.8 

15.7 

200  M/1900? 

<i3i  ifft/mrc) 

161. S 

13.9 

206 

200  M/1900? 

(136  MPa/KWC) 

964 

11 2 

16.9 

Table  III  presents  the  CM  186  LC  chemical  composition  again,  along  with 
other  2nd  generation  DS  superalloys.  The  most  significant  feature  of 
the  alloy  is  its  3.01  Re  content.  Rhenium  addition  to  Ni-based  alloys 
(3  wt.  %  level)  has  been  shown  to  dramatically  increase  alloy  creep 
strength  due  to  its  effect  of  reducing  y'  particle  coarsening  rate  (14), 
and  the  clustering  of  Re  atoms  which  develop,  thereby  impeding  dislocation 
movement  (15). 

Table  III  Second  generation  DS  columnar  casting  alloys 


Wommi  ComposSm.  «t  % 


C 

Cr 

Co 

Mo 

W 

Te 

Re 

Al 

Ti  B 

Zr 

Hf 

M 

(9) 

CM  166  LC 

.07 

6 

9 

5 

8 

3 

3 

57 

.7  .015 

.006 

14 

BAL 

(16) 

PWA1426 

.1 

6.5 

10 

1.7 

6.5 

4 

3 

6 

-  .015 

.1 

1.5 

bal 

(17) 

Ren#  142 

12 

6J 

12 

1.5 

4.9 

636 

24 

6.15 

-  .015 

.02 

1.5 

BAL 

Following  the  Re  addition,  the  alloy  design  concepts  follow  parallel 
to  those  already  described  for  the  CM  247  LC.  It  exhibits  oxidation 
resistance  which  is  superior  to  MM  002,  while  and  hot  corrosion  properties 
are  similar  to  MAR  M  247,  CM  247  LC  and  MM  002.  Long  term  creep-rupture 
specimen  review  suggests  adequate  microstructural  stability  persists. 

Single  Crystal  Casting  Alloys  for  Industrial  Turbines 

Following  extensive  aeroturbine  experience  with  single  crystal  cast 
superalloys,  the  industrial  turbine  designers  seek  to  similarly  employ 
single  crystal  casting  materials  for  the  combustion  process  efficiency 
benefits  that  they  help  create.  Similar  to  their  DS  columnar  counterparts, 
the  single  crystal  materials/components  are  expected  to  help  improve 
combustion  cycle  efficiency  by  virtue  of  their  increased  creep  strength, 
mechanical/thermal  fatigue  resistance,  temperature  capability  and 
resistance  to  environmental  degradation. 

Similar  alloy  design  concepts  are  applied  for  single  crystal  as  discussed 
for  the  DS  alloy  design.  The  exception,  though,  is  that  the  intentional 
absence  of  grain  boundaries  from  the  cast  components  is  desirable  in 
order  to  allow  the  elimination  of  elements  whose  addition  are  intended 
primarily  for  grain  boundary  control,  e.g.  ,  C,  B,  Zr,  Hf.  As  these 
*l«m*nts  are  melting  point  depressants,  their  removal  should  allov  higher 
temperature  solution  cycles  which  result  in  an  increased  level  of  y' 
and  eutectic  y/y'  solutioning,  plus  greater  alloy  microstructural 
homogeneity;  both  of  which  improve  alloy  creep  strength.  Such  features 
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should  also  provide  further  strength  enhancing  control  of  the  y'  particle 
size,  shape  and  distribution. 

The  alloy  design  flexibility  that  should  be  created  by  the  elimination 
of  grain  boundary  strengtheners  simplifies  the  alloy  design  task.  The 
corrosion  resistant  single  crystal  casting  alloys  should  be  developed 
to  exhibit  the  following  characteristics!  (a)  castability  —  freedom 
from  "freckles",  spurious  grain  and  sliver  defects  in  large  castings. 
Compatibility  with  existing  core  technology,  (b)  heat  treatability  — 
wide  solution  heat  treatment  window,  thereby  accommodating  the  potential 
component  chemistry  variation  experienced  from  bottom  to  top  casting 
locations,  (c)  microstructural  stability  -■  balanced  chemistry  which 
provides  freedom  from  deleterious  TCP  phase  formation  during  long  term 
high  temperature  exposure,  (d)  creep  strength  —  similar  to  the  CMSX-2 
alloy  capability,  and  (e)  environmental  resistance  --  IN  738  type  hot 
corrosion  resistance.  Moderate  oxidation  resistance.  Excellent 
coatability. 


This  category  material  may  be  released  for  industry  evaluation  within 
the  next  2  years. 

In  the  meantime,  though,  some  producers  of  relatively  small  and  medium 
industrial  turbines  are  either  testing  and/or  conanitted  to  engine 
application  of  the  2nd  generation,  Re-containing  single  crystal  superalloy, 
CMSX-4 .  One  exaiople  of  conaitment  is  the  turbine  blading  of  the  Solar® 
Turbines  MARS  T-14000  engine  with  CMSX-4;  the  successful  application 
of  which  is  described  in  (18).  Additional  alloy  CMSX-4  detail  follows. 


Single  Crystal  Casting  Alloys  for  Aero  Turbines 

The  use  of  high  strength  single  crystal  components  in  turbine  blade  and 
vane  application  is  partly  responsible  for  the  significant  advances  to 
engine  output  and  efficiencies  achieved  in  recent  years.  As  earlier 
discussed,  the  single  crystal  process  development  ushered  in  an  era  of 
revitalized  alloy  development,  which  continues  to  thrive. 

Selected  first  generation  single  crystal  alloys  developed  during  this 
renaissance  are  illustrated  in  Table  IV.  They  all  provide  similar 
creep-rupture  strength,  however,  with  varying  level  of  functionality, 
i.e.,  castability,  heat  treatability,  resistance  to  recrystallizaton, 
fatigue  strength  and  environmental  properties  resistance.  Larson-Miller 
example  of  the  CMSX-2/3  and  CMSX-6  stress-rupture  capabilities  are 
illustrated  in  Figures  12  and  13,  respectively. 

Table  IV  First  generation  single  crystal  superalloys 


Moy 

Cr 

Co 

Mo 

W 

Ta 

V  Cb 
<Nb) 

At 

71 

HI  Ni  kg/Arr 

(19) 

PWA  1400 

10 

5 

4 

12 

5.0 

1.5 

BAL 

0.70 

(20) (21) 

Ran*  N-4 

9 

8 

2 

6 

4 

.5 

3.7 

4.2 

BAL 

8.56 

( 22 )  ( 23) 

SRR9B 

a 

5 

10 

3 

- 

5.5 

22 

BAL 

8.56 

(22)  (23) 

RR  2000 

10 

15 

3 

■ 

5.5 

4.0 

BAL 

787 

(24) 

AMI 

6 

6 

2 

6 

9 

5.2 

1.2 

BAL 

8.59 

(25) 

AMS 

6 

6 

2 

5 

4 

60 

2.0 

BAL 

B2S 

(26) 

CMSX-2 

8 

5 

.6 

6 

6 

5.6 

1.0 

BAL 

8.56 

(26) 

CM8X-3 

8 

5 

.6 

8 

6 

- 

5.6 

1.0 

1  BAL 

8.56 

(27) 

CMSX-6 

10 

5 

3 

2 

44 

4.7 

1  BAL 

796 

(28) 

AF  56 

12 

6 

2 

4 

5 

3.4 

4.2 

BAL 

125 

99 
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Figure  12  Larson-Miller  stress-rupture  strength  of 
CMSX-2  vs.  MAR  M  247 

(1.8  nu  (0.070  in.]  machined  from  blade  specimens) 
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Larson-Miller  specific  stress-rupture  stength 
of  CMSX-6  vs.  CMSX2/3 


More  recently  developed,  higher  strength  single  crystal  casting  alloy 
compositions,  referred  to  as  2nd  Generation  SX  materials  due  to  their 
3. OX  Re  content  (with  the  exception  of  MC-2)  are  provided  in  Table  V. 
Again,  the  alloys  exhibit  similar  creep-rupture  properties  with  varied 
level  of  functionality. 


Table  V 


Selected  second  generation  single  crystal  alloys 


HonM  ConpoMon,  M.  %  .  _ 

Cr 

Co 

Mb 

W 

T« 

SB 

H 

Tl 

HI  M 

fcQ/drr^ 

1  CMSX-4 
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.• 
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3 

5.5 
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.1  ML 
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1  mu  MM 

s 

10 

2 

• 

• 

3 

II 

.1  SAL 
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•C  M0 

• 

10 

2 

s 

IB 

3 

52 

16 

.1  ML 
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1  MO 

• 

• 

2 

• 

• 

50 

16 

-  SAL 

6C3 

CMSX-4 

The  CMSX-4  alloy  is  Re-containing  modification  of  the  CMSX-2  alloy. 
It  exhibits  a  balanced  blend  of  characteristics  desired  for  successful 
usage  in  the  Investment  casting  foundry,  and  ultimate  properties  attainment 
desired  for  advanced  turbine  blade  and  vane  cosq>onents . 
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Relative  to  CM8X-2,  the  eater ial  is  necessarily  designed  with  moderately 
lower  Cr  content  to  reduce  the  likelihood  of  alloy  phasial  instability, 
111’ ’  the  the really  induced  precipitation  of  undesirable  Cr,  W,  Re-rich 
TCP  phases.  Siellarly,  V  content  is  reduced,  but  the  overall  refractory 
eleaent  (W+Ie+Mo+Ta)  content  is  significantly  increased.  Cobalt  content 
is  increased  to  9  wt.  I  to  assist  with  alloy  solid  solubility,  while 
the  reeainder  of  the  eleaents  essentially  resuiin  the  saae. 

The  resulting  alloy  is  capable  of  full  y’  aolutlonlng  and  exhibits  high 
stress-rupture  strength  [ approximately  35°C  (64°P)  aetal  temperature 

advantage  (density  corrected)  at  982®C/248  MPa  (1800*F/36  kai)  condition] 
as  illustrated  in  Figure  14.  Interestingly,  in  relatively  short  term 
burner  rig  test  at  899°C  (1650#F)  it  also  exhibits  extremely  good  hot 
corrosion  resistance  (Fig.  15).  Additionally,  longer  tens  hot  corrosion 
burner  rig  tests  confirm  the  alloy  provides  performance  similar  to  IN 
792,  while  6000  hour  stress-rupture  tests  at  982°C  (1800°F)  demonstrate 
adequate  phasial  stability. 


Figure  14  Average  Larson-Miller  stress-rupture  strength 

of  CMSX-4  vs.  CMSX-2/3 


[uncoated,  899°C  (1650°F), 
IX  sulfur,  10  ppm  sea  salt, 
113  hour  test] 


Figure  15  Burner  rig  hot  corrosion  results  for  selected  second 

generation  SX  superalloys  (courtesy  of  Allison  Gas  Turbine) 

Following  solution  heat  treatment,  the  material  is  aged  at  sufficient 
tesq>erature/duration  to  promote  aligned  y'  precipitates  with  an  average 
0.45  pm  cubic  dimension,  with  rounded  corners,  which  tends  to  promote 
optimised  creep  rupture  properties  with  the  material.  Examples  of  the 
desired  y'  morphology/arrangement  are  provided  in  Figure  16. 
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i*m  TEM  Micros  true  Cure 

LE  Airfoil  Upper 
Longitudinal 
SEM  Microstructure 

Figure  16  Typical  alloy  CMSX-4  cast  turbine  blade  airfoil 

longitudinal  microstructures  (AGT  2nd  stage  solid  blade) 

The  alloy  also  exhibits  significantly  better  thermo-mechanical  fatigue 
(TMF)  properties  relative  to  first-generation  SX  materials.  Additionally, 
it  appears  that  HIP  treatment  improves  the  higher  refractory  element 
containing  alloys  TMF  properties  by  as  much  as  SOX.  Besides  the  obvious 
benefit  achieved  with  pore  closure,  a  portion  of  the  improvement  may 
be  due  to  the  resultant  increase  to  alloy  homogeneity. 

Emerging  environmental  and  thermal  barrier  coatings  technology  is  expected 
to  extend  this  category  materials  usefulness  in  the  gas  turbine  engine 
for  a  minimum  of  15  years  into  the  future.  Early  work  which  illustrates 
the  potential  benefit  achieved  with  an  advanced  overlay  is  provided  in 
Figure  17. 


a 


CoaSng  typ* 

Figure  17  Coating  performance  of  PWA  1480  at  1149°C  (2100°F) 

[Burner  rig  oxidation]  ( 4) 

Similarly,  low-level  rare  earth  elemental  addition  to  existing  superalloys 
are  shown  to  dramatically  increase  material  bare  oxidation  resistance. 
Figure  18  shows  the  greater  effectiveness  of  a  moderate  level  of  Y  addition 
to  the  CMSX-3  (CMSX-3  MOD  A)  alloy  in  comparison  to  coating  with  an 
aluminide. 
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Figure  18  Dynamic,  1177°C  (2150°F),  cyclic  oxidation 
(Courtesy  of  AGT) 

3rd  Generation  SX  Casting  Alloys 

Third  generation  single  crystal  casting  materials  should  be  designed 
with  about  6  wt.  X  Re  addition,  which  should  result  in  much  higher 
creep-rupture  strength  than  attainable  with  3%  Re-containing  alloys. 
Where  the  best  2nd  Generation  materials  exhibit  adequate  y'  stability 
to  1149-1163°C  (2100-2125°F) ,  the  3rd  Generation  materials  should  exhibit 
a  considerable  extension  of  the  capability. 

With  proper  elemental  balancing,  the  materials  should  exhibit  CMSX-4-like 
castability,  and  should  be  capable  of  full  y’  solutioning.  They  should 
be  more  dense  than  2nd  Generation  materials,  but  the  improved  engineering 
properties  achieved  should  tend  to  compensate  the  impact  of  the  higher 
density. 


They  probably  will  not  be  as  microstructurally  stable  as  second 
generation  single  crystal  materials  at  temperature  above  about  1079°C 
(1975°F),  but  should  still  offer  extremely  good  ductility. 

The  typically  desired  increase  to  selected  engineering  properties  sought 
to  be  achieved  with  3rd  Generation  SX  casting  alloys  followi  (a)  creep 
strength  --  28°C  (50°F)  advantage  to  1079°C  (1975°F),  relative  to  2nd 
Generation  SX  materials.  Similar  creep  strength  at  higher  temperature, 
and  then  greater  creep  strength  above  1163°C  (2125°F),  (b)  hot  corrosion 
—  Similar  to  2nd  Generation  SX  materials,  (c)  oxidation  —  Similar  to 
2nd  Generation  SX,  (d)  tensile  strength  —  Similar  or  better  than  2nd 
Generation  SX,  (e)  impact  strength  —  Similar  or  better  than  2nd  Generation 
SX,  (f)  low  cycle  fatigue  --  Relative  to  2nd  Generation  SX,  similar  at 
low  temperature,  2-3  times  life  at  higher  temperature,  (g)  notched  low 
cycle  fatigue  --  Relative  to  2nd  Generation  SX,  2-3  times  better  with 
high  stress,  similar  with  lower  stress,  and  (h)  high  cycle  fatigue  — 
2-3  times  better  life  than  2nd  Generation  SX. 

Third  generation  single  crystal  superalloys  will  probably  achieve  aero 
turbine  engine  application  within  the  next  few  years. 
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Future  Superalloy  Developments 


DS  columnar  and  SX  alloy  development  efforts  will  continue  to  be  stimulated 
by  the  aero  and  industrial  turbine  industry.  The  depth  of  activity  will 
partially  depend  upon  the  investment  casting  industries  ability  to  develop 
casting  process  improvements  to  make  the  production  of  large  industrial 
components  increasingly  feasible. 

The  industry  will  expend  considerable  effort  toward  the  turbine  engine 
application  of  the  second  and  third  generation  SX  casting  alloys  during 
the  next  five  years.  Incremental  improvements  to  second  and  third 
generation  materials  will  maintain  activity  during  this  time  period. 
Knowledge  gained  during  the  period  could  stimulate  4th  Generation  SX 
alloy  development  activity  for  specialized  application,  the  result  of 
which  would  be  the  further  improvement  to  alloy  creep-rupture  and  fatigue 
properties. 


Summary 

Superalloy  development  activity  continues  to  provide  the  industrial  and 
aeroturbine  engine  industries  with  new  materials  which  exhibit  capabilities 
extending  improvement  to  turbine  engine  efficiency  and  output.  The 
activity,  coupled  with  process  technology,  minor  element  control  and 
addition  to  superalloys,  and  coatings  improvement,  guarantee  bountiful 
activity  with  superalloys  into  the  21st  Century. 
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Abstract 

Advanced  materials  will  require  improved  processing  methods  due  to  high 
melting  points,  low  toughness  or  ductility  values,  high  reactivity  with  air  or  ceramics 
and  typically  complex  crystal  structures  with  significant  anisotropy  in  flow  and/or 
fracture  stress.  Materials  for  structural  applications  at  elevated  temperature  in  critical 
systems  will  require  processing  with  a  high  degree  of  control.  This  requires  an 
improved  understanding  of  the  relationship  between  process  variables  and 
microstructure  to  enable  control  systems  to  achieve  consistently  high  quality. 

One  avenue  to  the  required  level  of  understanding  is  computer  simulation. 
Past  attempts  to  do  process  modeling  have  been  hampered  by  incomplete  data 
regarding  thermophysical  or  mechanical  material  behavior.  Some  of  the  required 
data  can  be  calculated.  Due  to  the  advances  in  software  and  hardware,  accuracy 
and  costs  are  in  the  realm  of  acquiring  experimental  data.  Such  calculations  can,  for 
example,  be  done  at  an  atomic  level  to  compute  lattice  energy,  fault  energies, 
density  of  states  and  charge  densities.  These  can  lead  to  fundamental  information 
about  the  competition  between  slip  and  fracture,  anisotropy  of  bond  strength  (and 
therefore  cleavage  strength),  cohesive  strength,  adhesive  strength,  elastic  modulus, 
thermal  expansion  and  possibly  other  quantities  which  are  difficult  (and  therefore 
expensive  to  measure).  Some  of  these  quantities  can  be  fed  into  a  process  model.  It 
is  probable  that  temperature  dependencies  can  be  derived  numerically  as  well. 
Examples  are  given  of  the  beginnings  of  such  an  approach  for  Ni3AI  and  MoSi2. 

Solidification  problems  are  examples  of  the  state-of-the-art  process  modeling 
and  adequately  demonstrate  the  need  for  extensive  input  data.  Such  processes  can 
be  monitored  in  terms  of  interfacial  position  vs.  time,  cooling  rate  and  thermal 
gradient.  These  quantities  can  then  be  used  to  predict  dendrite  sizes  and  solid  state 
grain  growth.  Similar  computations  based  on  temperature  compensated  time  can 
predict  precipitation  events  or  matrix  phase  change  kinetics.  This  capability  will  lead 
to  microstructural  control  as  a  primary  objective  of  advanced  materials  processing. 

Critical  Issues  in  the  Development  of  Hifh  Temperature  Structural  Materials 
Edited  by  NJS.  StokrfT,  DJ.  Duquette  and  A.F.  Giamei 
Hie  Minerals,  Metals  A  Materials  Society.  1993 
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Introduction 


Directional  and  single  crystal  solidification  technology  progressed  rapidly  in 
the  1970’s  due  to  the  coalescence  of  the  need  for  higher  operating  temperatures,  a 
well  structured  set  of  processing  trials  leading  to  experimental  thermal  data  and  an 
improved  understanding  of  the  thermal  environment  This  understanding  spanned 
the  gaps  from  process  variables  to  growth  conditions  to  microstructure,  and  was  due 
in  large  measure  to  computer  simulations  [1 ,2].  In  particular,  parameters  such  as 
superheat  and  withdrawal  rate  were  shown  to  correlate  strongly  with  thermal 
gradient,  which  controlled  the  columnar  to  equiaxed  transition,  thermosolutal 
convection  and  dendrite  sizes  [3].  During  the  eighties,  models  and  post  processing 
capabilities  became  much  more  sophisticated  [4].  This  occurrence  was  driven 
primarily  by  the  improvement  in  computing  power  per  dollar  of  investment  in 
hardware  and  software.  Applications  were  found  for  equiaxed  castings  as  well  [5]. 

Currently,  welding  is  being  investigated  as  a  process  for  which  we  need 
improved  understanding  and  control.  This  is  an  example  of  what  can  be 
accomplished  today  and  dearly  defines  a  path  to  the  adaptive  dosed  loop  control 
systems  which  will  be  needed  to  process  advanced  materials  for  critical  applications. 

Computational  Procedure 

Finite  Difference  Method  (FDM)  welding  analysis  code  described  elsewhere 
[6]  has  been  generated  from  the  point  of  view  of  the  welding  engineer.  The  current 
version  of  this  code  (MICR13)  has  been  specifically  tailored  to  predict  microstrudural 
features  as  well  as  the  macroscopic  fusion  zone  widths  on  the  upper  and  lower 
surfaces  of  a  thin  sheet.  The  calculations  are  done  based  on  heat  conduction  within 
the  plate.  Convedion  in  the  liquid  has  been  approximated  by  enhanced  condudion. 
This  approach  was  taken  as  convedion  was  presumed  not  to  dominate  in  this 
geometry.  However,  convedion  to  the  protedive  atmosphere  (argon  gas)  and 
radiation  to  the  environment  are  included.  Temperature  dependent  thermal 
properties  and  the  heat  of  fusion  are  incorporated.  The  heat  input  distribution  can  be 
either  ‘‘top-hat’  or  gaussian  in  nature.  The  welding  process  is  Gas-Tungsten-Arc 
(GTA)  and  vaporization  effeds  from  the  H-6AI-4V  alloy  are  included . 

Calculations  are  typically  full  three  dimensional  transient  computations 
including  both  heating  and  cool-down  periods.  Meshing  is  done  automatically  using 
a  graduated  rectilinear  mesh  according  to  one  of  three  preseleded  procedures  and 
datasets  are  archived.  FDM  calculations  have  been  done  for  a  test  matrix  of 
conditions;  outputs  consisted  of  screen  output  to  monitor  the  run  and  visualization 
files  for  temperature,  thermal  gradient,  cooling  rate  and  grain  size  in  the  solid  state 
(heat  affected  zone).  Actual  computing  times  run  from  one  to  ninety  minutes  per  data 
set  (depending  on  the  fineness  of  the  mesh),  using  a  duster  size  of  six  on  the  Affiant 
FX-2800  minisupercomputer  and  fully  optimized  code.  Datasets  have  been  built  for 
austenitic  stainless  steel,  HasteHoy-X  and  H-6AJ-4V. 
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The  code  has  routines  for  making  preliminary  estimates  of  the  number  of  time 
steps  required  and  to  check  out  the  input  file  for  any  errors  or  inconsistencies.  The 
code  was  designed  to  be  efficient,  user-friendly  and  easy  to  compile  (with  various 
routines  broken  out  and  a  makefile  provided).  The  code  is  broken  into  ’Chapters"  to 
make  it  easier  to  follow  the  logic  or  to  locate  important  sections.  It  also  contains 
liberal  comments,  e.g.  explanations  of  units.  The  data  files  have  comments  providing 
guidance  for  input  data  sequence  and  format.  Typical  cases  can  be  run  interactively 
in  a  Unix  environment  within  minutes.  A  set  of  temperatures  comes  to  the  screen  at  a 
"survey  point"  to  trace  the  progress  of  the  solution.  The  code  has  been  run  on 
Convex,  Stellar  and  DECstation  platforms  as  well  as  on  the  Alliant  system  without 
difficulty. 

The  input  is  immediately  archived  and  the  output  files  are  named  in  a 
consistent  manner  which  allows  easy  reference  to  the  archived  input  and  gives  the 
version  number  of  the  code  used  and  data  set  letter  for  uniqueness,  e.g.  mv9b  would 
refer  to  a  volume  file  from  version  9  of  MICRO  code,  data  set  *b”;  whereas  ms6a 
would  refer  to  version  6  of  the  MICRO  code,  data  set  "a”  which  would  be  archived  as 
micr6a.inp.  The  runtime  is  saved  in  a  "times"  file  with  some  salient  comments  about 
the  unique  features  of  the  simulation.  The  user  is  encouraged  to  insert  the  date  of 
the  run  as  well.  By  convention,  the  "z"  data  set  is  for  trials  and  can  be  overwritten  to 
save  space  and  the  "t"  data  set  is  a  timing  data  set  for  reference  with  different 
platforms,  compilers,  compilation  levels  and  operating  systems. 

Output  can  be  requested  at  all  points  within  the  volume  at  a  given  time 
("volume"  file)  or  at  the  top  surface  at  all  times  ("surface”  file).  Much  of  the  computed 
data  is  complex  due  to  the  dependence  of  scalar  or  vector  quantities  on  both  time 
and  the  three  dimensional  geometrical  features.  Scientific  visualization  has  been  an 
excellent  tool  to  extract  useful  information  from  such  simulations,  e.g.  weld 
penetration  and  mushy  zone  shape.  Output  can  be  requested  in  standard  forms, 
which  are  compatible  with  several  visualizers.  Realistic  colormaps,  3D  graphics, 
varying  degrees  of  transparency,  specialized  lighting  effects  and  animation  have 
been  valuable  tools  to  allow  users  to  readily  grasp  meaning  from  large  data  files. 

The  "output"  referred  to  above  consists  of  two  files;  a  co-ordinate  file  and  a 
"quantities"  data  file.  There  are  five  quantities  in  the  frequently  used  PLOT3D  format 
being  used;  the  first  (Q1)  is  carried  as  a  dummy  with  value  1,  since  it  is  used  as  a 
denominator  to  compute  momentum  vectors  in  viewers  designed  primarily  for 
computational  fluid  dynamics  datasets.  There  are  three  options  for  the  remaining 
four  quantities.  The  first  is  to  carry  dummy  quantities  of  2, 3,  and  4  for  Q2, 03  and  04 
and  set  Q5  equal  to  the  temperature  at  a  grid  point.  The  second  is  to  compute  the 
vector  components  of  the  scalar  gradient  field,  G,  and  carry  these  as  02  to  04.  The 
third  procedure  is  to  equate  Q2  to  the  local  grain  size,  03  to  the  local  cooling  rate 
and  04  to  the  scalar  temperature  gradient,  G  as  follows: 

G-SQRTtGxZ  +  GyZ  +  Gz*) 
m 


(1) 


The  "derivative  quantities*,  thermal  gradient  and  cooing  rate,  can  be  used  to 
predict  dendrite  size  [7],  sofidtfication  microstructure  (8]  or  wekflng  detects  {9].  The 
specific  implementations  are  alloy  dependent.  The  grain  size  calculation  is  done  as 
a  coarsening  calculation  based  on  drifusion  control  assuming  a  uniform  Initial  grain 
sin  f9].  This  data  field  provides  a  convenient  record  of  temperature  compensated 
rime  and  can  be  morriffed  to  predtot  precipitate  sizes  or  the  shape  of  the  'heat 
affected  zone*.  Valdatfon  has  been  done  by  comparison  artth  analytical  solutions  for 
the  steady  state  problem,  experimental  data  where  available  and  with  Finite  Element 
Analysis  using  commercially  available  code  [6]. 

In  Fig.  1 ,  an  example  is  given  of  an  isothermal  surface  at  1 670  °K  w  vector 
field  attached  to  represent  the  thermal  gradient  using  Icons*,  e.  g.  a  set  or «  jws  in 
this  case.  The  mesh  is  shown  as  it  intersects  the  isosurface  to  give  an  impression  of 
the  volume  being  modeled  and  to  show  the  meshing  strategy.  This  surface  can  be 
manually  "waked"  or  automatically  'swept*  through  to  survey  the  data.  The  opening 
at  the  tower  surface,  for  the  case  of  the  Hquidus  temperature  isosurface,  represents 
full  penetration;  this  is  considered  as  a  desirable  welding  condition  to  achieve  a  joint 
with  adequate  strength  and  toughness.  The  MICRO  welding  code  predicts 
instantaneous  and  smoothed  upper  and  tower  surface  fusion  zone  widths,  and  these 
compare  well  with  experiment  for  a  variety  of  conditions  [9].  Sectioning  planes  (x,  y, 
z  or  any  arbitrary  orientation)  can  also  be  used  to  sample  the  data  file.  A  user 
defined  color  map  is  used  to  provide  realism  in  accordance  with  the  colors 
associated  with  radiant  heat.  This  feature  improves  the  ability  of  the  user  to  quickly 
relate  to  thermal  data. 


Figure  1.  1670  °K  isothermal  surface  with 
thermal  gradient  vector  Icons”  attached. 
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Figure  2.  Grain  size  contour  map  for  GTA  welding 
simulation  of  Ti  alloy  thin  plate  (top  view). 


In  Fig.  2,  a  grain  size  contour  map  is  shown  for  the  heat  affected  zone.  These 
contours  are  similar  to  the  isothermal  contours,  but  do  not  collapse  behind  the  heat 
source  as  it  moves  along.  It  appears  that  the  GTA  process  comes  to  a  near  steady- 
state  condition  within  a  few  seconds,  and  this  is  consistent  with  observation. 
Favorable  comparisons  have  been  made  between  computed  and  experimental  grain 
size  data  for  titanium  alloys  [9].  Fig.  3  shows  a  magnified  isometric  view  of  isograin 
size  surfaces  with  some  of  the  data  'clipped’'  away  tor  clarity.  Data  files  are  also 
generated  for  temperatures  at  preselected  imaginary  thermocouple  locations  in  a 
■probe”  file  (for  comparison  with  experimental  data)  and  for  the  time  dependence  of 
grain  size  at  any  given  survey  point.  An  example  of  the  latter  data  structure  is  shown 
in  Fig.  4. 


Future  Process  Modeling 


The  field  of  process  simulation  is  maturing  rapidly.  The  combination  of 
advances  in  pre-  and  post-processing,  analysis  software  and  performance  per  unit 
price  will  broaden  applications  in  the  very  near  term.  However,  there  are  barriers  as 
well  as  opportunities  associated  with  wider  use  of  process  simulation  in  the 
manufacturing  environment. 


We  need  to  recognize  that  modeling  is  done  at  several  distinct  levels,  as 
shown  in  Table  I.  One  barrier  is  human  as  weH  as  digital  communication  between 
the  various  levels.  The  continuum,  quantum  and  atomistic  levels  are  relatively 
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Figure  3.  IsoGrainSize  surfaces  in  heat  affected  zone 
(from  50  micron  initial  size). 


Time  Index 


Figure  4.  Time  dependence  of  grain  growth  within  heat  affected  zone 


|  mature  at  this  point.  However,  the  defect  and  grain  levels  need  more  emphasis.  In 
I  some  cases,  available  theories  are  inadequate  as  metallurgists  and  materials 

I  scientists  have  relied  heavily  on  empirical  correlations  for  many  complex 

I  phenomena  in  die  past.  From  the  point  of  view  of  Materials  Science,  in  order  to 
predict  the  specific  composition/process/Structure/property  relations,  we  need  to 
improve  micro  structural  models.  This  is  pardcuiarty  true  In  terms  of  predicting 
mechanical  properties.  Current  mechanical  models  for  material  behavior  are  often 
inaccurate  at  large  strain  (above  3  to  5%).  A  physically  based  constitutive  model 
would  allow  for  simulation  of  large  strain  problems.  Such  problems  are  endemic  in 
materials  processing. 


Table  I.  Levels  of  Modeling 

TRANSPORT:  Heat  &  Fluid  Flow  (Macro) 

NON-UNIFORM:  Composites  (Meso) 

MONOLITH tC/CONTlNUUM:  Sold  Solutions  (Meso) 
MULTI-GRAIN:  Texture  (Mcro) 

DEFECT:  Point/Une/Planar  (Mcro) 
ATOMISTIC:  Crystal  Structure  (Nano) 
QUANTUM:  Electrons  (Pico) 


We  currently  are  able  to  compute  the  equilibrium  crystal  structure,  lattice 
parameters,  relative  phase  stability,  thermal  expansion  coefficient,  elastic 
compliance,  Pierers  stress,  Density  of  States,  electron  charge  density  (see  Fig.  5), 
bond  strength,  diffusivity,  activation  energy,  phase  enthalpy,  planar  fault  energies, 
residual  stresses,  specific  heat,  thermal  conductivity,  etc.  from  first  principles  or 
thermodynamics.  The  availability  of  these  parameters  has  not  pushed  the 
technology  sufficiently  to  have  it  applied  routinely.  What  is  needed  is  the  PULL  of 
application  engineers,  as  was  the  case  for  single  crystal  superalloys.  More  effort  is 
required  in  obtaining  the  temperature  dependencies  of  thermophysical  and 
mechanical  properties. 

Computed  material  properties  can  be  used  to  "feed*  process  models.  Most  of 
these  parameters  are  currently  gathered  from  the  literature  or,  in  some  cases, 
measured  experimentally.  Literature  values  are  generally  not  available  for  the  more 
complex  systems.  Laboratory  measurements  are  typically  time  consuming  and  can 
be  quite  expensive.  Both  literature  values  and  currently  available  measurements 
can  be  in  error  due  to  improperly  prepared  materials  or  non-standard  techniques.  At 
least  simulated  data  will  be  systematic  and  consistent  with  known  physical  laws. 
Experimental  data  are  still  required  for  validation.however,  but  costs  can  be 
minimized. 
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Conclusions 


A  process  control  system  requires  a  set  of  rules.  Such  rules  can  be  extracted, 
at  least  in  part,  from  simulations  of  the  welding  process.  Welding  is  sufficiently 
complex  so  as  to  challenge  current  modeling  capabilities.  Nonetheless,  predictions 
have  been  made  for  critical  parameters,  such  as  penetration  and  fusion  zone  taper 
as  well  as  microstructural  quantities,  e.g.  grain  size  in  the  heat  affected  zone. 
Simulations  are  consistent  with  experimental  trends  and  can  be  tuned,  where 
necessary,  to  provide  a  reasonably  precise  match.  Heat  conduction  problems  can 
be  carried  out  very  efficiently  for  a  reasonably  fine  mesh.  This  approach  seems  to 
work  well  for  thin  plates  and  could  be  used  to  initialize  an  intelligent  process  control 
system.  We  are  confident  that  other  (simpler)  processes  can  be  accurately  modeled 
as  well  in  the  near  term. 


The  output  of  process  simulation  can  be  used  to  train  a  Knowledge  Based 
System  (KBS).  The  KBS  can  be  very  efficient,  and  can  therefore  drive  a  process 
control  system.  Currently,  knowledge  comes  from  experience  or  data.  Conflicts 
within  and  between  these  sources  of  information  must  be  resolved  in  order  to 
establish  unique  linkage  between  input  and  output.  In  addition  to  data  imperfections 
pointed  out  above,  experience  can  be  partially  incorrect;  snd,  of  course  simulations 
can  be  imperfect  due  to  inadequate  theory,  inputs  or  numerical  strategies.  The  KBS 
approach  draws  from  the  strengths  of  ail  three  sources;  it  also  circumvents 
discontinuities  associated  with  vacation,  shift  change,  retirement,  etc.  The  KBS 
kernel  can  also  draw  from  several  sources  of  experience,  for  example.  Thus  it 
provides  communication,  continuity,  accuracy  and  simplifies  the  path  to  optimization. 
This  will  replace  the  trial  and  error  approach.  Those  that  do  not  heed  the  call  will  not 
be  competitive.  Examples  of  the  evolution  of  such  a  scenario  already  exist  in  the 
forging  industry. 
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Abstract 

Fiber  reinforcement  of  ceramics  is  primarily  intended  to  impart  resistance  to  sudden 
catastrophic  failure  and  increase  toughness.  Their  incorporation  complicates  processing. 
All  possible  processes  have  significant  limitations  with  respect  to  materials  combinations 
and  structures  attainable.  High  temperature  environmental  considerations  place  further 
constaints.  Performance  data  at  elevated  temperature  is  presented  with  emphasis  on 
matrix  cracking.  Areas  requiring  further  studied  are  recommended. 


Introduction  and  Background 


Continuing  progress  towards  more  efficient,  higher  performance  heat  engines  and  other 
high  temperature  systems  depends  on  the  improvement  of  high  temperature  structural 
materials.  Improved  design  is  an  equal  partner  to  progress,  but  ultimately  design  becomes 
materials  limited.  There  appears  to  be  a  nature-imposed  temperature  ceiling  to  the 
continuing  evolution  of  'conventional*  alloys.  Interme tallies,  ceramics  and  composites 
based  on  them  offer  promise  in  breaking  through  such  a  ceiling.  If  these  new  materials 
are  to  displace  trusted  conventional  state-of-art  materials,  they  must  also  show  clear 
economic,  or  cost-effective  performance  advantage. 

This  paper  considers  the  potential  of  ceramic  matrix  composites  (CMCs)  as  structural 
materials.  Monolithic  ceramics  typically  offer  high  melting  temperatures,  low  densities, 
oxidation  resistance,  and  attractive  elastic  properties.  Unfortunately,  they  usually  fail  in 
a  catastrophic  brittle  mode.  Very  tough  ceramics^1'  have  been  produced  by  incorporating 
meta-stable  Zr02  particulates  into  their  structures.  However,  this  enhanced  toughness  is 
only  effective  over  a  narrow  temperature  band.  In  contrast  the  toughening  afforded  by 
fiber  reinforcement  is  not  intrinsically  limited  by  temperature.  Hence,  CMCs  have 
attracted  great  interest  Translation  of  the  potential  of  CMCs  into  practice  will  depend 
on  how  they  fare  in  competition  with  other  classes  of  materials,  such  as  superalloys  and 
metal  matrix  composites. 

In  the  early  1970’s  fiber-reinforced  glass  and  glass-ceramics  were  synthesized^  that 
exhibited  works-of-fracture  comparable  to  that  of  brass.  However,  the  toughness  differs 
from  that  derived  from  ductility  and  involves  some  degree  of  matrix  cracking.  Nevertheless 
sudden  catastrophic  failure  can  be  avoided  and  a  minimum  strength  can  be  ensured. 
These  early  insights  into  ceramic  toughening  via  fibers  were  not  immediately  embraced. 
Instead  attention  focussed  on  producing  high  performance,  high  reliability  monolithic 
silicon  carbide  and  silicon  nitride  ceramic  turbines  mainly  for  automobiles.  However,  these 
sophisticated  materials  remain  vulnerable  to  accident'.!  damage  and  catastrophic  failure. 
The  ultimate  realization  that  tougher  materials  exhibiting  'graceful  failure”  were  needed 
has  rekindled  new  attention  on  CMCs. 

Great  progress^  has  been  made  in  understanding  and  predicting  the  toughness,  strength 
and  failure  processes  in  ceramic  composites  based  on  micromechanical  models.  Refined 
experimental  techniques  continue  to  be  developed  to  measure  the  basic  physical  properties 
required  as  inputs  to  these  models.  The  present  state  of  theoretical  understanding  outstrips 
the  ability  to  produce  ceramic  composites  that  seriously  challenge  current  state-of-art 
metallic  structural  systems.  This  is  in  part  a  tribute  to  designers  and  fabricators  of  metal 
parts  which  often  have  intricate  labyrinth  internal  passages  that  allow  efficient  gas  cooling. 
This  approach  has  offset  the  need  for  materials  having  intrinsically  higher  temperature 
capabilities.  However,  as  the  properties,  fabrication  capabilities,  and  confidence  in  ceramic 
composites  increases,  and  as  the  costs  become  competitive,  the  current  state-of-art 
materials  will  be  increasingly  challenged  and  will  ultimately  be  displaced. 

This  paper  addresses  those  issues  and  barrier  problems  which  are  expected  to  pace  that 
displacement  These  include  the  limited  palette  of  materials  from  which  to  produce  the 
composites,  processing  limitations,  and  consensus  as  to  what  requirements  are  critical. 
Some  limited  data  on  mechanical  performance  are  offered  along  with  some  commentary 
and  recommendations  for  future  emphasis. 
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Property  Goals  and  Requirement* 


The  performance  advantages  sought  in  CMCs  relative  to  alternative  materials  are:  (1) 
higher  temperature  capability  in  terms  of  strength,  modulus,  creep-resistance,  thermal 
fatigue  resistance,  and  environmental  resistance;  (2)  lower  density~if  translatable  into 
lower  weight;  (3)  improved  wear,  corrosion,  or  radiation  resistance;  (4)  reduced  cost  or 
reduced  reliability  on  strategically  scarce  materials,  such  as  chromium. 

Although  all  of  these  goals  are  important,  this  paper  takes  the  position  that  the  most 
important  contribution  that  ceramic  composites  can  offer  is  to  substantially  extend  the 

ranye  of  structural  materials  to  higher  temperatures  than  those  imposed  hv  nature  on  hiyh 

temperature  alloys.  Such  materials  could  open  radically  new  design  possibilities  for  high 
efficiency,  high  performance  heat  engines  and  other  high  temperature  structures. 

Composite  Materials  Options 

Oxidation  resistance  and  temperature  capability  per  se  are  primary  concerns.  Thus,  one 
strategy  is  to  focus  on  the  refractory  oxides.  Another  is  to  seek  out  oxidation-resistant 
materials.  The  covalent  silicides  are  high  melting  materials  that  are  not  only  creep-resistant 
but  also  form  very  effective  protective  oxide  layers.  Hence,  the  refractory  oxides  and  the 
covalent  silicides  have  been  attractive  candidates  for  fibers  and  for  matrices.  The  following 
sections  discuss  some  of  the  constraints  in  producing  suitable  fibers  for  use  in  high 
temperature  composites.  Properties  of  reinforcing  fiber  are  listed  in  Table  1. 

Oxide  Fibers 

Continuous  oxide  fibers*5!  for  CMCs  have  been  produced  based  on  alumina,  mullite,  and 
zirconia  among  others.  Fibers  are  typically  spun  from  viscous  colloidal  suspensions  and  are 
later  sintered  to  produce  very  fine-grained  crystalline  microstructures.  The  fibers  can  be 
produced  in  sufficiently  fine  diameters  (3  to  20  ^m)  to  be  gathered  into  yarns  and  made 
into  fabrics  convenient  for  making  laminated  composites.  However,  the  fine-grained 
structure  of  the  fibers  renders  them  prone  to  creep  in  accordance  with  the  well-known 
proportionality*6!  between  the  creep  rate  dc/dt  and  an  d'p  where  a  is  the  applied  stress, 
d  is  the  grain  size  d,  and  n  and  p  are  exponents.  Taking  a  stress  of  200  MPa  and  a  creep 
rate  of  10-9  /sec  as  modest  performance  bounds  for  reinforcements  for  structural 
applications,  then  the  upper  use  temperatures  for  the  polycrystalline  oxide  fibers  1  is  less 
than  1100°C  as  seen  in  Table  I. 

Single  crystal  oxide  fibers  can  also  be  made  as  continuous  fibers  or  as  whiskers.  Melt- 
grown  single  crystal  sapphire  fibers  are  relatively  much  larger  in  diameter  125  to  250  pm 
and  more  costly.  This  fiber  exhibits  substantially  greater  creep  resistance*7!,  but  must  be 
processed  by  monofilament  techniques. 

Oxide  fibers  are  intrinsically  more  susceptible  to  creep  than  are  covalent  non-oxide  fibers. 
There  has  been  an  on-going  search  to  identify  and  test  compositions  that  may  be  more 
creep-res  is  tant*8,9! .  Yttrium  aluminum  garnet  YAG  appears  to  show  promise*10*  and  melt 
grown  fibers  are  just  becoming  available. 
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TABLE  I  Fibers  for  Ceramic  Matrix  Composites 


Fiber 

Diameter 

H  m 

Strength 

GPa 

Modulus 

GPa 

CTE 

10-6  /°c 

Approx.  Max. 
Use  Temp.  °C 

Al203(mono) 

125-250 

2.8 

480 

8.8 

1450 

Al203(poly) 

20 

1.4 

380 

9 

< 1100c 

Al->0,/Zr0,(poly) 

20 

2.1 

380 

9 

<  1100c 

C 

6-10 

1.4-5.5 

200-700 

0 

2200 

Mullite(poly) 

10-12 

1.9 

220 

5-6(est) 

< 1100c 

(+B2CM 

Si02 

10 

1.4 

70 

0.5 

1000 

SiC(CVD) 

140 

35 

425 

4.5 

1250±  100(est) 

SiC(Nicalon/ 

10-1 

2.4 

190 

3 

1100-1300d 

Tyranno) 

SiC(whiskers) 

0.2-10 

5-10 

600 

4.5 

>1600 

mono  means  monocrystal 
poly  mean  polycrystal 
c  Temperature  limit  based  on  creep 
d  Temperature  limit  based  on  chemical  degradation 


Non-Oxide  Fibers 

The  demonstration  by  YajinuJ11!  in  1975  that  SiC  could  be  produced  by  pyrolysis  of  a 
carbon  and  silicon  containing  resin  was  followed  by  a  subsequent  process  for  making  fibers. 
These  Nicalon  TM  silicocarbon  fibers  offered  a  higher  temperature  capability  and  high 
stiffness  than  other  fibers  then  available  and  contributed  significantly  to  the  resurgence  of 
interest  in  CMCs.  These  fibers  are  oxidation  resistant,  and  are  sufficiently  fine  in  diameter 
to  permit  weaving.  The  processing  causes  these  fibers  to  contain  a  considerable  amount 
of  internal  oxygen,  rendering  them  intrinsically  thermodynamically  unstable^12! .  Thus,  they 
begin  to  decompose  and  change  microstructure  at  about  1 100°C.  Other  fiber  compositions 
such  as  Si-C-O-Ti,  Si-O-N,  Si-O-C-N  have  been  produced,  but  all  experience  similar 
instability.  The  Nicalon  fiber  does  creep  once  a  temperature-dependent  stress  threshold 
is  exceeded. 

Silicon  carbide  itself  is  not  subject  to  such  instability  problems.  Various  efforts  to  convert 
the  starting  resins  into  SiC  fibers  without  the  need  to  introduce  oxygen  into  the  system  are 
showing  promise.  However,  no  fibers  made  by  these  approaches  are  yet  available.  Another 
route  under  development  for  producing  SiC  fibers  is  analogous  to  that  for  making 
polycrystalline  oxide  fibers,  e.g.,  filaments  are  formed  from  a  vehicle  in  which  very  fine  SiC 
particulates  are  dispersed,  followed  by  sintering. 

Chemical  vapor  deposition  CVD  and  whisker  growth^13!  by  either  vapor-liquid-solid  VLS 
or  vapor-solid  VS  offer  further  options  for  producing  SiC  filaments.  The  CVD  process 
requires  deposition  of  SiC  from  a  suitable  combination  of  reactive  gases  onto  a  hot 
filamental  core.  Accordingly,  this  process  results  in  fibers,  comparable  in  size  to  the  single 
crystal  sapphire  fibers.  Thus,  composite  fabrication  with  these  CVD  fibers  requires  their 
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handling  as  individual  filaments.  Although  these  fiber  are  thermodynamically  stable, 
residual  unreacted  Si  in  the  fibers  appears  to  be  responsible)14)  for  their  creep  above 
1250°C. 

A  new  process  for  making  SiC  whiskers,  originally  from  rice  hulls!15),  has  led  to  the  ready 
availability  of  the  whiskers  as  reinforcements  in  ceramic  and  metal  matrix  composites. 
Their  diameters  range  from  about  0.1  to  1  fim  and  their  aspect  ratios  are  of  the  order  of 
100.  Limited  quantities  of  larger,  longer,  more  fiber-like  SiC  whiskers  have  been  produced 
either  as  a  by-product  from  the  making  of  SiC,  or  as  a  result  of  carefully  controlled 
laboratory  processes.  The  low  cost  and  availability  of  "rice  hull"  whiskers  has  had  an 
impact  on  CMCs  comparable  to  that  of  the  polymer-derived  siiicocarbon  fibers.  These 
very  fine  whiskers  are  now  recognized  as  being  potent  carcinogenic  hazards. 

Other  reinforcements  such  as  CVD  TiC  fibers  and  Si3N4  and  Siaion  whiskers  have  been 
produced,  but  these  have  not  yet  been  widely  used  in  CMCs. 

Matrices  and  Coatings 

Because  of  the  limited  fiber  choices,  matrices  and  processes  must  often  be  chosen  to 
accommodate  the  fibers.  If  the  fibers  and  the  matrix  are  chemically  reactive  or  mutually 
soluble,  then  a  barrier  layer  coating  is  required  to  prevent  damage  to  the  fiber  or  to  avoid 
sintering  to  the  matrix.  Considerations  of  interactions)16)  under  the  additional  influence 
of  the  environment,  discussed  later,  indicate  that  in  most  composites  both  the  fibers  and 
the  matrix  should  be  either  oxides  or  non-oxides,  but  not  mixtures  of  the  two. 

Matching  the  thermal  expansivities  of  the  matrix  and  reinforcement  are  needed  to 
minimize  thermal  stresses  and  thermal  cycling  problems.  A  mismatch  of  1  x  10-6  in  the 
expansivities  results  in  a  strain  mismatch  of  about  0.1%  during  thermal  excursions  of  the 
magnitude  expected  in  high  temperatures  CMCs.  Such  strains  can  not  only  damage  the 
composite,  but  also  affect  toughness  of  the  composite  via  the  fiber-matrix  frictional 
coupling.  Some  of  the  possible  fiber-matrix  combinations  can  be  considered  by  comparing 
Tables  I  and  II. 

Fiber  coatings  needed  to  prevent  fiber  degradation  during  processing  or  service  must  be 
benign  towards  the  fiber  and  the  matrix,  and  resist  environmental  attack.  The  coatings  also 
affect  the  fiber-matrix  coupling.  Materials  used  for  coatings)17)  include  carbon,  SiC,  BN, 
and  Si02.  These  and  other  coatings  can  be  deposited  by  chemical  vapor  deposition, 
sputtering,  and  other  processes. 

Fabrication 

The  effectiveness  of  "reinforcements"  to  improving  the  toughness  and  strength  of  ceramic 
composites  increases  in  the  order:  particulates,  discontinuous  randomly  oriented  fibers, 
oriented  fibers,  and  layered  aligned  continuous  fibers.  This  is  roughly  the  order  of  the 
difficulty  of  making  the  composites. 

Pressureless  sintering  of  compacted  powder  shapes  is  the  most  important  process  for 
making  monolithic  ceramics.  This  process  necessitates  substantial  shrinkage  of  the  porous 
starting  shapes  as  the  void  space  is  eliminated.  Although  sintering  is  already  some-what 
inhibited)18)  by  even  small  additions  of  second  phase  particulates,  sintering  can 
nevertheless  take  place. 


Table  II  Matrices  for  Ceramic  Composites 


Material 

Strength 

MPa 

Modulus 

GPa  10-6  /°C 

CTE 

MPa  m1/2 

A¥>s 

350-700 

480 

8£ 

3-5 

ZiO, 

150-350 

240 

13.5 

5.6-6.1 

Mulute 

180-200 

145 

S3 

2-3 

Zircon 

200-360 

195 

43 

23 

SiOj  gl 

— 

70 

03 

1 

Borosilicate  gl 

— 

70 

3  3 

<1 

SiC 

500-800 

425 

43 

3-6 

Si3N4 

600-850 

385 

3 

4-7 

LAS 

50-250 

84 

2.0 

2 

CAS 

— 

88 

5.0 

2 

MoSi2  —  400 

gl  means  glass 

LAS  means  lithium  aluminum  silicate  glass-ceramic 

CAS  means  calcium  aluminum  silicate  glass-ceramic 

8.5 

5 

Introducing  fibers  (or  platelets)  that  do  not  chatje  dimensions  during  processing  inhibits 
sintering  even  more.  Thus,  other  techniques  are  often  employed  to  achieve  dense  structures 
or  to  preserve  the  shape  and  size  of  the  starting  material.  These  processes  include 
management  of  the  aspect  ratio  of  the  "reinforcement”  phase,  pressure-assisted  sintering, 
and  various  approaches  for  transporting  material  into  die  void  spaces.  These  processes 
involve  compromises  which  affect  the  properties,  the  range  of  feasible  material  systems, 
or  the  size  and  shape  of  the  final  composite.  The  processes  can  be  categorized  into  (1) 
consolidation  methods,  and  (2)  infiltration  methods. 

Consolidation  Methods 


Aspect  Rado  Management 

Although  fibers  inhibit  sintering,  the  smaller  their  aspect  ratio,  the  closer  they  approximate 
particulate  additions,  and  the  greater  the  final  density  which  is  achievable  by  pressureless 
sintering.  However,  decreasing  the  fiber  aspect  ratio,  for  example  by  milling  the  fibers,  can 
affect  the  composite  toughness.  The  magnitude  and  sign  of  the  effect  depends  on  whether 
pull-out  or  crack  deflection  are  the  major  toughening  mechanisms.  Thus,  this  approach 
depends  on  balancing  the  penalty  in  strength,  toughness,  and  environmental  encroachment, 
due  to  incomplete  densificadon,  against  the  possible  loss  in  properties  due  to  fiber 
shortening.  Milewskif19^  has  studied  the  packing  efficiency  of  solids  consisting  of  mixtures 
of  rods  and  sphere  as  a  function  of  their  volume  fractions,  sizes,  and  the  aspect  ratio  of  the 
rods.  These  results  can  provide  useful  guidelines  for  optimizing  densificadon. 

Pressure  Assisted  Sintering 

Hot  pressing  HP  and  hot  isostatic  pressing  HIP  can  produce  dense  composites.  HP 
requires  special  high  temperature  dies  and  presses  as  weU  as  controlled  atmospheres.  Both 


HP  and  HIP  work  well  depending  on  the  creep-flow  characteristics  of  the  matrix  and 
providing  that  the  volume  fraction  of  the  reinforcement  is  not  so  large  as  cause  the 
structure  to  lock  up."  Excessive  pressure  can  result  in  fiber  failures.  The  shapes  which  can 
be  made  are  limited  by  what  die  shapes  are  feasible. 

HIP  requires  that  the  outer  surface  of  the  specimen  be  impermeable  to  the  pressurizing 
gas.  If  the  pores  are  closed  then  the  specimen  acts  as  its  own  envelope  allowing  consider¬ 
able  shape  flexibility.  Otherwise  the  sample  must  be  'canned”  in  a  suitable  envelope  which 
can  restrict  the  shapes  possible.  Thus,  under  favorable  conditions,  shape  integrity  and 
predictable  shrinkage  may  be  achievable.  In  less  favorable  cases,  a  bulk  shape  is  produced 
that  requires  further  machining. 


Polymers!20)  capable  of  being  subsequently  converted  into  a  wide  range  of  "ceramics”  are 
under  active  exploration  and  development.  The  use  of  liquid  phase  chemistry  to  produce 
ceramics  offers  leads  to  compositional  homogeneity,  alloying  flexibility,  and  processing 
possibilities  and  convenience  not  available  by  conventional  powder-based  technologies. 
These  fluid  precursor  materials  can  also  be  used  to  produce  the  composites,  for  example, 
by  infiltrating  the  resin  into  a  porous  compact  comprised  of  the  reinforcement. 

Colloidal  sols  and  ultrafine  suspensions  of  ceramics  offer  much  the  same  advantages  and 
processing  options  as  do  the  organic  precursors  and  can  also  be  used  to  provide  composite 
matrices  by  infiltration!21)  into  porous  preform  structures.  Such  sols  are  often  produced 
by  hydrolysis  of  organometallic  precursors  such  as  tetraetlrylorthosilicate  TEOS  or 
aluminum  alkoxides. 

Because  of  the  volumetric  shrinkage  that  accompanies  the  conversion  from  the  liquid 
precursor  state  to  the  ceramic,  these  processes  do  not  lead  to  fully  dense  composites.  The 
shrinkage  often  leads  to  internal  matrix  cracks  and  multiple  reinfiltrations  and  conversions 
are  required  to  achieve  high  densities. 


Because  of  their  viscosity,  glasses  are  particularly  well  suited  for  making  fully  dense 
composites^22) .  By  applying  pressure  to  the  glass  and  fiber  reinforcement  combination,  in 
the  working  temperature  range  of  the  glass,  the  glass  can  be  made  to  flow  and  to 
encapsulate  the  fibers.  This  technique  is  especially  advantageous  if  the  glass  can  be 
converted  into  a  fine  grained  crystalline  ceramic.  The  glass-ceramics  selected  are  usually 
low  thermal  expansivity  materials. 

Among  the  various  ways  of  combining  the  glass  and  the  fibers  is  to  coat  the  fibers  with 
a  slurry  of  powdered  glass.  The  coated  fibers  are  fixed  in  the  desired  arrangements,  and 
then  densified  by  heating.  Another  process  is  transfer  molding:  the  dry  fibers  are  placed 
in  a  die  cavity  and  the  molten  glass  is  forced  into  the  cavity  under  pressure,  wetting  and 
encapsulating  the  fibers.  United  Technology  Corporation  and  Corning  Glass  Works,  Inc. 
have  both  been  actively  developing  these  and  related  processes  and  have  demonstrated 
remarkable  property  and  process  achievements.  A  wide  range  of  carefully  controlled  and 


reproducible  shapes  with  specified  fiber  architectures  can  be  produced. 

The  chief  limitation  of  composites  produce  by  tins  process  arises  from  either  the  softening 
temperature  of  the  glass,  or  the  solidus  temperature  of  the  glass-ceramic  at  which  point 
creep  becomes  a  problem.  The  upper  bound!23!  of  this  temperature  limit  appears  to  be 
about  1150°C.  It  is  possible  that  glms-ceramic  compositions  can  be  found  having  higher 
solidus  temperatures 
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Many  matrix  materials  such  as  SiC,  TiC,  A1203,  and  Z1O2  can  be  deposited  from  gases 
or  combinations  of  gases  under  specific  pressures,  temperatures,  and  compositions,  that  are 
thermodynamically  favorable.  Thus,  matrices  can  be  introduced24)  into  porous  preform 
structures  comprised  of  the  reinforcement.  This  near-net-shape  process  has  successfully 
produced  large  intricate  shapes.  For  example  turbine  wheels  of  Nicalon  fibers  which  are 
bonded  by  a  CVI-produced  SiC  matrix  have  been  achieved. 

Such  deposition  requires  transporting  the  gaseous  reactants  and  by-products  into  and  out 
of  the  pores.  Because  a  continuing  supply  of  gases  is  needed,  fully  dense  structures  cannot 
be  produced  by  this  process.  Uniform  deposition  within  the  porous  structure  requires 
conditions  under  which  the  reaction  is  ldnetically  controlled  at  the  deposition  surface. 
Otherwise  the  process  becomes  choked  off  at  the  surface.  Slow,  carefully  controlled 
processing  is  required.  Reasonable  production  rates  are  achieved  by  batch  processing  in 
which  many  parts  are  infiltrated  simultaneously  over  a  long  period  of  time. 

The  deposition  rate  has  been  shown  to  be  substantially  increased  by  means  of  forced  gas 
flow,  and  temperature  gradients.  However,  these  techniques  also  impose  limitations  on 
the  geometries  which  can  be  processed  in  this  way. 


This  process!25! ,  also  known  as  the  Lanxide™  process,  involves  the  simultaneous  oxidation 
of  a  molten  metal  such  as  aluminum,  and  the  simultaneous  wicking  of  the  molten  metal 
through  channels  in  the  oxide  layer.  Thus,  the  oxidation  occurs  at,  or  on  the  continually 
replenished  gas/melt  interface.  Alloying  additions  are  found  to  enhance  the  kinetics  and 
to  modify  the  structure.  If  a  porous  mat  of  reinforcements,  such  as  SiC  fibers,  is  placed 
on  the  growing  surface  and  constrained  to  a  given  geometry,  the  oxidation  products  can 
grow  through  the  reinforcement  enveloping  it  Thus,  this  process  can  produce  complex 
shapes  of  controlled  size. 

The  process  takes  place  at  lower  temperatures  than  are  normally  required  for  conventional 
sintering.  Thus,  some  fibers,  which  might  otherwise  be  degraded  at  higher  sintering 
temperatures,  can  be  used  in  this  process.  This  process  is  restricted  to  those  metals  that 
show  this  kind  of  oxidative  (or  similar  reactions  with  other  gases  such  as  nitrogen) 
behavior.  Since  capillarity  is  needed  to  maintain  the  supply  of  reactant  to  the  surface,  the 
resultant  structures  will  either  contain  residual  metal  in  channels,  or  porosity  if  the  metal 
is  later  drained  off. 


This  near-net-shape  process^26'  for  producing  fully  dense  ceramic  matrix  composites  is 
somewhat  like  the  glass  processes  described  above.  However,  the  infiltrant  typically  is  a 
single  component  material,  having  a  sharp  melting  or  decomposition  temperature.  The 
melt  should  be  fluid  and  easily  aystallizable  with  no  tendency  to  form  residual  glasses. 

In  reactive  melt  infiltration,  the  porous  preform  reacts  chemically  with  the  melt,  usually 
exothermally.  In  non-reactive  infiltration  no  chemical  interaction  occurs.  The  reactive 
process  has  been  used  to  make  dense  structures  of  siliconized  SiC  by  infiltrating  molten 
Si  into  a  porous  preform  consisting  of  SiC  and  carbon  particulates  and/or  fibers.  The 
carbon  becomes  substantially  converted  to  SiC.  The  non-reactive  infiltration  process  has 
been  demonstrated  using  by  infiltrating  various  silicates  and  aluminosilicates,  and 
refractory  fluorides  into  porous  SiC  as  well  as  alumina tes  into  magnesium  spinel. 

The  advantages  of  this  generic  process  are  the  shape  and  dimensional  flexibility  and 
control,  the  expected  absence  or  low  content  of  glassy  phases  at  high  temperature,  and  the 
high  solidus  temperatures  of  the  infiltrant,  so  that  the  appearance  of  creep-enhancing 
liquid  phases  at  low  temperatures  is  avoided.  On  the  other  hand  because  the  infiltrants 
must  be  heated  above  their  melting  temperatures,  the  processing  temperatures  tend  to  be 
high  compared  with  other  processes.  Thus,  this  process  is  limited  by  considerations  of 
chemical  compatibility,  and  matching  of  thermal  expansivities  between  the  preform  and 
the  infiltrants,  and  the  sensitivity  of  the  reinforcements  to  the  processing  temperatures. 

Environment 

High  temperature  structural  materials  will  in  most  instances  be  exposed  to  chemically 
active  gas  environments.  In  reducing  environments,  bulk  oxides  such  as  A1203  may  form 
volatile  species;  active  oxidation  of  non-oxides  such  as  SiC  or  S^l^  may  occur  as  a  result 
of  SO  volatilization  instead  of  the  formation  of  Si02  oxide  films  that  normally  slow  down 
the  oxidation  process  of  various  silkides.  When  the  environment  is  oxidizing,  self 
protecting  oxide  films  form  on  such  silkides  as  SiC  or  Si3N4  including  SiC  fibers. 

However,  when  such  silicides  are  combined  with  oxide  constituents  in  a  composite,  the 
protective  oxide  barrier  layer  may  be  defeated  because  of  interaction  between  the  Si02 
and  the  oxide  constituent  This  effect  is  attributable  to  an  increase  in  the  oxygen 
permeability  of  the  oxidation  product  For  example,  in  composites^  in  which  SiC  was 
embedded  in  A1203  or  in  muliite  matrices,  the  oxidation  layer  thickness  formed  in  a  given 
time  ranged  from  10  to  about  SO  times  that  of  the  layer  on  monolithic  SiC.  Enhanced 
oxidation  of  SiC  has  also  been  observed  when  the  matrices  were  strontium  silicate  or 
strontium  aluminum  silicate.  No  such  accelerated  oxidation  would  occur  in  composites 
where  both  the  reinforcement  and  the  matrix  are  both  silicides  that  oxidize  to  form  only 
SK>2,  examples  being  SiC-reinforced  MoSi2  or  Nkalon  fibers  embedded  in  a  CVI- 
deposited  SiC  matrix.  Oxidation  is  not  an  issue  if  both  the  reinforcements  and  the  matrix 
are  oxides. 

Exposure  of  oxidizable  fiber  coatings  to  environmental  attack  can  have  dramatic  effects 
mi  the  fracture  process  and  toughness.  Such  effects  become  prominent  when  the  gas 
environment  has  access  to  the  interior  of  the  composite  as  a  result  of  matrix  cracking. 


The  above  observations  argue  against  composites  in  which  the  fibers  and  the  matrix  are 
mixed  oxide/non-oxide  systems.  Such  systems  would  appear  to  require  an  external  oxygen 
barrier  that  envelopes  the  entire  body. 


Prewo,  Brennan  and  coworkers  at  the  United  Technology  Research  Center  have 
produced22  much  of  the  most  widely  used  systematic  information  available  on  mechanical 
and  microstructural  properties  of  CMCs.  Their  work  demonstrated  that  tough  CMCs  can 
be  made  reproduribiy,  by  practical  processes,  in  a  wide  range  of  shapes,  sizes,  and  fiber 
arrangements,  and  with  impressive  properties.  Their  optimized  system  of  choice  was  a 
modified  LAS  glass-ceramic  reinforced  with  continuous  unidirectional  Nicalon  fibers  or 
Nicalon  fabric.  Composites  reinforced  with  layered  fabric  were  shown  to  maintain  a  tensile 
strength  of  about  400  MPa  up  to  1400PC,  and  apparent  failure  strains  of  about  1.1%  to  at 
least  1000°C  when  tested  in  an  inert  environment.  Such  a  large  failure  strain  is  indicative 
of  significant  toughening.  However,  both  the  strength  and  failure  strain  were  found  to  be 
diminished  when  the  tests  were  performed  in  air. 

The  LAS/Nicalon  fiber  system  and  related  systems  have  been  further  studied  by  a  number 
of  independent  workers  and  have  provided  the  most  comprehensive  data  against  which 
theoretical  models  have  been  tested.  In  fact  much  effort  is  being  directed  at  testing  or 
providing  basic  information  regarding  either  elastic  property  models  or  micro-mechanical 
models  of  toughness,  matrix  and  fiber  failure,  and  fiber-matrix  coupling  at  room 
temperature. 

Considerable  information  is  also  available  on  several  glass  matrix  composites,  SiC  whisker 
reinforced  ceramics,  and  composites  produced  by  CVI.  CVI-produced  SiC  matrix 
composites  reinforced  by  a  coated,  layered  Nicalon  fabric  have  been  extensively  studied 
and  made  into  a  variety  of  complex  shapes.  These  composites  do  not  exhibit  brittle 
failures.  Testing  in  a  non-oxidizing  environment  has  given  [  j  impressive  apparent  notched 
beam  fracture  toughness  values  in  the  range  of  25  to  30  MPa  m1/2  independent  of 
temperature  up  to  1400°C.  The  ultimate  strengths  dropped  off  above  1100°C  presumable 
due  to  degradation  of  the  unstable  reinforcing  fibers.  The  properties  of  the  composite, 
which  was  about  70%  dense  and  which  bad  an  open  porosity  of  10%,  were  seen  to  be 
sensitive  to  the  test  environment  The  bend  strength  measured  in  air  was  temperature 
independent  up  to  1100°C,  but  dropped  off  markedly  at  higher  temperature. 

Other  data  have  been  reported  from  a  few  exploratory  studies  of  new  composite  systems, 
as  well  as  from  characterizations  of  “practical"  CMCs.  These  data  typically  are  standard 
property  measurements,  usually  obtained  in  flexure,  such  as  elastic  moduli,  ultimate 
strength,  and  toughness. 

Although  matrix  cracking  has  been  theoretically  studied  in  considerable  depthl36,37’38!  for 
idealized  unidirectional  fiber  reinforced  CMCs.  Limited  information^  is  available  on  the 
stress  at  which  the  matrix  first  foils.  Mechanical  property  data  as  a  function  of  tempera¬ 
ture  are  even  rarer. 

Thus,  the  data  of  particular  interest  to  this  paper  are  the  first  matrix  cracking  stress  (i.e., 
the  stress  at  which  matrix  failure  occurs,  also  known  as  the  proportional  limit),  and 
mechanical  properties  as  a  function  of  time,  and  temperature.  Table  III  is  a  compilation 
of  composite  properties  of  unidirectional  composites,  including  first  matrix  cracking  stress, 
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and  at  a  function  of  temperature  when  available.  Table  IV  summarizes  data  for  laminated 
prototype  CMCs.  These  latter  data  show  the  dicbotony  between  idealized  structures  suited 
for  property  modeling  and  composites  based  on  processing  convenience. 

TABLE  III  Mechanical  Properties  of  Unidirectional  Ceramic  Matrix  Composites 


Fiber/Matrix 

Temp. 

vf 

E 

°o 

°u 

HOF 

*I.c 

Ref. 

°C 

GPa 

MPa 

MPa 

KJ/*2 

MPa 

Nicakra/LAS 

25 

M 

.56 

N 

TW~ 

143* 

290 

290-370 

640 

... 

16 

27 

28 

Nicalon/CAS 

m 

.35 

124 

200 

444 

_ - 

... 

39 

SCS-6/Boro- 

M 

.17 

120* 

78 

— 

— 

— 

28 

silicate  glass 
Nicalon/Boro- 

M 

.49 

120 

... 

1245 

70 

... 

30 

silicate  glass 
Carbon/Boro- 

M 

.45 

205* 

360 

572 

... 

mmm 

28 

silicate  glass 
SCS-6/RBSN 

M 

.30 

193 

227 

682 

_ 

38 

SCS-6/Mullite 

N 

.25 

87+8 

— 

730±50 

— 

— 

34 

SCS-6(w  BN)/ 
Mullite 

N 

.25 

78  ±20 

7601100 

— 

“  “  “ 

34 

SCS-6/Zircon 

25 

.25 

244+6 

287+28 

700+56 

18±4 

— 

33 

1160 

.25 

281 

248 

348 

3.8 

— 

N 

1315 

.25 

108 

262 

262 

2.3 

— 

m 

SCS-6(w/BN)/ 

25 

.25 

235±26 

357±43 

681 ±36 

25±5.6 

— 

33 

Zircon 

1160 

.25 

228 

267 

368 

2.7 

— 

N 

1315 

.25 

147 

— 

315 

2.9 

— 

H 

aQ  is  the  first  matrix  cracking  stress 

ou  is  the  ultimate  strength  of  the  composite 

*  Rule  of  mixtures  value 

SCS-6  is  CVD  SiC  fiber 

SCS-6(w/BN)  is  BN-coated  CVD  SiC  fiber 

RBSN  is  reaction  bonded  Si3N4 


Biscussion 

Aside  from  the  paucity  of  property  data  at  high  temperature,  the  most  striking 
generalization  evident  from  Tables  3  and  4  is  that  fracture  toughness  is  markedly 
diminished  either  at  high  temperatures  per  se  or  by  the  combination  of  exposure  to  an 
oxidizing  environment  and  high  temperature.  As  discussed  above,  test  environment  has 
a  significant  effect  in  the  LAS/Nicalon  and  the  SiC/Nicaion  composites.  It  appears  that 
matrix  cracking  allows  the  environment  to  attack  the  fiber  coating,  allowing  the  fiber- 
matrix  coupling  to  become  much  stronger. 


On  the  other  hand,  the  tests  on  SiC/zircon  composites  were  done  in  an  inert  or  slightly 


reducing  atmosphere,  to  that  attack  of  the  fiber-coating  following  matrix  cracking  would 
be  suppressed  or  Whereas  the  first  matrix  cracking  stresses  were  only  modestly 

reduced  with  increasing  temperature,  the  works  of  fracture  were  reduced  5-fold.  It  is 
important  to  note  that  the  experimental  stress-strain  curves  remained  continuous  and  did 

TABLE  IV  Mechanical  Properties  of  Lamellar  or  Cloth  Reinforced  Ceramic  Matrix 
Composites  Tested  in  Tension 


Fiber/Matrix 

Temp. 

°C 

»f 

GPa 

E 

MPa 

Jo 

MPa 

°u 

IC/rf 

HOF 

MPa 

*I,c 

a1! 

Ref 

Nicalon/CAS 
[0/  ±45/90], 

25 

.40 

115 

37.5 

125.6 

... 

... 

29 

Nicalon/CAS 

[0/90}* 

25 

.40 

122.2 

34.7 

120.7 

— 

— 

« 

Nicalon/CAS 

l*451* 

25 

.40 

104.6 

38.2 

92.7 

— 

N 

Nicalon/SiC 

25 

... 

... 

10 

146 

1315 

... 

35 

Goth;  CVI 

1000* 

— — 

... 

35±25 

62 

0.25 

... 

« 

Nicalon/SiC 

25 

... 

... 

12±I0 

127 

ion 

... 

35 

Goth;  CVI 

1000* 

... 

... 

20±8 

38 

0.2 

... 

« 

Mullite/SiC 

25 

... 

... 

7 

4315 

0.15 

... 

35 

Goth;  CVI 

1000* 

... 

20i6 

3317 

0.4 

... 

m 

Nicalon/SuN4 
Goth;  CVI 

25 

... 

... 

5.5 

81 15 

3.8 

... 

35 

1000* 

— 

... 

15.5 

2111 

0.2 

... 

N 

Mullite/Si3N4 

25 

— 

... 

1313 

9713 

10 

— 

35 

Cloth;  CVI 

1000* 

... 

5.5 

2216 

912.5 

... 

M 

Nicalon/CAS 

25 

... 

... 

21 

200110 

28 

... 

35 

Goth 

1000* 

— 

— 

10.5 

73i6 

1 

... 

N 

Nicalon/Al203 

25 

--- 

— 

1414 

236150 

26111 

... 

35 

Goth;  D/O 

1000* 

9 

116110 

5.514.5 

« 

o0  is  the  first  matrix  cracking  stress 

ou  is  the  ultimate  strength  of  the  composite 
*  Heated  RT  to  1000°C  over  1  hr.  followed 


by  2  hr.  hold  at  temperature  in  air. 
D/O  means  directed  oxidation 


not  show  abrupt  failure.  The  stress-strain  dependence  is  expected  to  be  a  complex  function 
of  the  fiber  strength  distribution  and  the  fiber-matrix  coupling.  However,  the  relative 
insensitivity  of  the  matrix  cracking  stress  to  temperature  suggests  that  none  of  the 
parameters  in  Eq.l  is  strongly  affected  by  temperature.  It  would  be  surprising  if  the 
Weibull  modulus  for  the  fiber  strength  (i.e.flaw  distribution)  were  a  strong  reversible 
function  of  temperature.  Indeed  the  fibers  had  been  previously  exposed  to  the  test 
temperatures  during  fabrication.  Thus,  the  decrease  in  the  work  of  fracture  which  suggests 
an  increase  in  the  fiber-matrix  coupling  with  increasing  temperature  is  at  variance  with  the 
insensitivity  of  the  matrix  cracking  stress. 

This  discussion  points  the  need  for  (1)  careful  data  on  combined  high  temperature  and 
environmental  influences  on  the  behavior  or  CMCs,  and  (2)  further  study  of  matrix  failure. 
The  latter  failure  allows  ingress  of  the  environment  into  the  composite  which  in  turn 
affects  the  failure  of  the  overall  composite.  Comparison  of  the  matrix  failure  stresses  for 
Nicalon/LAS,  Nicalon/CAS,  and  the  carbon/borosilicate  glass  composites  provide  some 
deviations  from  the  expectations  based  on  Eq.  1.  viz  the  absolute  values  are  about  as 
expected,  but  not  the  ranking  of  the  relative  values.  Thus,  further  critical  examination  of 
the  matrix  cracking  phenomena  is  recommended. 

The  doth  laminate  composites  showed  up  to  a  50-fold  decrease  in  fracture  energy  when 
tested  at  high  temperature  in  air  after  a  two  to  three  hour  holding  at  temperature. 
However,  in  one  case  there  was  nearly  no  reduction.  Because  of  the  complex  fiber 
geometry  and  the  complications  arising  from  oxidation  effects,  these  results  are  difficult 
to  reconcile  quantitatively  with  theoretical  models.  However,  the  data  point  out  that  room 
temperature  toughness  does  not  automatically  translate  into  toughness  at  high  temperature. 

Understanding  and  predicting  matrix  cracking  and  the  processes  affecting  high  temperature 
failure  are  extremely  important  These  issues  will  determine  the  realizable  advantages  of 
CMCs  versus  the  competing  materials.  The  potential  of  CMCs  as  a  new  generation  of  high 
temperature  structural  materials  is  not  commensurate  with  the  emphasis  given  to  the 
relevant  properties  that  are  likely  to  determine  the  outcome  of  that  competition.  Whereas 
"graceful  failure"  and  the  reserve  provided  by  the  ultimate  strength  is  important,  it  must 
be  the  integrity  of  the  matrix,  the  crack-arresting  capability  and  the  environmental 
resistance  all  at  high  temperature  that  must  be  the  primary  concerns. 

In  ductile  metals  plastic  deformation  at  the  tip  of  an  initially  atomically  sharp  crack  would 
in  effect  decrease  the  stress  intensity  factor  at  the  crack  tip,  and  may  require  an  increase 
in  the  applied  stress  as  the  crack  extends  until  a  steady  state  tip  geometry  is  attained.  The 
analog  in  a  composite  is  R  curve  behavior  in  which  crack  bridging  increases  as  the  crack 
advances ,  decreasing  the  stress  intensity  factor  at  the  crack  tip  and  energy  is  dissipated 
by  fiber  pullout  .  This  increase  in  toughness  with  crack  extension  offers  the  nearest 
behavior  to  ductility.  Modeling  and  predicting  this  R  curve  behavior  is  difficult.  However, 
this  phenomenon  is  recommended  for  special  attention  as  it  appears  capable  of  leading  to 
useful  toughening  capable  of  inhibiting  matrix  failure. 

Conclusions  and  Summary 


Assuming  that  the  greatest  advantage  that  CMCs  offer  is  in  the  area  of  high  temperature 
structural  materials,  it  follows  that  they  must  ultimately  compete  with  state-of-art 
superalloys  with  respect  to  (1)  upper  use  temperature,  (2)  structural  reliability,  (3) 


environmental  resistance,  (4)  forming  capability,  and  (S)  com. 

These  considerations  are  interconnected.  Use  temperature  considerations  suggest  1100°C 
as  a  lower  bound  This  temperature  may  be  imposed  by  phase  equilibrium  considerations, 
the  availability  of  satisfactory  fibers,  and  other  factors  relating  to  (2),  (3),  and  (4). 

Structural  reliability  entails  matrix  integrity,  damage  tolerance,  as  well  as  other  properties 
such  as  creep  and  fotigue  resistance,  which  lie  beyond  the  scope  of  this  paper.  Clearly  the 
onset  of  matrix  cracking  must  define  the  structural  use  limit  of  the  composite.  The  energy 
consumed  in  ’graceful  failure*  is  of  secondary  interest  to  the  use  as  a  structural  material. 

As  already  discussed  combining  oxidation  resistant  non-oxide  constituents  with  oxide 
constituents  may  result  in  impaired  environmental  resistance  to  oxidation.  Other  consider¬ 
ations  such  as  vulnerability  to  the  ingress  of  environmental  gases  into  open  porosity  and 
matrix  cracks  should  influence  the  choice  of  constituents  and  the  fabrication  process. 

Each  of  the  processes  for  making  CMCs  has  advantages  and  disadvantages  and  are  better 
suited  to  some  systems  rather  than  others.  If  the  focus  is  indeed  to  be  on  high 
temperature  systems  then  some  processes  will  be  weeded  out  Cost  considerations  will 
weed  out  others  and  may  impose  compromises  with  performance.  There  is  great 
advantage  to  the  capability  of  making  a  wide  range  of  shapes,  with  specified  fiber 
architectures,  and  with  minimal  subsequent  finishing.  At  least  four  processes  meet  these 
requirements:  glass-ceramics,  melt  infiltration,  CVI  and  directed  oxidation.  The  first  two 
result  in  fully  dense  materials.  However,  the  importance  of  a  fully  dense  structure  has  not 
been  dearly  established. 
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ABSTRACT 

Frequently,  materials  development  programs  attempt  to  optimize  new  materials 
based  on  alloy  composition  variations  alone.  The  effect  of  the  alloying 
additions  on  the  microstructure  and  properties  on  die  resulting  materials  is  used 
to  direct  the  alloy  development  However,  the  role  of  processing  is  often 
overlooked.  This  paper  will  examine  a  variety  of  processing  techniques, 
including  powder  metallurgy,  casting,  wrought  processing  and  several 
hybrid/advanced  techniques.  The  effect  that  these  processing  techniques  have 
on  the  resulting  microstructures  and  properties  of  superalloys,  intermetallics  and 
composites  will  be  discussed.  Whenever  possible,  the  experimental  variables 
will  be  limited  to  processing  technique,  alloy  content  or  materials-type,  in  order 
to  focus  on  the  effect  of  processing  on  the  microstructure  and  properties  of 
advanced  materials.  The  critical  issues,  limitations  and  advantages  of  each  of 
these  processing  routes  for  advanced  materials  will  also  be  discussed. 
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INTRODUCTION 


The  need  for  lightweight  materials  which  can  withstand  higher  temperatures,  more 
aggressive  environments  and  longer  lifetimes  than  current  Ni-base  superalloys  is 
increasing.  Programs  initiated  by  DOD  (Integrated  High  Performance  Turbine  Engine 
Technology  -  IHPTET),  NASA  (High  Temperature  Engine  Materials  Program  -  HTTEMP), 
and  NASP  have  bent  used  to  identify  and  develop  lightweight,  high  temperature  materials. 
The  majority  of  these  efforts  have  been  focused  on  identifying  candidate  alloys,  often 
intermetallic  alloys,  with  properties  that  may  be  useful  for  high  temperature  applications. 
However,  these  programs  have  frequently  stressed  the  effects  of  compositional  variations, 
and  alloying  additions  without  examining  the  effect  of  processing.  This  paper  will 
highlight  the  effect  of  processing  of  advanced  materials,  and  will  focus  on  monolithic  and 
composite  forms  of  Ni3Al  and  UAL 


MONOLITHIC  ALUM1NTOES 


NLAl-Based  Alloys 

Once  the  ductilization  of  polycrystalline  NijAl  by  boron  was  identified  by  Aoki  and 
Izumi[l],  and  verified  by  Liu,  et  al  [2,4]  and  Huang,  et  al  [5,6],  considerable  effort  was 
concentrated  on  alloy  design.  Although  boron-doped  NijAl  alloys  exhibit  good  ductility  at 
room  temperature,  elevated  temperature  testing  indicated  that  the  ductility  at  high 
temperature  is  sensitive  to  the  test  environment  [7,8].  Additions  of  approximately  8  at% 
chromium  significantly  reduced  this  dynamic  environmental  embrittlement.  Alloying 
additions  of  0.2  -  1  at%  Zr  or  Hf  and/or  1-3  at%  Mo  are  typically  added  to  NijAl  +  Cr  + 

B  alloys  fra  increased  elevated  temperature  strength  and  creep  resistance  [9].  Table  1 
presents  typical  conqjositions  for  several  NIjAl-based  alloys  developed  by  ORNL  [10]. 
Some  of  these  compositions  have  been  optimized  fra  a  specific  processing  route.  For 
example,  IC-396M  has  been  optimized  for  casting  applications,  such  as  diesel  turbocharger 
impellers  [11], 


TABLE  1 

COMPOSITION  (WT%)  OF  ORNL  DEVELOPED  Ni3Al-BASED  ALLOYS 


Alloy 

Ni 

Al 

Cr 

Zr 

Mo 

®  1 

IC-50 

BAL 

11.3 

-- 

0.6 

- 

— 

0.02 

IC-218 

BAL 

8.5 

7.8 

0.8 

— 

0.02 

IC-218LZr 

BAL 

8.7 

8.1 

0.2 

— 

0.02 

IC-221 

BAL 

8.5 

7.8 

1.7 

— 

0.02 

IC-396M 

BAL 

7.98 

7.74 

1.7 

1.43 

0.008 

ORNL  has  performed  extensive  studies  on  the  fabricability  of  and  the  effect  of 
processing  on  the  properties  of  NijAl-based  alloys  [10,12-14],  The  work,  which  is 
summarized  below,  has  primarily  focused  on  alloys  IC-50,  IC-218,  IC-218LZr  and  IC-221 
(Table  1).  Small  laboratory  heats  of  NijAl-based  alloys  can  readily  be  cold  rolled  to 
sheet  However,  larger  ingots  are  coarse  grained  and  exhibit  severe  casting  segregation. 
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Hot  working  ingot  material  requires  care  due  to  tbe  low  ductility  at  temperatures  above 
approximately  900 °C.  Hot  compression  tests  on  IC-218LZr  and  IC-218  in  the  temperature 
range  1050°C-1200°C  indicated  that  the  low  Zr  alloy  exhibited  superior  fabricability  [13J. 
Currently,  ingot  breakdown  is  being  performed  by  rotary  forging  and  extrusion  to  minimize 
tensile  strains.  Once  tbe  cast  structure  has  been  reduced,  the  alloys  can  readily  be  cold  or 
hot  rolled.  Fine  grained  (<  10pm  grain  size)  ingot  metallurgy  processed  IC-218  was 
reported  to  exhibit  superplasticity  at  temperatures  in  excess  of  950°C  [10].  Powder 
metallurgy  processed  (extrusion  consolidated  -1 100**C/14: 1)  IC-218  has  also  exhibited 
superplasticity;  however,  this  was  at  temperatures  as  low  as  800°C  [IS].  This  increase  in 
the  regime  for  superplasticity  in  powder  metallurgy  materials  has  been  observed  in  other 
materials  [16, 17]  and  is  often  attributed  to  the  finer  grain  size,  improved  grain  size 
control,  and  superior  homogeneity  of  the  powder  metallurgy  product 

Processing,  in  addition  to  affecting  fabricability,  also  has  a  significant  impact  on  the 
microstructure  and  properties  of  the  material.  Sikka  and  Loria  [13]  reported  the  effect  of 
processing  on  the  tensile  and  creep  properties  of  IC-218  and  IC-221  NijAl-based  alloys 
(Figure  1).  The  wrought  alloys  (extruded  and  cold  rolled)  and  the  powder  metallurgy 
alloys  (HIP  +  isothermal  forge,  CAP  4  extrude  and  rapid  omni  directional  compacted) 
materials  all  exhibited  grain  sizes  ranging  from  9-2  lpm.  A  727pm  grain  size  was  observed 
in  the  cast  alloy.  The  coarse  grained  cast  alloy  exhibited  the  lowest  strength  and  ductility 
at  low  test  temperatures  (<  700°C).  At  higher  test  temperatures,  the  cast  alloy  possessed  a 
higher  strength  than  the  wrought  and  P/M  alloys;  however,  the  ductility  was  approximately 
equal  to  that  of  the  P/M  and  I/M  materials.  Interestingly,  it  appears  that  the  cast  alloy 
exhibited  an  anomalous  yield  peak  at  a  temperature  approximately  200°C  higher  than  the 
wrought  and  P/M  products.  Since  no  compositional  variations  in  these  alloys  woe 
evaluated,  this  difference  in  yield  strength  peak  may  be  due  to  Hall-Perch  strengthening  at 
low  temperatures  in  the  much  finer  grained  wrought  and  P/M  alloys.  Creep  testing 
indicated  that  the  cast  alloy  had  significantly  higher  creep  resistance  than  the  I/M-wrought 
and  P/M  alloys  (Figure  2).  Although  the  P/M  product  might  be  expected  to  have  lower 
creep  strength,  the  creep  resistance  of  the  materials  appeared  to  be  more  a  function  of 
grain  size  than  processing.  The  P/M  alloys  also  exhibited  better  creep  rupture  elongations 
and  reductions  in  area,  which  could  be  utilized  for  improved  fabricability  and  possibly 
superplastic  forming. 


TEMPERATURE  1*0  TEMPERATURE  l*CI 


FIGURE  1  -  Tensile  Properties  Comparison  for  IC-218  Alloys  Processed  by  Six 
Different  Processes.  All  Tests  Were  Conducted  at  a  Strain  Rate  of 
0.05/min.  [13] 


The  high-cycle  fatigue  properties  of  powder  metallurgy  processed  NijAl  +  B  and 
NijAl(Al>in)  +  B  alloys  were  determined  at  room  temperature  and  500°C  [18,19].  Both 
alloys  (Figure  3)  were  evaluated  in  the  as-HIP  (1150°C/l03MPa/4hrs)  and  HIP  +  extruded 
(1 100°C/7:1)  condition.  In  both  cases  and  at  both  test  temperatures,  the  HIP  and  extruded 
alloys  exhibit  superior  fatigue  strength  in  comparison  with  the  as-HIP  materials.  The 
difference  in  fatigue  resistance  particularly  noticeable  at  low  stress  amplitude/long  life  test 
conditions  (101  cycle  fatigue  strength).  The  increased  fatigue  resistance  observed  in  the 
extruded  alloys  was  attributed  to  the  grain  refinement,  homogenization  and  elimination  of 
any  residual  porosity  by  extrusion  processing.  The  effect  of  processing  on  the  tensile  and 
fatigue  properties  of  IC-218  and  IC-221  was  determined  at  room  temperature  and  600°C 
[20,21].  The  powder  metallurgy  processed  alloy  exhibited  higher  ductility  and  lower 
strength  than  ingot  metallurgy  processed  material.  The  fatigue  resistance  of  the  ingot 
metallurgy  alloys  also  appeared  to  be  dependent  on  melting  technique.  An  ESR-melted, 
extruded  alloy  possessed  greater  fatigue  resistance  than  a  VIM  and  extruded  material. 
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High  Cycle  Fatigue  Behavior  of  Ni}Al  +  B  and  Ni}(Al,Mn)  +  B  Alloys  at 
Room  Temperature  [18]. 


A  more  recent  powder  metallurgy  processing  route  employed  for  producing 
intermetallic  compounds  is  self-heated  high-temperature  synthesis  (SHS),  often  called 
reactive  or  exothermic  processing.  Unlike  the  previously  discussed  powder  metallurgy 
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processes  which  utiiiwd  pro-alloyed  powder,  SHS  processing  utilizes  elemental  powders. 
In  comparison  with  pro-alloyed  powders,  reactively  sintered  and  reactively  HIP’ed  N^Al  + 
B  alloys  [22]  exhibited  higher  strength  bet  significantly  lower  ductility.  The  lower 
ductility  of  die  reactively  processed  msierisl  was  attributed  to  die  inhomogeneities  (pores 
and  second  phase)  present  in  die  microstnictnre  (Table  2).  Although  boron-doped  N^Al 
alloys  have  been  reactively  processed,  they  would  also  be  expected  to  exhibit  the  elevated 
temperature  ductility  minimum  observed  in  mat,  wrought  and  pre-alloyed  powder 
metallurgy  processed  material.  To  date,  no  Or  alloyed  N^Al-bescd  alloys  have  been 
processed  ty  reactive  processing.  Since  &  is  a  necessary  alloying  addition  to  produce  a 
structural  alloy,  alloys  without  Or  are  of  link  commercial  interest  for  elevated  temperature 
applications. 


TABLE  2 

TENSILE  PROPERTIES  OP  REACTIVE  SINTERED  AND  PRE-ALLOYED 
POWER  METALLURGY  N^Al  +  B  ALLOYS 


In  1956,  Me  Andrew  and  Kessler  identified  the  potential  of  "f-TiAl  based  alloys  for 
elevated  temperature  structural  applications  [23],  However,  limited  low  temperature 


ductility  (700°C)  and  fabricability  concerns  of  y-TiAl  alloys  limited  development  efforts 
[24].  Mote  recently,  critical  microstructural  effects  on  mechanical  properties  have  been 
identified  in  wrought  binary  alloys  [25,26]  which  increased  the  room  temperature  ductility 
from  essentially  0%  tensile  elongation  to  needy  3%.  However,  the  role  of  processing  on 
the  properties  of  Unary  alloys  has  not  been  examined.  Ternary  additions  of  Or,  Mn  and  V 
to  hypo- stoichiometric  alloys  further  increased  low  temperature  ductility  to  approximately 
3-4%  elongation  [27-29]. 

Although  powder  metallurgy  methods  were  inititally  used  to  fabricate  materials  [31, 
32],  the  powders  were  stoichiometric  and  contained  excessive  impurities.  More  recent 
studies  have  almost  exclusively  examined  cast  and  wrought  materials.  Several  alloys  have 
been  developed  and  reported  in  the  literature;  however,  the  Ti-48Al-2Nb-2Cr  at%  alloy  has 
received  the  most  attention  [33,34].  Microstructural  evolution  and  mechanical  properties  in 
wrought  alloys  have  been  thoroughly  summarized  in  a  series  of  review  articles  [2835-38]. 
However,  only  recently  has  the  effect  of  processing  on  the  properties  of  TiAl-based  alloys 
beat  explored  Due  to  fabricability  concerns  with  cast  alloys  [39,40],  powder  metallurgy 
processing  has  been  identified  as  a  potential  method  to  in^rove  wettability.  Powder 
metallurgy  processing  may  also  result  in  an  alloy  with  improved  properties  due  to 
increased  homogeneity  and  refined  microstructurea.  Concerns  about  compositional  and 
impurity  control  and  cost  have  limited  the  evaluation  of  powder  metallurgy  processing 


routes.  However,  improved  melting  techniques  have  reduced  impurity  contents  and 
increased  reproducibility.  The  plasma  rotating  electrode  process  (PREP)  has  been  an 
established  method  to  make  pre- alloyed  Ti-based  powders.  Recently,  though,  gas 
atomization  techniques  have  been  developed  [41,42]  and  the  development  of  reactive 
sintering  has  increased  the  interest  in  powder  metallurgy  processing. 

A  comparison  of  Ti-48Al-2Nb-2Cr  alloys  processed  by  ingot  metallurgy  and  powder 
metallurgy  techniques  indicated  that  processing  has  a  significant  effect  on  the  properties 
evaluated  [43,44].  PREP  and  gas  atomization  techniques  w ere  evaluated  and  compared 
with  the  properties  of  investment  cast  and  wrought  alloys  [43].  The  powder  processed 
alloys,  and  in  particular  the  gas  atomized  material,  exhibited  superior  tensile  properties  in 
the  temperature  range  25o-1000°C  (Figure  4).  In  addition,  the  fabricability  (Figure  5)  of 
the  HIP  consolidated  powder  processed  Ti-48Al-2Nb-2Cr  alloys  was  superior  to  the 
homogenized  ingot  metallurgy  alloys  [45].  Earlier  studies  of  powder  metallurgy  processed 


FIGURE  4  -  The  Effect  of  Temperatuare  on  the  Yield  Strenth  and  Ductility  of  Ti-48A1- 
2Nb-2Cr  Alloys  [43].  I/M  Alloys  -  TA-5A,  TA-5D- Wrought,  and  TA-40B- 
Investment  Cast  P/M  Alloys  --  TA-llA-Gas  Atomized  +  HIP,  TA-I6A, 
PREP  +  HIP  and  TA-43A-Gas  Atomized  +  Extrude 

a. )  VM  -  Yield  Stress  c.)  P/M  -  Yield  Stress 

b. )  I/M  -  Elongation  d.)  P/M  -  Elongation 
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FIGURE  5  -  Isothermal  Forging  of  Ti-48Al-2Nb-2Cr  Alloys  at  1175°C/0.1  min1.  TA-5A 
-  Cast  +  Homogenized  (1400°C/5  hrs.),  TA-5D  -  Cast  +  Homogenized 
(1200°C/48  hrs.),  TA-11A  -  Gas  Atomized  +  HIP  (1230°C/103  MPa/4  hrs.) 
and  TA-16A  -  PREP  +  HIP  (1230°C/103  MPa/4  hrs.)  [45] 


TiAl-based  alloys  reported  limited  ductility  at  room  temperature  [46]  and  emphasized  HIP 
consolidation  parameters  to  maintain  the  rapidly  solidified  microstructure  [47].  The 
majority  of  these  studies  utilized  low  HIP  temperatures  based  on  studies  that  identified  the 
lowest  HIP  temperatures  and  highest  HIP  pressures  at  which  full  density  can  be  achieved. 
However,  these  HIP  cycles  have  not  necessarily  been  optimized  for  mechanical  properties. 
The  effects  of  HEP  temperature  and  pressure  on  the  tensile  properties  of  a  gas  atomized  Ti- 
48Al-2Nb-2Cr  alloy  was  examined  [45].  Although  full  density  was  achieved  at  all  HIP 
conditions,  material  consolidated  with  HIP  temperatures  near  the  eutectoid  temperature 
(~1 125°Q  in  the  +  y  phase  field  (1090°Q  and  in  the  +  y  phase  field  (1 140°C) 
exhibited  low  ductility  at  room  temperature  (Figure  6).  In  addition,  evidence  of  prior 
particle  boundary  failure  was  observed  on  the  fracture  surface.  HIP  temperatures  in  the  « 
+  y  phase  field  (1230°C  and  1300°C),  exhibited  the  highest  ductilities  in  die  temperature 
range  25°  -  1000°C.  A  variant  on  the  gas  atomization  technique  is  to  spray  deposit  Ti- 
based  alloys  [48].  However,  additional  work  is  required  to  optimize  the  system  to 
minimize  impurity  pick-up. 
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FIGURE  6  -  The  Effect  of  HIP  Temperature  and  Pressure  on  the  Room  Temperature 
Tensile  Properties  of  Gas  Atomized  Ti-48Al-2Nb-2Gr  Alloys  [45] 
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Although  reactive  processing  to  produce  TLAl-based  alloys  has  recently  attracted 
much  [49-51],  Schafrik  [52]  produced  a  binary  ahoy  from  elemental  powders. 

However,  the  alloys  produced  from  elemental  powders  typically  exhibit  properties  inferior 
to  pro-alloyed  powder  and  ingot  metallurgy  processing  techniques.  The  reactivety 
processed  materials  typically  have  significant  oxygen  contents,  frequently  greater  than  1%, 
and  exhibit  low  strength  and  ductility.  The  poor  properties  of  reacrively  sintered  materials 
also  may  be  due  to  mkrostructural  inhomogeneitiet  resulting  from  the  slow  diffusion  rate 
of  Alin  Ti  [49]. 

Processing  has  been  shown  to  have  a  significant  effect  on  mechanical  properties  on 
laboratory  scale  heats.  However,  processing  may  have  a  greater  effect  on  fabricability, 
particularly  for  tcale-up  from  laboratory  development  to  production.  Chesnutt  and  Stub 
reported  on  wrought  processing  and  scale-up  of  ingot  metallurgy  TM8Al-2Nb-2Cr  alloys 
[53].  Isothermal  forging  of  small  laboratory  samples  (70  mm  dia.  x  50  mm)  was 
accomplished  without  difficulty  at  1175*C/D.l  min'1  on  a  1.8  MN  press.  However, 
isothermal  forging  of  large  ingots  (190  mm  dia.  x  114-229  mm)  at  1066°-1149°C/0.1  min1 
was  significantly  more  difficult.  The  large  forgings  required  forces  approaching  the  71.2 
MN  limits  of  the  press.  In  addition,  the  forged  material  did  not  respond  to  recrystallization 
heat  treatments  in  ah  cases  and  exhibited  edge  cracking. 


In  order  to  improve  high  temperature  strength  and  creep  resistance,  efforts  are  being 
made  to  utilize  NijAl-based  alloys  as  matrices  in  composites.  Both  discontinuous  and 
continuous  reinforcements  have  been  examined  and  a  variety  of  approaches  have  been  used 
to  fabricate  N^Al-based  composites.  Consolidation  of  pro-alloyed  powders  with  particulate 
reinforcement  has  been  used  extensively  to  fabricate  intermetallic  matrix  composites.  An 
IC-221  matrix  was  observed  to  react  extensively  with  TIB^  whereas,  AljO,  did  not  react 
with  the  matrix  bid  exhibited  limited  matrix  bonding  [54,55].  TiC  reinforcement  exhibited 
only  limited  pertickAnatrix  interaction,  and,  compared  with  similarly  processed  matrix 
samples,  exhibited  a  significant  increase  in  strength  in  the  temperature  range  25-1100°C 
However,  the  25  vol%  Ti(7IC-221  composite  exhibited  only  limited  ductility  up  to  1000°C. 
Additional  testing  indicated  that  the  modulus  of  the  composite  was  greater  than  the  matrix 
at  all  test  temperatures  and  greater  than  Ni-base  superalloys  up  to  approximately  800°G 
Hot  extrusions  of  pro-alloy  powders  of  a  modified  IC-221  alloy,  IC-396M,  with  10%  voL 
additions  of  several  candidate  reinforcements  were  examined  [56].  The  ceramic 
reinforcements  examined  included  TiN,  NbC,  HfO,  and  HfN.  The  HfN  essentially 
dissolved  into  the  IC-396M  matrix,  which  resulted  in  a  significant  increase  in  strength  due 
to  solid  solution  strengthening  of  Hf  in  IC-396M.  No  reinforcement/matrix  inter-reaction 
was  observed  in  die  composites  fabricated  with  TiN,  NbC  and  HfOj.  However,  no 
significant  strengthening  was  observed  in  any  of  these  composites  either. 

Combining  pro-alloyed  powders  with  A1,0,  fibers  has  been  used  to  fabricate  the 
intermetallic  matrix  composites  [57-60].  Both  fiber  FP  and  PRD- 166  AljO,  fibers  have 
been  used  during  composite  preparation.  The  compatibility  and  mechanical  properties  of 
IC-15  (Ni-24A1-0.24B  at%)  and  IC-218  matrices  wife  AljO,  was  examined.  Although  the 
1C- 15  did  not  react  with  the  AljO,,  small  ZrOj  precipitates  were  observed  at  the  IC- 


218/AljOj  interface.  In  comparison  with  the  matrix,  no  increase  in  yield  strength  was 
observed  in  the  composite.  However,  the  composite  exhibited  a  significant  decrease  in 
ductility  and  ultimate  tensile  strength.  An  IC-221/A1»0,  composite  also  exhibited  excellent 
compatibility,  and  an  increase  in  strength  and  creep  resistance  was  observed  at  all  test 
temperatures  in  the  composite  (Figure  7).  Similar  to  the  IC-218/A120j  and  IC-15/AljO, 
composites,  the  ductility  of  the  IC-221/AljO,  composites  exhibited  reduced  ductility, 
compared  with  the  matrix. 


FIGURE  7  - 


The  Effect  of  Temperature  on  die  Specific  Yield  Strength  and  Ductility  of 
an  IC-221  Matrix  Alloy  and  an  A^O,  Reinforced  IC-221  Composite  [59]. 


Vacuum  hot  pressing  of  IC-218  pre-alloyed  powder  with  SCS-6  and  Sigma  SiC 
fibers  produced  samples  for  compatibility  testing  [61].  Both  types  of  SiC  fiber  reacted 
extensively  with  the  matrix.  The  Ni  was  observed  to  be  die  dominant  diffusing  species  to 
form  Ni-silicides.  The  interfacial  reaction  formed  during  consolidation  and  continued  to 
grow  during  compatibility  heat  treatment  studies.  The  authors  concluded  that  diffusion 
barrier  coatings  would  be  required  to  develop  Ni,Al/SiC  composites. 

Instead  of  using  pre-alloyed  powders,  reactive  sintering  of  elemental  powders 
combined  with  the  ceramic  reinforcement  has  also  been  used  to  produce  the  composite. 
Unlike  the  pre-alloyed  powder  matrices,  die  reactively  sintered  composites  are  almost 
exclusively  fabricated  with  boron-doped  binary  NijAl.  Although  the  pre-alloyed  powder 
metallurgy  processing  typically  requires  1000°-1300°C  for  consolidation,  reactive  HIPing  or 
sintering  can  be  performed  at  800°C.  However,  the  actual  temperature  at  the  reaction  front 
can  approach  1500°C.  Therefore,  the  compatibility  of  the  matrix  and  reinforcement  must 
consider  the  temperature  and  duration  of  the  temperature  rise.  For  this  reason,  SiC 
reinforcement  must  be  coated  with  Y20}  to  protect  the  SiC  from  the  molten  Ni-Al  solution 
[62],  Only  minimal  strengthening  was  observed  in  the  composite  due  to  the  low  volume 
fraction  of  the  reinforcement  The  fiber  volume  content  however,  must  be  increased  in 
order  to  obtain  desirable  strengthening  effects  from  the  reinforcements. 

Pressure  casting  or  melt  infiltration  has  also  been  used  to  fabricate  continuous  A120, 
fiber  reinforced  NijAl  composite.  The  process  requires  melt  temperatures  in  the  range 
1400°-1700°C  and  2.7MPa  of  argon  pressure  [63].  The  key  issue  to  melt  infiltration  is 
wetting  of  the  fiber  by  the  molten  metal.  Small  additions  (1-2  wt%)  of  Ti  or  Y  can  be 
added  to  the  melt  to  facilitate  melt  infiltration  [64].  No  significant  reaction  was  observed 
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to  occur  between  the  PRD- 166  A1,0,  fiber  and  the  NiyM-baaed  matrix.  Measured  modulus 
values  of  the  composhr.  were  dose  to  the  rule-of-ntixtares  predictions  along  the  fiber 
directions.  Modulus  measurements  perpendicular  to  the  fibers  were  significantly  below  the 
predictions.  The  tensile  strengths  and  ductilities  was  significantly  lower  than  the  matrix 
alloy  at  room  temperature  and  1000°C  Additional  work  is  required  to  achieve  a  composite 
with  useful  engineering  properties. 


A  rigntfieant  amount  of  work  has  been  performed  on  continuous  fiber  SiC 
reinforced  •v’TijAl-based  [65-68]  and  orthorhombic  (TijAlNb)- based  [69-71]  alloys.  TiAl 
based  alloys,  which  possess  superior  oxidation  resistance  and  lower  density,  offer 
potentially  higher  use  temperatures.  Compatibility  studies  of  potential  y-TLAl  matrices  with 
candidate  reinforcements  have  often  used  pre-alloyed  powders  of  the  matrix  alloys, 
consolidated  around  the  reinforcement  by  HIP  or  hot  processing.  Saphikon  ( AljO*)  fibers 
combined  with  pre-alloyed  powders  with  compositions  H-48A1- 1 T a(RSR),  H-48A1- 
3V(RSR)  and  Ti-50Al-2Ntv0.3Ta(PREP)  and  consolidated  the  fibers  by  HIP  [72].  The 
RSR  alloys  contained  excessive  oxygen  and  carbon  levels  and  were  two-phase  «VY  alloys. 
Much  lower  interstitial  contents  were  present  in  the  PREP  alloys  and  the  Ti-50Al-2Nb- 
0.3Ta  material  is  nearly  a  single  phase  y-alloy.  In  all  cases,  very  little  matrix/AljO, 
reaction  was  observed.  However,  better  matrix/ AljO,  stability  was  observed  in  die  single 
phase  alloy.  Extensive  reaction  between  pre-alloyed  TiAl-5Nb(RSR)  powder  and  SiC(SCS- 
6)  fiber  consolidated  by  HIP  [73],  was  observed.  After  consolidation,  the  interfacial 
reaction  continued  during  subsequent  heat  treatment  Application  of  a  TiBj  coating  to  a 
SiC(SCS-6)  fiber  prevented  interaction  with  pre-alloyed  Ti-47Al-2Ta  powders  during  and 
after  HIP  consolidation  [74].  A  TiC  coating  on  the  SiC  fiber,  however,  did  not  prevent 
matrix/fiber  interaction.  Although  compatible  matrix/fiber  combinations  have  been 
identified,  very  few  mechanical  property  data  have  been  reported. 

Ductile  phase  toughening  of  the  low  ductility  y-TLAl  matrix  has  also  been  examined 
using  powder  metallurgy  processing.  Pre-alloyed  powders  of  a  single  phase  H-50.5Al(at%) 
alloy  were  combined  with  various  volume  fractions  of  TiNb  powder,  consolidated  by  hot 
pressing  and  then  forged  to  a  pancake  [75].  The  fracture  toughness  of  the  composite  (40 
MPaVm)  was  significantly  higher  than  die  monolithic  alloy  (8MPaVm).  However,  tire 
fatigue  crack  growth  rate  and  the  fatigue  crack  threshold  of  the  composite  was  inferior  to 
the  monolithic  alloy.  It  should  also  be  noted  that,  single  phase  y-HAl  alloys  have  been 
reported  to  exhibit  lower  toughness  and  fatigue  resistance  than  two-phase  alloys  [28].  In 
particular,  near  lamellar  and  fully  transformed  two-phase  alloys  exhibit  toughness 
properties  similar  to  the  ductile  phase  toughened  composite  and  fatigue  resistance  superior 
to  die  composite  (Table  3).  In  addition,  die  long  term  thermal  stability  of  the  composite 
has  not  been  established  and  may  restrict  the  use  temperature  and/or  lifetime. 

Precipitation  of  second  phase  particles  in  a  master  alloy  (XD  processing)  or  during 
solidification  of  an  ingot  has  been  examined  in  several  y-TiAl  alloys.  TiAl-based  alloys 
with  TiBj,  (TiNb)Bj  and  TIN  particles  (or  TijAIN)  have  been  processed  by  XD  techniques 
[76-78].  The  composites  are  processed  by  ingot  metallurgy  techniques  and  are  tested  in  the 
cast  or  hot  worked  condition.  In  all  cases,  the  composites  were  reported  to  exhibit 
improved  creep  resistance,  but  the  tensile  ductility  of  die  composites  is  significandy 
reduced.  In  addition,  no  improvements  in  fracture  toughness  were  observed.  Attempts  to 
use  powder  metallurgy  processing  (PREP  atomization  followed  by  HIP)  to  refine  the 
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TABLR3 

ROOM  TEMPERATURE  FRACTURE  TOUGHNESS  OF  MONOLITHIC  AND  DUCTILE 
PHASE  REINFORCED  TUI-BASED  ALLOY 


Alloy 

Room  Temperature  Prtctmc 
Toughness  (MPaVm) 

Reference 

TI-50A1 

8 

[75] 

Ti-50A1  +  20vol%  TiNb 

40 

[75] 

H-48A1  (Duplex) 

10-20 

[37] 

H-48A1  (Lamekr) 

20-35 

[37] 

microstructure  were  successful  [79].  However,  improvement  in  the  mechanical  properties 
was  observed  and  preparation  of  die  PREP  electrode  was  difficult  and  very  costly. 
Precipitation  of  second  phase  particles  during  solidification  of  y-TiAl  based  alloys  has  also 
been  evaluated  [80].  Additions  ofB,  and  Ta  and  B  to  a  TI-4&A1  alloy  resulted  in  the 
formation  of  TiB^  and  (Ta,Ti)B,  respectively.  Although  the  creep  resistance  of  the  TSAI  + 
Ta  +  B  composite  was  superior  to  the  monolithic  TiAl  alloy  and  the  HAl/TiBj  composite, 
the  major  strengthening  contribution  arises  from  solute  (Ta)  hardening  of  the  matrix. 


SUMMARY 

Processing  has  been  shown  to  have  a  significant  effect  on  the  microstructure  and 
properties  of  NijAl  and  HAl-based  alloys  snd  composites.  In  these  materials, 
microstructural  refinement  and  homogenization  result  in  improved  properties  and 
fabricahility.  Both  Ni,Al  and  TTAl-based  materials  exhibit  severe  solidification  segregation 
during  ingot  casting.  Since  laboratory  scale  development  is  often  perfumed  on  small  heats 
of  material,  the  difficulties  associated  with  segregation  may  not  be  manifest  during  the 
development  stage.  However,  mice  scale-up  from  laboratory  to  production  is  initiated,  die 
scale  of  segregation  and  the  resulting  problems  may  increase.  As  seen  by  the  experience  in 
the  scale-up  of  NijAl  [13]  and  TiAl- based  [33]  alloys,  these  problems  can  be  difficult  to 
overcome  without  examining  alternate  production  routes.  In  addition,  alloy  and  process 
development  and  optimization  without  considering  alternate  routes  for  scale-up  can  be 
misleading.  The  improved  fabricahility  of  powder  metallurgy  processing  may  be  die  most 
important  aspect,  particularly  when  scale-up  of  a  new  material/process  is  limited  by 
equipment  capacity  (e.g.,  forging).  In  addition,  powder  metallurgy,  at  this  time,  appears  to 
be  the  optimum  method  to  fabricate  TiAl  ami  N^Al  composites.  Until  foil  processing  of 
these  materials  is  further  commercialized,  powder  metallurgy  processing  that  limits 
matrix/rcinforcement  exposure  to  solid-solid  interactions  will  be  the  optimum  route.  Melt 
infiltration  and  reactive  processing  allow  liquid  metal  to  react  with  the  reinforcement, 
which  can  often  be  catastrophic.  The  major  limitations  of  powder  processing  are  fiber 
fracture  daring  consolidation,  availability  of  matrix  powders,  purity  of  starting  materials, 
and  contamination  during  processing. 

The  advantages  of  powder  metallurgy  processing  over  ingot  metallurgy  processing  for 
difficult  to  work  and  segregation  prone  materials,  is  well  documented.  High  strength  Ni- 
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base  superalloys  for  aircraft  gas  turbine  disk  applications  ate  almost  exclusively  processed 
by  powder  metallurgy  routes.  The  powder  metallurgy  processing  improves  fsbricabdity 
and  mechanical  properties  in  compariaon  with  ingot  metallurgy  processing.  For  example, 
REN&95,  when  processed  by  powder  metallurgy  techniques  (extrude  +  forge  and  HIP), 
exhibits  refined  tnicrostructures  and  increased  tensile  properties  [81]  and  fatigue  resistance 
[82].  Similar  considerations  for  the  development  of  Ni,Al  and  TiAl-based  materials  should 
be  made.  Examination  at  a  single  composition  or  a  single  processing  route  can  not  folly 
evaluate  the  potential  of  these  and  other  advanced  materials. 
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Abstract 

This  paper  discusses  the  application  of  combustion  synthesis  in  the  production  of  dense, 
near  net  shape  ceramic  and  ceramic-metal  composites  that  could  be  used  as  high 
temperature  structural  materials.  The  current  research  program  using  this  approach  is 
described  together  with  the  existing  data  for  the  combustion  synthesis  of  TiC-Al203-Al  and 
TiC-AljOj-Ti  ceramic-metal  composites  from  a  Ti02-C-Al  exothermic  reaction  mix.  This 
novel  combustion  synthesis  approach  utilizes  an  in-situ  liquid  metal  infiltration  together 
with  a  simultaneous  hot  pressing  technique.  The  reaction  stoichiometry  generates  a 
specific  amount  of  liquid  metal,  ie.  Al  or  Ti,  which  simultaneously  infiltrates  the  pores  of 
the  TiC-Al203  ceramic  matrix  generated  by  the  same  combustion  synthesis  reaction.  The 
effect  of  reaction  parameters,  eg.  stoichiometry,  green  density,  combustion  mode,  and  hot 
pressing  on  the  control  of  the  synthesis  reaction,  product  morphology  and  density  is 
discussed,  together  with  the  major  critical  issues  associated  with  using  this  novel  approach 
to  produce  dense,  near  net  shape  ceramic-metal  composite  components. 


Critical  Issue*  in  ihc  Development  of  High  Temperature  Structural  Materials 
Edited  by  N.S.  Stoloff,  DJ.  Duqueue  and  A.F.  Giamci 
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introduction 


Ceramic  composites  offer  the  greatest  potential  for  applications  at  the  highest  service 
temperatures.  However,  susceptibility  to  brittleness  created  from  nanoscale  flaws 
seriously  limits  the  current  application  of  these  materials.  Incorporating  a  ductile  metal 
network  in  ceramic  composite  materials  offers  considerable  potential  for  the  application 
of  these  ceramic-metal  composites  as  structural  materials.  However,  several  critical  issues 
in  the  synthesis  and  processing  of  these  composite  materials  need  to  be  resolved. 

The  application  of  a  novel  combustion  synthesis  technique  for  the  economical  production 
of  these  ceramic-metal  composites  is  described  in  this  paper.  One  of  the  major  limitations 
of  combustion  synthesis  or  self  propagating  high  temperature  synthesis,  SHS,  is  that 
relatively  high  levels  of  porosity,  eg.  50%,  remain  in  the  product  [1J.  Figure  1  provides 
a  schematic  representation  of  the  SHS  reaction  in  which  Tig  is  the  ignition  temperature 
and  Tc  is  the  combustion  temperature.  Under  adiabatic  conditions  Tc  will  be  the 
adiabatic  temperature,  Tad,  and  using  the  Kirchoff  equation: 

ie. 

Ttrans  Tad 

AH(Tad)  =  AH(To)  +  f  Cpdt  ±  AH(trans)  +  f  Cpdt  =  0 

to  Ttrans 

where  To  is  the  initial  or  starting  temperature,  eg.,  298K,  Ttrans  is  the  transition  point  of 
a  reactant  (-AH)  or  a  product  (+AH)  and  AH(trans)  is  the  corresponding  heat  of 
transformation. 

The  propagating  mode  of  combustion  synthesis  occurs  when  the  exothermic  reaction 
mixture  is  ignited  locally  and  the  heat  generated  is  sufficient  to  propagate  the  reaction 
through  the  samples  in  1  to  2  seconds.  The  simultaneous  combustion  mode  is  much 
faster  and  occurs  when  the  whole  of  the  reactant  mixture  is  ignited  at  the  same  time,  eg. 
placing  it  in  a  furnace  above  the  ignition  temperature  of  the  SHS  reaction. 

Experimental  Reaction  Systems 

Several  model  composite  systems  have  been  investigated  in  which  an  excess  amount  of 
Al  is  used  both  as  a  reductant  in  the  reaction  and  as  the  metal  component  of  the  ceramic- 
metal  composite  [2-6]  one  example  is  given  below: 

3Ti02  +  3C  +  (4  +x)Al  -  3TiC  +  2A1203  +  xAI  (1) 

where  x  was  varied  between  O  to  9  [2]. 

The  excess  amount  of  liquid  Al  is  allowed  to  simultaneously  infiltrate  the  pores  in  the 
ceramic  composite,  and  hence  improve  the  relative  density.  A  variation  of  reaction  (1) 
is  given  in  reaction  (2)  in  which  the  Al  is  used  to  reduce  Ti02  and  generate  an  excess 
amount  of  Ti  [6]. 

ie.  (3  +  x)Ti02  +  3C  +  (4  +  4/3x)Al  -  3TiC  +  (2  +  2/3x)Al2Os  +  xTi  (2) 

This  ceramic-metal  composite  (TiC-AI203-Ti)  will,  therefore,  provide  a  potential  for 
increased  operating  temperatures. 


AH  (kJ) 


This  novel  approach,  ie.  SHS  +  in-situ 
liquid  metal  infiltration,  has  resulted  in  an 
increase  in  density  of  the  composite  from 
45%  theoretical  to  approximately  75% 
theoretical  [2]  in  reaction  0).  The 
enthalpy  (HHemperature  (T)  plots  for 
these  two  reaction  systems  are  given  in 
Figure  2  in  which  Xr  and  Xp  refer  to  the 
respective  reactant  and  product  H-T  plots 
associated  with  the  corresponding  excess 
amount  of  Al  or  Ti,  eg.  Xr  -  3,  Xp  -  3 
refers  to  3  moles  of  excess  Al  or  Ti.  Also 
indicated  on  these  diagrams  and  in  Table 
Figure  1 .  Schematic  representation  of  the  I  are  the  corresponding  melting  and 

combustion  synthesis  reaction.  boiling  points  of  reactants  and  products. 

It  is  apparent  from  Figure  2  that 
conducting  these  combustion  synthesis  reactions  under  adiabatic  conditions  with  a  Tig  of 
1000°C  and  a  stoichiometry  of  x  -  0  will  exceed  the  melting  points  of  Al,  Ti02,  Al203, 
Ti  and  the  boiling  point  of  Al.  These  phase  changes  will  affect  the  stability  of  the 
combustion  front  [7].  However,  most  SHS  reactions  are  conducted  under  non-adiabatic 
conditions  since  heat  is  lost  to  the  surroundings  from  the  reactant  pellet, 
ie.  TcCTad.  as  indicated  in  Figure  2.  Increasing  x  decreases  Tad  for  both  reaction 
systems.  However,  unlike  reaction  (1),  reaction  (2)  becomes  more  exothermic  as  the 
amount  of  excess  Ti  (xTi)  increases  [Figure  2(b)]. 


[a]  [b] 


Figure  2.  Enthalpy-temperature  plots  for  reactants  (Xr)  and  products  (Xp)  for  [a]  reaction 
(1)  and  [b]  reaction  (2)  for  various  values  of  excess  Al  or  Ti,  ie.,  Xr  -  9,  Xp  -  9  refers  to 
an  excess  of  9  moles  of  Al  or  Ti  in  the  reaction  stoichiometry.  Note  that  the  heat  of 
reaction  for  reaction  (2)  becomes  more  exothermic  as  xTi  increases. 


Experimental  Procedure 

The  reactant  powders  (Table  I)  were  thoroughly  mixed  using  porcelain  ball  milling  and 
pressed  to  various  green  densities,  with  varying  values  of  x,  into  cylindrical  compacts  of 
0.5  inches  (12.7mm)  in  diameter  and  1  inch  (25.4mm)  in  length.  These  pellets  were  dried 
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for  1  hour  at  120°C  and  ignited  in  either  the  propagating  or  simultaneous  combustion 
modes  using  either  a  heated  flat  tungsten  coil  or  a  basket  tungsten  coil  respectively  in  an 
argon  [Figure  3].  The  Tig  was  determined  using  a  Pt-Pt/10%Rh  thermocouple  and  Tc  was 
determined  using  an  Ircon  Mirage  two  wavelength  infrared  pyrometer.  A  video  camera 
was  used  in  the  propagating  mode  experiments  to  record  the  stability  and  rate  of  the 
combustion  wave. 


Table  1 .  Physical  Properties  of  reactants  and  Products  in  Reactions  (1H2) 


Material 

TiOj 

C 

Al 

TiC 

ai20, 

Ti 

Mpt°C 

1830 

660 

3140 

2050 

1660 

Bpt°  C 

3000 

2467 

4820 

2980 

3287 

SC* 

4.26 

2.25 

2.70 

4.93 

3.97 

4.54 

Size  ipm) 

-44 

-44 

-44 

•bpecmcGravity 


J 


l 


i 


*  •»* 


The  ceramic-metal  composites  produced  were  examined  using  optical  and  scanning 
electron  microscopy  (SEM)  interfaced  with  an  energy  dispersive  spectroscopy  (EDS)  facility 
and  also  by  x-ray  diffraction  (XRD).  The  density  of  the  products  was  determined  using  an 
immersion  in  water  technique. 


Figure  3.  [a]  coil  configurations  for  propagating  and  [b]  simultaneous  combustion  modes. 


Results  and  Discussion 

The  ceramic-metal  product  densities  increased  with  excess  Al  or  Ti,  eg.  from  45%  to  75% 
dense  with  x  -  9  for  reaction  (1),  while,  in  general,  both  Tig  and  Tc  decreased  with 
increase  in  xAl  or  xTi  [2,6].  The  effects  of  green  density  and  excess  Al  on  the  stability  of 
the  combustion  reaction  conducted  in  the  propagating  mode  were  evaluated  from 
examination  of  the  slow  motion  video  camera  recording.  A  stable  combustion  front  was 
one  in  which  a  steady  state  rate  of  propagation  was  observed.  A  semi-stable  combustion 
front  was  one  which  oscillated,  ie.  the  front  slowed  down,  almost  extinguished  and 
subsequently  increased.  An  unstable  wave  propagation  was  defined  as  that  which 
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quenched  out  at  some  position  along  the  pellet  Using  these  definitions,  combustion 
synthesis  stability  diagrams  were  constructed  for  reactions  (1)  and  (2)  aid  are  given  in 
Figures  4(a)  and  (b)  respectively.  In  general,  increasing  excess  Al  and  green  density  for 


[a] 


lb) 


Excess  Al  (mole) 

Figure  4.  Combustion  synthesis  stability  diagrams  for  (a)  reaction  (1)  and  [b]  reaction  (2) 


reaction  (1)  resulted  in  decreased  stability  of  the  combustion  front  aid  eventually 
quenching  out.  This  is  the  result  of  increased  heat  losses  from  the  SHS  reaction  on 
account  of  increased  thermal  conductivity  (increased  green  density)  of  the  reactants  ahead 
of  the  reaction  front  and  latent  heat  of  fusion  (increased  excess  Al).  Although  no  unstable 
fronts  were  observed  in  reaction  (5),  the  combustion  front  became  semi-stable  on 
increasing  xTi  greater  than  5.  For  values  of  x> 5  severe  cracking  was  observed  to  occur 
ahead  of  the  combustion  front  (Figure  5] 
which  was  also  coincidental  with  the 
onset  of  semi-stable  propagation. 

Samples  from  reaction  (2)  were  also 
produced  by  the  simultaneous  combustion 
mode.  No  cracking  ahead  of  the  front  was 
observed.  This  is  most  likely  a  result  of 
the  lower  thermal  gradients  that  are 
present  under  this  mode  of  ignition 
compared  with  the  propagating  mode. 

The  increasing  exotherm icity  of  reaction 
(2)  with  increasing  xTi  [Figure  2]  has  aided 
in  maintaining  a  semi-stable  wave  even  up 
to  xTi  -  50. 

XRD  analysis  of  the  products  identified  the 
expected  product  phases  as  TiC,  Al203,  and  Al  or  Ti  only.  Typical  product  microstructures 
produced  by  both  modes  of  combustion  are  given  in  Figure  6.  The  composite  produced 
by  the  simultaneous  combustion  mode  for  reaction  (2)  exhibited  less  porosity  than  the 
propagating  mode. 

Although  there  is  a  considerable  increase  in  density  achieved  by  this  SHS  +  in-situ  liquid 
metal  infiltration  approach,  maximum  density  and  near  net  shape  processing  can  be  better 
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Figure  5.  Observed  cracking  ahead  of 
combustion  front  on  reaction  (2)  for  x>5. 


[b] 


Figure  6.  SEM  photomicrographs  of 

[a]  fracture  surface  of  composite  3TiC- 
2AI2Oj-4AI  (x  -  4)  indicating  large 
areas  of  Al203  and  fine  TiC  particles 
surrounded  by  a  network  of  Al. 

[b]  fracture  surface  of  composite  3TiC- 
IOAIjOj-1  5Ti  (x  -  15)  indicating  the 
flow  of  liquid  Ti  between  the  TiC-Al203 
matrix, 

[c]  photomicrograph  of  composite  3TiC- 
33Al2Oj-50Ti  produced  by  simultaneous 
combustion  mode. 


achieved  by  coupling  this  technique  with  simultaneous  hot  pressing.  Applying  a 
compressive  load,  simultaneously  as  the  exothermic  reaction  is  initiated  has  resulted  in 
fully  dense  ceramic-metal  composites  of  3TiC-2Al20,-9Al,  ie.  x  -  9  [Figure  7]  and 
achieved  compressive  strengths  of  l.lx  to  10s  psi  (758.4  MPa)  [Figure  8].  The  excellent 
distribution  of  a  fine  Al  network  between  the  fine  TiC  and  Al20,  particles  is  clearly 
evident  in  the  fractured  3TiC-2Al203-xAI  (x  -  4)  ceramic-metal  composite  shown  in 
Figure  9.  Increasing  the  relative  density  of  the  composite  from  83%  to  96%  has 
produced  a  considerable  increase  in  compressive  strength  and  decrease  in  scatter  of  the 
data  [Figure  8],  even  though  the  volume  fraction  of  the  soft  ductile  aluminum  has 
increased.  The  terraced  appearance  of  the  fractured  surface  of  the  samples  tested  in  the 
compression  tests  [Figure  9(c)]  indicate  a  potential  for  increased  toughness.  However,  no 
fracture  toughness  tests  have  been  conducted  as  yet.  Further  improvement  is  possible  by 
lowering  Tc  to  avoid  melting  Al203.  Fully  dense  TiC-AI203  ceramic  composites  have  been 
achieved  using  small  amounts  of  Al203  as  a  diluent  and  employing  simultaneous  hot 
pressing  and  SHS  [Figure  10]  in  a  graphite  die.  The  volume  fractions  of  reactants  and 
products  for  reactions  (1)  and  (2)  for  stoichiometries  of  x  -  0  and  y  (diluent)  Al203  in 
which  y  was  varied  from  0  to  6  are  given  in  Figure  1 1 . 
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Figure  10.  Effect  of  excess  Al203  in  the 
reaction  stoichiometry  for  reactions  (1) 
and  (2)  at  x  -  0  (no  excess  Al),  ie. 
3Ti02  +  3C  +  4AI  +  yAI203  -  3TiC  + 
(2  +  y)Al203,  on  the  relative  density  of 
the  ceramic  composite  produced  by 
simultaneous  combustion  and  hot 
pressing  (3600  psi,  24.8  MPa). 
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Figure  1 1 .  Effect  of  reaction  stoichiometry  on  volume  fractions  of  [a]  products  for  reaction 
(1),  [b]  products  for  reaction  (2)  and  [cj  reactants  and  Id]  products  for  reaction  (1)  when 
x  -  0  and  yAI203  is  varied  between  0  and  6. 
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Conclusions 

It  appears  from  these  data,  that  the  application  of  a  simultaneously  applied  load  during 
the  SHS  reaction  is  beneficial  in  improving  the  theoretical  density  and  compressive 
strength  of  these  ceramic  and  ceramic-metal  composites.  The  addition  of  Al2Q,  as  a 
diluent  lowers  the  combustion  temperature  and  aids  in  control  of  the  particle  size  of  the 
product  phases.  The  favorable  distribution  of  a  fine  Al  network  in  the  ceramic-metal 
composite  produced  by  this  simultaneous  SHS-in-situ  liquid  metal  infiltration  and  hot 
pressing  approach  should  result  in  improved  fracture  toughness  and  can  be  used  in 
conjunction  with  the  use  of  Al203  as  a  diluent  to  produce  fully  dense,  near  net  shape, 
tough  ceramic-metal  composites.  The  critical  issues  to  be  resolved  using  this  approach 
include  a  more  fundamental  understanding  of  the  effect  of  the  processing  parameters  on 
the  ceramic-metal  system,  eg.  green  particle  and  compact  processing;  the  effect  of  excess 
Al,  Ti,  and  Al20}  on  Tc  and  density  control  and  their  effect  on  the  mechanical  properties 
of  the  composites;  effect  of  loading  on  the  reacting  system;  the  level  of  oxygen  in  the 
excess  Ti  produced  via  reaction  (2)  and  the  reproducibility  of  microstructure  and 
properties  produced  by  this  rapid  synthesis  and  processing  technique;  and  the  elevated 
temperature  properties  for  ceramic-AI  and  ceramic-Ti  composites. 
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Abstract 

A  major  drawback  of  intermetallic  compounds  is  their  poor 
ductility  and  low  fracture  toughness  at  room  temperature. 
Considerable  effort  has  been  devoted  to  improve  this  drawback  by 
micro-alloying  and  macro-alloying.  This  paper  presents  a 
promising  alternative  method.  Unidirectional  solidification 
using  a  floating  zone  method  is  found  to  Improve  the  room- 
temperature  ductility  of  N13A1.  Unldirectionally  solidified 
N13A1  has  a  columnar -grained  structure  and  exhibits  a  large 
tensile  elongation  of  60  %  at  room  temperature.  Intergranv  ir 
fracture  is  suppressed.  Solidification  structure  of  Ni3Al  and 
its  tensile  properties  are  presented.  Application  of  this  method 
to  TiAl  is  also  presented. 
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Polycrystal line  N±3A1  Is  extremely  brittle  at  room  temperature 
because  of  Intrinsic  grain-boundary  brittleness  [1-3],  and 
unless  a  small  amount  of  boron  is  doped,  it  easily  suffers  from 
Intergranular  fracture,  showing  much  limited  ductility  [4] .  Very 
recently,  Liu  [5]  and  George  et  al.  [6,7]  pointed  out  that  the 
brittleness  is  due  to  environmental  effect,  i.e.  moisture- 
induced  environmental  embrittlement. 

We  recently  found  that  unidirectional  solidification  (UDS)  using 
a  floating  zone  method  (FZ)  effectively  overcomes  this  problem 
without  boron  doping.  We  call  this  method  FZ-UDS  [8,9].  The 
stoichiometric  NI3AI  grown  by  FZ-UDS  has  a  columnar -grained 
structure  and  shows  about  60%  larger  tensile  elongation  along 
the  columnar  structure  at  room  temperature .  I 1  fractures 
tranagranularly  and  intergranular  fracture  which  occurs  in 
brittle  N13A1  is  significantly  suppressed  [9].  Of  particular 
interest  is  that  it  shows  tensile  ductility  of  about  15%  even 
perpendicular  to  the  columnar  structure,  with  the  fracture  mode 
still  being  transgranular  [10].  It  indicates  that  the  grain 
boundaries  of  N13A1  grown  by  FZ-UDS  are  resistant  to 
intergranular  cracking.  In  addition,  FZ-UDS  has  an  advantage  of 
improving  the  ductility  of  Al-rich  Ni3Al  [11],  which  is 
impossible  for  the  boron-doping  method  [12].  This  is  favorable 
for  high  temperature  structural  applications  since  Al-rich  Ni3Al 
has  higher  strength  at  elevated  temperatures  than  Ni-rich  NI3AI 
[13].  Thus  FZ-UDS  is  a  promising  way  to  improve  the  ductility  of 
intermetal 1 ic  compounds. 

In  this  paper  the  FZ-UDS  process,  the  solidification  structure 
of  N13A1,  and  the  room- temperature  mechanical  properties  are 
presented.  Application  of  FZ-UDS  to  TiAl  is  also  presented. 


Procedure 

FZ-UDS  is  carried  out  in  a  flowing  argon  atmosphere  by  a 
floating  zone  method  [8].  Infrared  radiation  from  the  double 
halogen  lamps  is  used  as  the  heating  source.  This  method  has  an 
advantage  of  easy  operation  and  permit  us  to  control  growth  rate 
strictly.  Forced  convection  is  applied  to  the  molten  zone  to 
reduce  the  temperature  gradient  in  the  radial  direction  and  the 
concentration  gradient  in  the  molten  zone:  the  feed  rod  and  the 
grown  alloy  are  rotated  in  opposite  directions  during  the 
operation.  The  growth  rate  is  the  most  important  controlling 
factor  of  the  solidification  structure  [8,9,14,15]. 


Solidification  structure  of  stoichiometric  Ni3Al  is  dependent  on 
the  growth  rate,  as  shown  in  Fig.l  [14-16].  The  structure  grown 
at  25  mm/h  is  a  columnar-grained  single  phase  Ni3Al  which  is 
ductile  at  room  temperature  as  described  below.  A  striking 
feature  of  this  structure  is  high  frequency  of  low  energy 
boundaries,  £1,3,9,  and  19,  as  shown  in  Fig. 2  [17].  In  this 
figure,  hatched  bars  indicate  the  experimentally  determined 
values  and  open  bars  indicate  the  values  predicted  theoretically 
for  randomly  oriented  grains.  The  frequency  of  low  energy 
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Figure  1-  Optical  micrographs  of  stoichiometric  Ni3Al  grown  by 
FZ-UDS  at  the  growth  rate  of  (a)  25  mm/h  and  (b)  50 
mm/h. 
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Figure  2-  Frequency  of  coincidence  boundaries  as  a  function  of  Z 
in  the  stoichiometric  Ni3Al  grown  at  25  mm/h. 
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Figure  3-  Optical  micrographs  of  Al-rich  Ni3Al  grown  by  FZ-UDS 
at  25  mm/h.  (a)  Ni-26at%Al,  (b)  Ni-27at%Al. 

boundaries  exceeds  70  %.  Therefore,  the  solidification  structure 
has  a  texture.  Several  types  of  textures  such  as  <100>,  <110>, 
<111>,  and  <210>  have  been  observed.  With  increasing  the  growth 
rate  the  structure  becomes  a  duplex  structure  of  Ni3Al  and  NiAl 
(Llo-type  p' -NiAl ) ,  Figure  1(b)  shows  that  NiAl  is  precipitated 
dendritically  in  the  columnar-grained  Ni3Al  matrix .  At  a  lower 
growth  rate  below  10  mm/h  it  is  difficult  to  keep  the  operation 
stable  for  long  time  and  NiAl  precipitate  intermittently  [8,9]. 
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Al-rich  NI3AI  shows  s  duplex  structure  of  NI3AI  and  NiAl  at  any 
growth  rates.  The  precipitated  NiAl  is  massive,  as  shown  in 
Fig. 3,  which  is  different  from  that  in  stoichiometric  N13A1 
[11]. 


Formation  mrhnnlaa  of  the  colnnnnr-grn Inert  NI3M 

Ni3Al  and  NiAl  grow  simultaneously  from  the  liquid  in  the  form 
of  lamellar  structure  at  the  growth  rate  of  25  am/h  [14,16].  it 
is  similar  to  eutectic  alloys  although  stoichiometric  Ni3Al 
undergoes  peritectic  reaction.  The  precipitated  NiAl  is  not 
stable  below  solidification  temperature  and  dissolves  into  the 
N13A1  metrix  when  cooling  starts  after  solidification. 
Resultantly  the  columnar-grained  single  phase  N13A1  is  formed  at 
room  temperature. 

Mechanical  properties  of  stoichiometric  NI3AI 

at  room. temperature 


Tensile  properties 


The  columnar-grained  single  phase  N13A1  shows  large  tensile 
ductility  along  the  columnar  structure  at  room  temperature,  as 
shown  in  Fig. 4  [9].  The  total  tensile  elongation  is  larger  than 
60  %.  Compare  it  with  that  of  equiaxed  and  brittle  Ni3Al  which 
is  fabricated  by  conventional  casting. 


Figure  4-  Tensile  stress-strain  curves  of  th.  columnar-grained 
single  phase  N13A1  grown  at  24  mm/h,  comparing  with 
that  of  equiaxed  Ni3Al  fabricated 
by  conventional  casting. 


The  tensile  specimen  is  elongated  uniformly  throughout  the 
entire  gauge  section.  The  stress-strain  curve  shows  linear  work 
hardening  in  the  wide  range  of  strain  after  yielding  and  then 
catastrophically  fractures  without  necking.  The  linear  working 
rate,  which  ranges  from  1000  to  1250  MPa,  is  rather  small 
compared  with  those  of  boron -nondoped  [1]  and  boron-doped  NisAl 
[4]. 


Of  particular  interest  is  that  it  shows  about  15  %  tensile 
elongation  even  perpendicular  to  the  growth  direction,  as  shown 
in  Fig. 5,  indicating  that  the  grain  boundaries  are  resistant  to 
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crack  initiation.  Liu  and  Oliver  first  tried  to  improve  the 
room- temperature  ductility  of  Ni3Al  by  directional  levitation 
zone  melting  and  obtained  tensile  elongation  of  14.1  %  in  the 
longitudinal  direction  of  the  columnar-grained  structure  [18]. 
They  pointed  out  that  the  effect  is  due  to  the  grain  shape,  i.e. 
normal  stress  can  be  minimized  along  the  columnar  structure. 
However,  the  present  results  suggest  that  the  effect  of  FZ-UDS 
is  not  due  to  the  geometrical  reason  but  due  to  the  property  of 
the  grain  boundary. 


Very  recently  Liu  and  his  gruop  found  that  polycrystalline,  B- 
free  Ni3Al  with  and  without  Zr  exhibit  much  larger  room- 
temperture  tensile  ductility  in  oxygen  than  in  air  [5-7].  They 
used  special  specimens  which  were  produced  by  careful  cold 
working  of  polycrystalline  ingots  or  single  crystals  and 
recrystallizing.  They  concluded  that  Ni3Al  is  intrisnsically 
ductile  and  suceptible  to  moisture-induced  hydrogen 
embrittlement  at  ambient  temperatures.  The  moisture- induced 
embrittlement  may  be  suppressed  in  the  Ni3Al  grown  by  FZ-UDS.  It 
may  be  related  to  the  large  amount  of  low  energy  boundaries  in 
this  alloy.  However,  there  is  a  marked  difference  in  fracture 
mode  between  Liu  et  al.'s  Ni3Al  and  the  FZ-UDS  Ni3Al,  as 
described  below.  The  former  Ni3Al  fractures  intergranular ly 
independent  of  environment  and  the  latter  transgranularly . 
Additional  study  is  therefore  needed  to  clarify  the  cause  of  the 
large  tensile  ductility  of  the  FZ-UDS  Ni3Al. 


Figure  5-  Room-temperature  tensile  stress-strain  curves  of  the 
columnar-grained  Ni3Al  parallel  and  perpendicular  to 
the  growth  direction. 

Fracture  mode 

The  fracture  mode  of  the  columnar-grained  structure  is 
transgranular  type,  as  shown  in  Fig. 6(a)  [8,9].  Such  fracture 
mode  is  quite  similar  to  that  of  the  born-doped  ductile  Ni3Al 
[4,9].  Many  crystallographic  slip  traces  are  observed  on  the 
fracture  surface.  On  the  surface  of  the  specimen  surface  it  is 
seen  that  slip  bands  transferred  across  grain  boundaries  without 
crack  initiation  (Fig. 6(b)),  i.e.  dislocations  can  move  from  one 
grain  to  the  adjacent  grain  accompanying  with  accommodation  slip 
in  the  grain  boundary  region.  Intergranular  fracture  which  is 
commonly  observed  in  conventionally  cast  Ni3Al  is  suppressed  in 
the  columnar-grained  Ni3Al.  In  other  words,  the  grain  boundary 
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Figure  6-  SEM  micrographs  of  the  (a)  fracture  surface  and  (b) 
side  surface  of  the  tensile-tested  specimen  grown  at 
24  mm/h. 

brittleness  of  polycrystalline  Ni3Al  is  substantially  improved 
by  FZ-UDS.  Cold  rolling  of  25%  is  possible  at  room  temperature 
without  intermediate  annealing  in  the  same  way  as  ductile  metals 
[19]. 


Primary  and  secondary  slip  systems  of  {111}  are  activated  in 
tensile  deformation.  The  specimen  surface  is  corrugated  after  3 
%  elongation  and  the  surface  corrugation  develops  into 
martensite-like  plate  with  strain.  Many  stacking  faults  (SISF- 
type)  are  formed  in  the  plate.  This  suggests  a  correlation 
between  the  formation  of  the  SISF  and  the  large  tensile 
ductility  [16]. 


Figure  7-  Room- temperature  stress-strain  curves  of  the 
stoichiometric  and  Al-rich  Ni3Al . 
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It  should  be  noted  that  Al-rich  Ni3Al  can  be  ductilized  by  FZ- 
UDS.  Figure  7  shows  the  stress-strain  curves  of  the 
stoichiometric  and  Al-rich  N13A1  [11].  As  A1  concentration 
increases,  the  yield  stress  and  the  work  hardening  rate  increase 
and  the  tensile  ductility,  on  the  contrary,  decreases. 

Figure  8  plots  the  tensile  elongation  as  a  function  of  A1 
concentration,  comparing  with  that  of  boron-doped  Ni3Al  [12].  It 
is  well  known  that  the  effect  of  boron  doping  is  strongly 
dependent  on  alloy  stoichiometry  [12].  The  tensile  elongation 
decreases  with  increasing  A1  concentration  in  Ni3Al  and  the 
boron  doping  is  only  effective  in  Ni-rich  Ni3Al.  Alloying 
elements  such  as  Fe  and  M n  can  also  improve  the  ductility  but 
this  is  also  effective  in  Ni-rich  Ni3Al  [20] .  In  contrast  with 
these  micro-  and  macro-alloying,  FZ-UDS  can  improve  the 
ductility  of  stoichiometric  and  Al-rich  Ni3Al.  This  is  an 
advantage  for  high  temperature  structural  applications  since  Al- 
rich  Ni3Al  has  higher  strength  at  elevated  temperatures  than  Ni- 
rich  Ni3Al  [13].  Probably  Al-rich  Ni3Al  is  more  resistant  to 


Figure  8-  Plot  of  room-temperature  tensile  elongation  as  a 
function  of  A1  concentration,  comparing  with  the 
boron-doping  effect  [12]. 

oxidation  than  Ni-rich  N13A1.  The  precipitated  NiAl  in  Al-rich 
Ni3Al  may  increase  the  creep  resistance. 

Fracture  mode 

The  N13A1  matrix  shows  the  same  fracture  mode  as  the 
stoichiometric  Ni3Al,  i.e.  intergranular  fracture.  However, 
cracks  initiate  at  the  interface  between  the  precipitated  NiAl 
and  the  Ni3Al  matrix,  as  shown  in  Fig. 9  [11].  The  precipitate 
NiAl  themselves  are  brittle  and  show  cleavage  fracture. 

Application  of  FZ-UDS  to  T1A1 

FZ-UDS  is  also  found  to  be  effective  in  improving  the  room- 
temperature  ductility  of  TiAl  [21].  The  solidification  structure 
is  strongly  dependent  on  the  growth  rate  and  alloy  composition 
similar  to  Ni3Al.  Figure  10  shows  the  optical  micrographs  grown 
by  FZ-UDS  at  several  conditions.  The  alloys  with  48  and  50  at  % 
A1  grown  at  5  mra/h  exhibit  a  single  crystal -like 
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Figure  9-  SEM  micrographs  of  the  (a)  fracture  surface  and  (b) 
side  surface  of  the  tensile-tested  specimen  of  Ni- 
26at%Al 

Ti3Al(a2)/TiAl(Y)  layered  structure.  As  the  growth  rate 
increases,  the  alloy  with  48  and  50  at  %  A1  exhibit  a  columnar¬ 
grained  structure;  however,  the  former  consists  of  the  layered 
structure,  whereas  the  latter  contains  y  single-phase  grains  as 
well.  The  alloy  with  52  at  %  A1  exhibits  a  y  single  phase, 
regardless  of  the  growth  rate. 

The  room- temperature  tensile  properties  are  shown  in  Fig. 11  as 
function  of  alloy  composition  and  growth  rate.  Concerning  the 
tensile  elongation,  there  are  two  attractive  regions  where  the 
tensile  elongation  exhibits  larger  than  3  %.  In  particular,  the 
region  B  where  the  alloy  has  columnar-grained  structure  is 
attractive  because  tensile  ductility  larger  than  4  %  and 
relatively  high  strength.  It  is  considered  that  such  attractive 


Figure  10-  Optical  microstructures  of  T148  at  %  A1  (a,b,c),  50 

at  %  A1  (d,e,f),  and  52  at  %  A1  (g,h)  grown  at  5  mm/h 
(a,d,g),  24  mm/h  (b,e,h),  and  70  mm/h  (c,f). 
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Figure  11-  Changes  in  tensile  ductility  and  ultimate 
with  growth  rate  and  alloy  composition  of 
by  FZ-UDS. 
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properties  are  due  to  the  columnar-grained  structure  with 
texture . 

Summary 


Improvement  of  the  room- temperature  ductility  of  Ni3Al  and  TiAl 
by  FZ-UDS  is  presented.  The  experimental  results  indicate  a 
possibility  of  improving  brittle  intermetallic  compounds  by 
controlling  grain  boundary  character  and  texture,  which  are 
proposed  by  Watanabe  [22].  FZ-UDS  is  a  promising  way  to 
fabricate  ductile  intermetallic  compounds. 
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Abstract 


In  two-phase  TIA1  alloys,  the  lamellar  structures  are  of  special  interest  and  importance  since 
they  are  so  common  and  persistent,  not  only  under  as-cast  conditions  but  also  after  thermal 
treatment.  However,  the  lamellar  structures  are  stQl  poor  in  ductility,  although  they  arc 
beneficial  for  toughness  and  high-temperature  strength.  This  article  will  review  the  recent 
progress  made  in  understanding  the  basic  mechanical  properties  of  the  gamma  and  alpha-2 
phases  which  comprise  the  two^phase  alloys  in  lamellar  form,  and  discuss  how  an  improved 
balance  of  strength  and  ductility  in  die  lamellar  form  may  be  achieved. 
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Recently,  there  has  been  an  enormous  increase  in  the  research  and  development  activity  on 
titanium  alumhndes ,  in  particular  on  the  TiAl  compound  since  it  has  immense  potential  as  a 
new  high-temperature  light-weight  structural  material  (for  a  review,  sec  Kim  and  Dfaniduk  [11). 
The  T1A1  phaae  possesses  a  wide  composition  range.  However,  it  extends  primarily  on  the  At 
rich  side,  and  the  TiAl  compounds  with  nearly  cquiatormc  or  TS-rich  compositions  exhibit  a 
two-phase  miaostructuie  composed  of  the  T1A1  (gamma)  phase  and  a  small  volume  fraction  of 
tiie  TbAl  (alpha-2)  phase.  The  so-called  TiAl  compounds  to  which  a  recent  enormous  increase 
in  the  research  and  development  activity  has  been  devoted,  are  such  gamma/alpha-2  two-phase 
alloys  rather  than  the  Al-nch  TiAl  compounds  with  a  gamma  single-phase  structure  since  the 
former  alloys  are  more  ductile  and  tougher  than  the  Inner  compounds.  In  the  last  few  years, 
marked  improvements  in  the  medumcsl  properties  of  the  two-phase  alloys  in  duplex  form  have 
been  achieved  through  alioyfam  with  ternary  elements  and  controlling  their  microstructure  by 
thermomechanical  processing  [1-12].  However,  the  lamellar  structures  are  still  poor  in  ductility, 
although  they  are  beneficial  for  toughness  and  high-temperature  strength.  Alloying  dements 
such  as  Cr,  V,  and  Mn  have  been  reported  to  increase  the  room-temperature  ductility  of  the  two- 
phase  alloys  in  duplex  form.  However,  none  of  them  is  effective  in  Hurriifring  the  two-phase 
alloys  in  lamellar  form.  This  artide  will  review  the  recent  progress  made  in  understanding  the 
basic  mechanical  properties  of  the  gamma  and  alpha-2  phases  which  comprise  the  two-phase 
alloys  in  lamellar  form,  and  discuss  how  an  improved  balance  of  strength  and  ductility  in  the 
lamellar  form  may  be  achieved. 

I  amdlar  stnirtiire 

When  two-phase  TiAl  alloys  with  near-cquiatoaiic  compositions  are  prepared  by  usual  ingot- 
metallurgy  methods,  the  gamma  phase  precipitates  from  the  alpha  phase  producing  a  lamellar 
structure  which  is  composed  of  the  transformed  gamma  and  remaining  alpha  lamellae.  Gamma 
lamellae  are  formed  in  such  a  way  that  do6e-packed  planes  and  directions  in  the  gamma  phase 
are  parallel  to  the  corresponding  planes  and  directions  in  the  alpha  phase.  However,  three 
<1J20>  directions  on  the  (0001)  basal  plane  of  the  hep  alpha  phase  are  all  equivalent  while  the 

[110]  direction  and  other  two  <0TTJ  directions  on  the  (111)  plane  of  the  gamma  phase  with  the 
tetragonal  Llo  structure  arc  not  equivalent  to  each  other.  The  gamma  phase  can  thus  be  formed 
in  six  possible  orientation  variants  corresponding  to  the  six  possible  orientations  of  [llO]  on 

(111)  in  the  gamma  phase  with  respect  to  <ll20>  on  (0001)  in  the  alpha  phase  [13-18].  The 
formation  of  stacking  faults  is  believed  to  be  a  precursor  of  the  alpha-to-gamma  transformation 
in  lamellar  form  [19,20]  and  the  thinning/thickening  of  the  alpha  lamellae  has  been  proposed  to 
occur  by  the  motion  of  ledges  parallel  to  the  interfaces  [18,21-23].  However,  more  work  is 
needed  to  elucidate  it. 

A  typical  lamellar  structure  in  a  unidiiectkmally  solidified  ingot  of  Ti  -  49.3  at  %  A1  revealed  by 
transmission  electron  microscopy  (TEM)  is  presented  in  Fig.  1[18].  The  [llO]  and  <0ll]  net 
selected-area  electron  diffraction  (SAED)  patterns  are  schematically  illustrated  in  A,  Band  C,  D, 
respectively  in  the  upper  part  of  tire  figure  and  the  types  A  -  D  of  the  SAED  patters  obtained 
from  each  individual  lamella  on  the  XY  line  in  the  figure  are  depicted  in  the  bottom  of  the  figure 
in  order  to  differentiate  the  variety  of  domains.  Between  alpha-2  lamellae,  gamma  lamellae  can 
be  seen  to  form  a  lamellar  domain  structure  and  each  gamma  lamella  corresponds  to  one  of  tire 
six  orientation  variants.  Gamma/gamma  lamellar  interfaces  are  therefore  intervariant  boundaries. 
When  gamma  lamellae  with  the  SAED  patter  A  or  C  border  those  with  the  pattern  B  or  D,  the 
two  neighboring  gamma  lamellae  are  separated  by  an  intervariant  boundary  of  tire  true-twin 
type.  The  two  neighboring  gamma  lamellae  can  be  separated  by  intervariant  boundaries  of  the 
pseudo-twin  type(  the  SAED  pattern  A  or  C  borders  the  pattern  D  or  B)  and  tire  120*-rotational 
type  (A  or  B  borders  C  or  D).  Of  particular  significance  m  Fig.  1  is  that  the  imervariant  lamellar 
boundaries  of  the  pseudo-twin  and  120°-rotanonal  types  are  commonly  observed.  The  ratio  of 
energies  of  intervariant  lamellar  boundaries  of  the  three  different  types,  tire  true-twin,  pseudo¬ 
twin  and  120*-rotational  types,  has  been  estimated  to  be  in  the  range  of  1 :3:2tol:7:6ontbe 
basis  of  a  hard-sphere  model  [181.  This  is  not  in  accordance  with  the  results  of  TEM 
observations  of  mtervariaut  lamellar  boundaries  in  the  gamma  phase.  Energies  of  the 
intervariant  lamellar  boundaries  of  the  pseudo-twin  and  120*- rotational  types  must  be  much 


Figure  1:  A  typical  example  of  the  lamellar  structure  in  an  as-grown  PST  TiAl  viewed  along  the 
<  11 0>TiA»y<  1 1 20>  TBAJ.  Possible  four  types  of  SAED  patterns  (A-D)  are  illustrated  in  the 

***  of  0toined  bundle  are  depicted  at 

me  bottom  of  foe  figure  [loj. 

smaller  than  time  estimated  on  the  basis  of  a  hard-sphere  model  and  hence  they  are  much  dose 
to  the  energy  of  the  true-twin  type  boundary;  otherwise  the  boundaries  of  the  pseudo-twin  and 
120*-rotational  types  may  not  exist  in  die  gamma  phase  because  of  their  high  energies. 
Recently,  it  has  been  suggested  that  the  lattice  mismatches  would,  if  unrelaxed,  generate  huge 
elastic  stresses  at  the  intervariant  lamellar  boundaries  of  these  two  types  [24].  These 
observations  strongly  suggest  that  significant  relaxation  of  atoms  occurs  at  these  intervariant 
lamellar  boundaries.  This  will  be  discussed  again  in  the  section  on  environmental  embrittlement. 
Kad  and  Hazzlcdine  [25]  have  proposed  a  dislocation  model  for  the  intervariant  lamellar 
boundaries  of  the  120*-rotational  type.  They  have  reported  some  observations  of  screw 
dislocations  which  lie  on  the  120*-roCational  intervariant  lamellar  boundaries  and  which  are 
consistent  with  their  being  misfit  dislocations  forming  shear  boundaries. 


Ingots  of  two-phase  alloys  with  nearly  equiatomic  compositions  prepared  by  usual  ingot- 
metallurgy  methods  have  a  mkrostructurc  composed  of  randomly  oriented  grains  with  foe  folly 
lamellar  structure.  However,  when  such  ingots  arc  rein  cl  ted  and  unidirectionally  solidified  at  an 
appropriate  rate,  single-crystal -like  ingots  derived  from  a  single  alpha-phase  grain  and 
composed  of  the  lamellar  structure,  can  be  obtained  [26-29].  Since  numerous  thin  twin-related 
gamma  phase  lamellae  arc  contained  in  foe  major  constituent  phase,  we  call  these  crystals 
pnlvsvnthericallv  twinned  fPSTl  crystals  from  analogy  with  foe  phenomenon,  polvsvnthctic 
twinning  which  is  often  observed  in  mineral  crystals  [30]. 

The  yield  stress  and  elongation  of  PST  crystals  are  plotted  as  a  function  of  the  angle  ♦,  at  which 
the  lamellar  boundaries  lie  from  foe  loading  axis,  in  Fig.2  and  Fig.3,  respectively  [26-291.  The 
results  of  other  deformation  experiments  on  PST  TiAl  show  foe  same  trend  [31,32].  Similar 
lamellar  orientation  dependence  of  yield  stress  has  been  found  also  in  tendon  and  hooding  tests 
on  polycrystalline  specimens  composed  of  foe  textured  lamellar  grains  [33,34].  TEM 
observations  of  deformation  structures  have  revealed  that  deformation  twins  of  the  (11 1)<1 121- 
type,  which  do  not  disturb  the  Llo  symmetry  of  foe  lattice,  and  dislocations  with  b  =  1/2<110] 
exit  abundantly,  regardless  of  foe  angle  ♦  and  loading  mode  [35].  This  indicates  that  ordered 


0  (degree) 


twinning  and  slip  along  <1 10]  are  the  two  major  deformation  inodes  of  the  gamma  phase 
coexisting  with  the  alpha-2  phase,  as  has  been  shown  previously  by  Huang  (3]. 

The  yield  stress  and  tensile  elongation  of  PST  crystals  are  highly  dependent  on  the  angle 
between  the  lamellar  boundaries  and  loading  an  (Figs.2  and  3).  The  yield  stress  is  high  when 
the  lamellar  boundaries  are  parallel  or  perpendicular  to  the  loading  axis,  but  it  is  very  low  for 
intermediate  orkntations.lMS  is  because  when  the  lamellar  boundaries  arc  parallel  or 
perpendicular  to  the  loading  axis,  shear  deformation  proceeds  on  {111}  planes  intersecting  the 
lamellar  boundaries  (the  hard-type  of  deformation).  On  the  other  hand,  for  intermediate 
orientations,  ahem  deformation  ocean  in  foe  gamma  lamellae  parallel  to  the  lamellar  boundaries 
(the  easy-typeof  deformation)  and  hence  the  tamelkr  boundaries  and  the  lamellae  of  the  alpha-2 
phase  do  not  give  rise  to  direct  obstacles  to  shear  deformation  of  this  type.  In  view  of  lame 
elongation  for  the  easy-type  of  deformation,  whose  characterises  are  expected  to  directly 
reflect  the  deformation  characteristics  of  the  gamma  lamellae,  the  gamma  phase  itself  in 
equilibrium  with  the  aipha-2  phase  appears  to  be  quite  deformable. 

However,  regmdless  of  the  angle  4,  fraemre  has  been  found  to  occur  in  a  brittle  manner  without 
showing  any  local  contraction  even  after  deformed  to  more  titan  10%  [28,29].  In  particular, 
specimens  with  4*  30* -9(f  fail  by  a  cleavage-tike  mode  on  a  macroscopic  habit  plane  parallel 
to  tite  lamellar  boundaries.  Such  fracture  behavior,  the  very  small  plastic  elongation  for 
orientation  N(t*  90*),  and  the  asymmetrical  orientation  (4)  dependence  of  elongation  with 
respect  to  ♦  =  45*  suggest  that  the  resolved  normal  stress  on  the  lamellar  boundaries  plays  an 
important  role  in  the  initiation  of  fracture.  However,  when  the  normal  stresses  calculated 
resolving  the  measured  fracture  stresses  on  the  lamellar  plane  are  plotted  as  a  function  of  4,  a 
concave  curve  similar  to  that  shown  in  Fig.2  is  obtained  [291.  This  dearly  suggests  that  some 
plastic  deformation  plays  a  role  as  a  precursor  to  deavage-lic  crack  initiation.  Orientation  N 
exhibits  a  large  compressive  strain  before  fracture,  while  its  tensile  elongation  is  very  limited. 
Nevertheless,  the  yield  stress  is  the  same  in  both  compression  and  tension,  which  dearly 
indicates  that  yielding  and  therefore  some  plastic  deformation  precedes  fracture  also  in  tension. 
However,  nothing  has  been  known  about  the  plastic  precursor. 

In  general,  no  significant  difference  in  yield  stress  between  tension  and  compression  is 
observed  in  PST  TiAl.  This  is  because  of  the  existence  of  six  (mentation  variants  in  the  TiAl 
phase  in  lamellar  form  and  the  switching  of  the  deformation  mode  from  twinning  to  slip  and 
vice  versa  in  each  variant  corresponding  to  the  change  in  loading  mode. 

The  results  of  our  recent  preliminary  study  on  the  low-temperature  deformation  of  PST  crystals 
of  TiAl  have  revealed  that  an  abundance  of  faulted  dipoles  derived  from  superlattice 
dislocations,  which  are  not  observed  in  PST  crystals  deformed  at  room-temperature,  exist  in 
those  deformed  at  liquid  nitrogen  temperature.  This  suggests  that  a  slip-mode  transition  occurs 
below  room-temperature.  The  faulted  dipoles  observed  at  liquid  nitrogen  temperature  seem  to  be 
similar  to  those  reported  in  studies  on  Al-rich  single-phase  TiAl  compounds  [36-40].  Lipsitt, 
Shechtman  and  Schafrik  have  suggested  that  the  presence  of  the  faulted  ribbon  is  partially 
responsible  for  immobilizing  the  <101]  superlattice  dislocations  up  to  about  630*C  and  the 
sessility  of  the  superlattice  dislocations  is  a  major  reason  for  brittleness  of  the  Al-rich  single¬ 
phase  TiAl  compounds  below  700*C  [36].  Huang  and  Hall  [3]  have  performed  room- 
temperature  bend  tests  on  consolidated  bars  produced  from  melt-spun  ribbons,  and  have 
reported  that  48  at  %  A1  alloys  with  a  two-phase  microstructure,  whose  deformation  occurs  via 
ordered  twinning  of  the  {lll}<112]-type  and  the  motion  of  mobile  1/2<110]  unit  dislocations, 
are  more  ductile  titan  52  at  %  A1  compounds  with  a  single-phase  gamma  structure,  which  show 
a  lower  propensity  of  twinning  and  a  relatively  high  density  of  sessile  superlattice  dislocations. 
However,  PST  crystals  can  be  deformed  to  about  20%  in  tension  even  at  liquid  nitrogen 
temperature.  Thus,  the  preponderance  of  superlattice  dislocations  and  the  existence  of  their 
faulted  dipoles  may  not  be  directly  related  to  the  brittleness  of  TiAl  compounds.  An  answer  will 
be  provided  to  tire  problem  of  brittleness  in  TiAl,  in  particular,  in  the  two-phase  TiAl  alloys 
through  understanding  the  plastic  precursor  to  fracture  initiation,  that  is  the  mechanisms  of  the 
nucleation  of  catastrophic  brittle  crack  after  some  plastic  deformation.  The  fracture  behavior  of 
PST  TiAl  will  be  discussed  again  in  the  section  on  environmental  embrittlement. 
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Alpha- ?  phur. 

The  hard-type  of  deformation  occurs  for  both  A  (♦  *  0*)  and  N  (♦  =  9QT)  orientations. 
However,  orientation  N  exhibits  a  higher  yield  stress  and  a  much  tower  tensile  elongation  than 
orientation  A.  Recently,  Lnui,  Toda  and  Yamaguchi  [41]  have  sown  single  crystals  of  a  DOw 
compound  with  an  Awich  composition,  T1-3ol5  at  %AI,  whim  is  done  to  the  composition  of 
the  dplia-2  phase  in  equilibrium  wife  the  gamma  phase  hi  the  PST  TIA1  crystals,  and  performed 
tension  and  compression  tests  at  100m  temperature.  Figure  4  shows  the  orientation  (4) 
dependence  of  yield  stress  for  single  crystals  of  the  D0t9  compound  and  PST  T1A1  crystals 
deformed  in  compression  at  room-temperature  [41],  The  specimens  of  the  D0i9  compound  are 
oriented  so  that  their  orientations  correspond  to  those  of  the  alpha-2  (rinse  in  PST  crystaisTbe 
yield  stress  of  the  compound  is  higher  than  that  of  PST  TiAl  for  all  orientations  except  for 
orientation  A  where  the  yield  stresses  for  the  two  materials  are  almost  identical.  Since  the  yield 
stress  of  tiie  D0i9  compound  rapidly  increases  as  the  angle  4  increases,  the  difference  in  yield 
stress  between  the  DO19  compound  and  PST  TiAl  increases  with  increasing  4.  Thus,  as  the 
angle  4  increases,  it  becomes  unlikely  that  the  Lamellae  of  the  alpha-2  phase  contribute  to  the 
plastic  deformation  of  PST  crystals  of  TiAl.  In  fact,  k  has  been  shown  that  the  alpha-2  lamellae 
are  not  deformed  at  the  yield  stress,  and  hence  large  compatibility  stresses  are  expected  to 
develop  in  die  regions  along  the  aipha-2/gamma  phase  boundaries.  This  would  be  a  reason  for 
the  difference  in  yield  stress  between  the  two  hard  orientations  A  and  N.  The  4  dependence  of 
yield  stress  of  tiie  D0i9  compound  reflects  the  4  dependence  of  operative  slip  systems  in  the 
compound  [41-43]. 
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Figure  4:  Orientation  dependence  of  yield  stress  of  single  crystals  of  a  D0i9  compound  with  a 
composition  of  Ti  -  36  J  at  %  A1  and  PST  TiAl  [41]. 

Pol vcrvstal line  two-phase  alloys 

The  room -temperature  tensile  properties  of  the  polycrystalline  two-phase  alloys  are  directly 
related  to  their  microstructure.  The  duplex  microstructures  result  in  tensile  elongation  of  more 
than  2%  in  binary  Ti-48at%Aland4%in  ternary  alloys  containing  Mn,  Cr  and  V  [1-5]. 
Fully  lamellar  microstructures  generally  exhibit  poor  ductility,  usually  less  than  1%,  and  hence 
a  low  strength  due  to  premature  fracture  preceding  yielding.  Considering  that  PST  TiAl  with  4 
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=  O’  -  50*  shows  tensile  elongations  as  large  as  10  -  20%  at  room  temperature,  the  room 
temperature  ductility  of  the  polyaystallioe  two-phase  alloys  with  hilly  l«n»ii«r  structures 
would  be  expected  to  achieve  higher  values.  A  decrease  in  grda  sire  is  expected  to  remit  in  an 
increase  in  ductility.  However,  there  is  reported  to  be  a  lower  limit  of  300  wn  to  the  hilly 
lamellar  grain  sire  that  can  be  achieved  by  heat  treatments  [441.  A  further  decrease  in  grain  size 
h  believed  to  require  special  thennomecbaical  processing  [44  J. 

The  fracture  processes  and  properties  of  the  two-phase  alloys  depend  strongly  on  their 
micros tructure.  The  Kic  value  for  the  duplex  structure  depends  on  the  volume  ratio  of  equiaxed 
gamma  grains  to  lamellar  grains.  It  is  is  about  10  MPavte  [45].  In  contrast,  the  Kic  value  for 
the  lamellar  structure,  which  increases  with  increasing  lamellar  grain  size,  ranges  from  20  to  30 
MPavfa  [45].  The  microstructures  consisting  of  equiaxed  gamma  grains  have  beat  found  to 
exMbit  a  planar  crack  path  and  no  tearing  resistance.  The  dominant  fracture  process  is  the 
formation  of  transgtanuiar  deavage  and  grain  boundary  cracks.  On  the  other  hand,  the  lamellar 
mkrostnjeture  shows  a  tortuous  crack  path  and  a  non-zero  value  of  tearing  modulus.  The  crack- 
tip  fracture  process  has  been  reported  to  be  dominated  by  the  deflection  of  the  main  crack  by  the 
lamellae,  the  formation  of  a  diffused  zone  of  microcracks  and  ligaments  ahead  of  the  crack-tip, 
and  toe  linkage  of  toe  mktoaacks  with  the  mam  crack  by  shear  fracture  of  toe  near-tip 
ligaments  [45]  (for  a  review,  see  Chan  [46]).  The  microcracks  are  formed  at  boundaries  of 
lamellar  grains,  along  lamellar  boundaries  or  at  equiaxed  gamma  grains  existing  at  lamellar  grain 
boundaries. 

The  delaminatton  of  lamellar  boundaries  has  been  found  to  occur  mostly  along  gamma/gamma 
interfaces  (intervariant  interfaces)  at  room  temperature  but  along  both  gamma/gamma  and 
gamma/alpha-2  interfaces  at  high  temperatures  [45,46],  The  crack  path  deflection  results  in 
shear  ligaments  and  a  large  plastic  dissipation  by  fracturing  of  the  lamellar  ligaments.  One  of  the 
major  reasons  for  the  high  fracture  resistance  of  the  lamellar  structure  in  comparison  to  toe 
equiaxed  gamma  microstructure  has  been  proposed  to  be  the  formation  of  such  shear  ligaments 
by  mismatched  crack  planes  [45-47].  The  deformation  feature  of  the  ligament  is  somewhat 
similar  to  that  of  PST  TTA1  crystals  with  orientation  A.  Since  yield  stresses  for  the  gamma  and 
alpha-2  lamellae  are  almost  identical  for  orientation  A,  the  alpha-2  lamellae,  which  are  much 
harder  than  the  gamma  lamellae  in  PST  crystals  with  other  orientations  (sec  Fig. 4)  and  hence  do 
not  contribute  to  the  plastic  deformation  of  PST  crystals,  can  deform  as  toe  gamma  lamellae 
deform,  and  thus  PST  crystals  with  orientation  A  exhibit  a  high  yield  stress  and  a  large 
elongation  of  about  10  %  at  room  temperature.  This  seems  to  support  the  shear  ligament 
toughening  of  the  lamellar  microstructure. 


PciifflEgiop  at  high  temperatures 

Our  recent  study  of  toe  high-temperature  deformation  of  PST  TSAI  crystals  shows  that  not  only 
a  slip-mode  transition  but  also  a  change  in  the  propensity  for  twinning  occurs  at  600°  -  800*C 
for  both  the  hard  and  easy  types  of  deformation.  At  room  temperature,  deformation  of  PST 
crystals  occurs  by  ordered-twuming  of  the  {lll}<112]-type  and  slip  on  {111}<110].  These 
twinning  and  slip  systems  are  still  operative  at  high  temperatures.  However,  the  propensity  for 
the  ordered-twinning  was  found  to  decrease  at  high  temperatures  [29]. 

Another  important  point  concerns  the  activity  of  <101]  superlattice  dislocations.  No  <101] 
dislocations  are  observed  in  PST  crystals  of  TiAl  deformed  at  room  temperature,  while  at  8005C 
<101]  dislocations  are  frequently  observed.  This  is  indicative  of  an  increased  activity  of  <101] 
slip  at  high  temperatures.  Dislocations  with  b  =  1/2<112]  are  found  in  specimens  deformed  at 
both  room  temperature  and  800*C.  However,  they  are  not  expected  to  play  a  major  role  in  toe 
plastic  deformation  of  PST  crystals  of  TiAl  since  their  density  is  small  even  at  80CHC.  This  is  in 
agreement  with  the  recent  observations  of  deformation  structures  in  T1-49Al-3.4Nb  (in  at  %)  at 
815*C  and  982*C  by  Soboyejo,  Schwartz  and  Sastry  [48],  whose  observations  show  that 
twinning  activity  is  limited  and  slip  involves  l/2[110t  unit  dislocations  and  [101]  and  [112] 
supertattice  dislocations.  However,  Huang  and  Kim  [49]  have  reported  that  the  dislocations  in 
both  gamma  grains  and  gamma  lamellae  in  lamellar  grains  in  Ti-47Al-lCr-lV-2.5Nb  (in  at  %) 
deformed  under  creep  conditions  at  900*C  are  of  toe  l/2<110]-type  and  neither  supertattice 


dislocations  nor  any  evidence  of  twin  deformation  k  observed.  Recently,  Chan  and  Kan  [45] 
have  found  that  the  Mwnnt  of  twins  and  dislocations  in  tensile  specimens  of  Ti-47Al-2.6Nb- 
Q.093Ct-0.85V  (in  at  %)  in  lamellar  form  k  considerably  higher  at  80CTC  than  at  25*C.  The 
reasons  for  the  similarities  and  differences  in  these  results  are  not  yet  dear.  The  high- 
tempentura  deformation  mode  of  the  gamma  phase  in  equilibrium  with  the  alpha-2  phase  may 
sensitively  depend  on  the  deformation  conditions  and  chemical  compositions. 

Alloying  effects 

Vi^lH  nn-jts  wvt  ductility  of  PST  crystals  nf  TSAI 

A  number  of  alloying  studies  have  been  made  on  TiAl  aimed  at  improving  its  mechanical 
properties,  in  particular,  its  ductility  at  room  temperature.  However,  direct  comparisons  of  these 
results  often  do  not  mean  much  since  alloying  additions  produce  a  change  in  imcrostructure  and 
processing  route,  which  exerts  an  influence  on  the  final  microstructure,  often  varies  with 
Investigator.  PST  crystals  have  a  great  advantage  in  studying  alloying  effects  on  the  mechanical 

Sties  of  HAl,  in  particular,  on  the  mechanical  properties  of  the  gamma  phase  in 
irium  with  the  alpha-2  phase  because  of  the  following  properties  of  PST  crystals:  (1)  PST 
crystals  of  TiAl  always  have  a  folly  lamellar  microstructure,  (2)  when  the  loading  axk  k 
inclined  at  an  intermediate  angle  between  0*  and  90*  to  the  lamellar  boundaries,  they  deform  via 
shear  parallel  to  the  lamellar  boundaries  (the  easy-type  of  deformation  of  PST  crystals),  and  (3) 
the  easy-type  of  deformation  occurs  solely  in  foe  gamma  lamellae  and  foe  coexisting  alpha-2 
Lamellae  have  no  direct  influences  on  tins  type  of  deformation. 


Figure  S:  Yield  stress  of  PST  crystals  of  some  ternary  TiAl  compounds  as  a  function  of  foe 
angle*. 

Figure  5  collectively  shows  foe  observed  values  of  yield  stress  in  compression  of  PST  crystals 
containing  six  different  ternary  alloying  elements,  V,  Cr,  Mn,  Mo,  Ta  and  Nb.  These  alloying 
elements  are  added  so  that  they  substitute  for  0.6  - 1.0  at  %  of  the  total  number  of  atoms  in  foe 
binary  PST  crystal  with  a  nearly  equiatomic  composition  of  49.3  at  %  At.  The  amount  of 
alloying  elements  k  mostly  0.6  at  %.  This  k  because  of  foe  difficulty  of  growing  PST  crystals 
of  ternary  alloys  containing  alloying  elements  more  than  1.0  at  %,  although  foe  reasons  for  foe 
difficulty  are  not  known.  The  most  notable  feature  of  foe  figure  k  that  foe  binary  PST  crystal 
shows  foe  lowest  yield  stress  regardless  of  the  loading  axis  orientation  with  respect  to  foe 


lamellar  boundaries.  Mo,  Ta  and  Nb  seem  to  be  more  effective  in  hardening  the  gamma  phase 
than  V,  Cr  and  Mn  since  yield  stresses  for  the  intermediate  three  orientations  for  PST  crystals 
containing  the  former  group  of  ternary  elements  are  generally  higher  than  those  for  PST  crystals 
containing  the  latter  group  of  ternary  elements.  Mo,  Ta  and  Nb  have  much  higher  melting 
temperatures  than  V,  Cr  and  Mn.  This  might  be  associated  with  the  finding. 

The  results  of  X-ray  microanalyses  of  Mn-,  Cr-  and  Mo-bearing  PST  crystals  in  TEM  show 
that  Mo  is  enriched  m  the  alpha-2  phase,  while  the  atomic  fraction  of  Cr  and  Mn  in  the  alpha-2 
phase  is  almost  equal  to  or  slightly  higher  than  that  in  the  gamma  phase.  Ternary  phase 
diagrams  for  the  Tl-Al-Ta,  Ti-Al-Nb  and  Ti-Al-V  systems  [50-56]  suggest  that  V  and  probably 
Ta  as  well  behave  similarly  to  Mo,  while  Nb  is  slightly  enriched  in  the  gamma  phase. 
However,  as  far  as  we  do  not  penetrate  deeply  into  the  ternary,  the  tie-lines  in  the 
(gamma-f  alpha-2)  two-phase  field  may  not  be  inclined  too  much  with  respect  to  the  Ti-Al  binary 
line,  and  thus  the  difference  in  the  concentration  of  ternary  element  between  the  gamma  and 
alpha-2  phases  in  the  PST  crystals  is  expected  to  be  small.  In  fact,  Mohandas  and  Beaven  [57] 
have  reported  that  in  some  near-gamma  ternary  alloys  containing  Nb,  Mn,  V  and  Cr 
homogenized  at  1200SC  for  48  hours,  equilibrated  at  1300*C  and  water  quenched,  no  extensive 
partitioning  of  ternary  alloying  elements  between  the  gamma  and  alpha  phases  occurs.  More 
recently,  Semiatin  and  McQuay  have  investigated  the  segregation  and  homogenization  of  a  near 
gamma  two-phase  alloy  with  a  composition  of  11-47 Al-2.7Nb-0.3Ta  (in  at  %)  and  found  that 
the  partitioning  of  the  Nb  and  Ta  solute  between  the  gamma  and  alpha  phases  is  almost 
equivalent  [S8j.  Hence,  the  difference  in  yield  stress  between  the  ternary  and  binary  PST 
crystals  for  the  intermediate  orientations  can  be  regarded  as  the  extent  of  solution-hardening  of 
the  gamma  phase  due  to  the  corresponding  ternary  solute  whose  concentration  is  at  the  level  of 
the  nominal  composition. 

The  alloying  effect  for  4=0°,  where  the  lamellar  boundaries  are  parallel  to  the  loading  axis, 
seems  to  be  different  from  that  for  the  easy-type  deformation  of  the  gamma  lamellae.  This  may 
be  because  for  this  orientation,  the  alpha-2  lamellae  can  contribute  to  the  plastic  deformation  of 
the  PST  crystals  and  thereby  the  alloying  effect  in  the  gamma  phase  and  that  in  the  alpha-2 
phase,  which  are  thought  to  be  different  from  each  Other,  are  overlapped,  ^or  4  =  90°,  where 
the  lamellar  boundaries  are  perpendicular  to  the  loading  axis,  the  trend  of  the  alloying  effect  is 
the  same  as  that  observed  for  die  easy-type  deformation  of  the  gamma  lamellae.  This  seems  to 
be  reasonable  since  the  alpha-2  lamellae  may  not  contribute  to  the  plastic  deformation  of  the 
PST  crystals  for  this  orientation.  However,  it  is  not  understood  why  the  increase  in  yield  stress 
due  to  additions  of  Mo,  Ta  and  Nb  is  much  larger  for  this  orientation  than  the  yield  stress 
increase  observed  in  the  intermediate  orientations  where  the  easy-type  deformation  of  the 
gamma  lamellae  occurs. 

The  results  of  tensile  tests  of  these  ternary  PST  crystals  with  4  =  31*  in  air  at  room  temperature 
show  that  their  elongation  is  larger  than  that  of  the  binary  PST  crystals.  The  Cr  addition  is  the 
most  effective  in  improving  ductility  of  PST  TiAl.  Elongations  as  large  as  30  %  and  38  % 
have  been  observed  for  0.6  at  %  and  1.0  at  %  Cr,  respectively.  Mo  is  next  to  Cr  in  the 
ductilizing  effect.  PST  crystals  containing  other  ternary  elements  show  an  elongation  between 
those  of  the  binary  and  Cr-bearing  PST  crystals.  Such  results  may  not  be  explained  in  terms  of 
variations  of  intrinsic  properties  of  the  gamma  phase  such  as  lattice  tetragonality,  unit  cell 
volume,  site  occupancy  and  twinning  activity.  For  example,  our  recent  ALCHEMI  examination 
of  the  site  occupation  of  Cr,  Mo  and  Mn  in  the  gamma  lamellae  in  PST  crystals  indicates  that 
these  three  elements  favor  the  A1  sublattice.  Huang  and  Hall  [59]  have  reported  the  same  result 
on  the  site  occupation  of  Cr  in  the  gamma  grains  in  a  near  gamma  alloy  with  a  duplex 
microstructure,  although  Mohandas  and  Beaven  [57]  have  reported  that  Cr  shows  no  apparent 
preference  in  the  gamma  grains  in  a  two-phase  alloy  with  about  the  same  composition  as  that 
used  by  Huang  and  Hall.  Mn  is  believed  to  favor  the  A1  sublattice  [2,57].  These  observations 
seem  to  suggest  that  these  three  elements  exhibit  more  or  less  the  same  site  occupation  behavior. 
Why,  then,  is  Cr  the  most  potent  to  ductilize  the  gamma  phase?  Nb  is  believed  to  favor  the  Ti 
sublattice  [52-54,57,60].  However,  Nb  and  Mn  show  a  similar  ductilizing  effect  in  PST 
crystals.  Thus,  we  may  not  find  any  significant  correlation  between  the  ductility  of  the  gamma 
phase  in  the  ternary  PST  crystals  and  the  site  occupation  behavior  of  ternary  alloying  elements 
In  the  PST  crystals.  The  alloying  effects  on  the  ductility  of  PST  crystals  should  be  understood 


through  taking  account  of  some  extrinsic  factors  such  as  "environmetal  effect”,  as  will  be 
discussert  m  the  section  on  environmental  embrittlement. 

Effects  of  Mn  additions  have  been  explained  from  the  miaostructural  point  of  view  [60].  At  the 
same  time,  Mn  additions  have  been  reported  to  increase  twinning  activity  [61].  There  is  little 
doubt  that  mechanical  twinning  in  the  gamma  phase  contributes  to  the  toughening  of  the  two- 
phase  alloys  [62-641.  However,  deformation  twins  and  dislocations  with  b  =  1/2<110]  are 
abundantly  observed  even  in  binary  two-phase  alloys  deformed  at  room  temperature  and 
deformation  substructures  in  ternary  duplex  alloys  such  as  Cr-  and  V-bearing  ones  are 
essentially  the  same  as  those  in  the  corresponding  binary  two-phase  alloys  [59],  Additions  of 
ternary  elements  such  as  Cr,  V,  Mn  and  Nb  seem  to  have  relatively  little  effect  on  the 
deformation  mode  in  the  two-phase  alloys.  The  intrinsic  effect  of  these  alloying  elements  has 
yet  to  be  clarified. 


The  polycrystalline  lamellar  structure  is  always  brittle.  This  is  closely  associated  with  the 
brittleness  of  PST  crystals  with  orientation  N.  If  alloying  elements  effective  in  ductilizing  PST 
crystals  with  orientation  N  are  found,  such  alloying  elements  should  be  effective  in  ductilizing 
the  polycrystalline  lamellar  form.  One  of  the  major  reasons  for  the  brittleness  of  PST  crystals 
with  (mentation  N  is  a  large  difference  in  deformability  between  the  gamma  and  alpha-2  phases 
which  results  in  large  compatibility  stresses  at  intetphase  boundaries  (Fig.4).  Not  only  in  PST 
crystals  but  also  in  polycrystalline  two-phase  alloys  with  a  lamellar  microstructure,  it  has  been 
generally  observed  that  a  large  difference  in  the  extent  of  deformation  exists  between  the  gamma 
and  alpha-2  lamellae  [65-67].  For  example,  Appel,  Beaven  and  Wagner  [66]  have  reported  that 
propagation  of  twinning  across  the  lamellar  boundaries  is  generally  halted  at  the  gamma/alpha-2 
interfaces  and  the  stress  field  ahead  of  these  terminated  twins  gives  rise  to  the  formation  of 
cracks.  To  ductilize  PST  crystals  with  orientation  N,  we  should  thus  make  a  search  for  ternary 
alloying  elements  which  arc  preferentially  soluble  in  the  alpha-2  phase  and  cause  significant 
changes  in  its  mechanical  properties,  e.g.  a  considerable  increase  in  the  case  of  pyramidal  slip 
which  is  expected  to  reduce  the  large  difference  in  deformability  between  the  gamma  and  alpha- 
2  phases.  Such  alloying  elements  have  yet  to  be  searched. 

Recently,  an  interesting  miaostructural  effect  of  the  addition  of  Si  in  combination  with  Cr  has 
been  reported  in  a  two-phase  alloy  with  a  chemical  composition  of  Ti-46Al-lCr-0.2Si  (in  at  %) 
[67,68].  The  Cr  concentration  in  the  alpha-2  phase  in  the  alloy  has  been  found  to  be 
significantly  higher  than  that  in  the  gamma  phase.  This  might  suggest  that  the  partitioning  of 
the  major  alloying  clement  Cr  between  the  gamma  and  alpha-2  phases  can  be  controlled  by  the 
minor  alloying  element  Si.  The  Si  and  Cr  bearing  quartemary  alloy  is  reported  to  exhibit  high 
strength  and  good  room-temperature  ductility  [67,68]. 

If  we  can  control  the  partitioning  of  the  major  alloying  elements  such  as  Cr,  V,  Mn,  Mo  and  Nb 
between  the  gamma  and  alpha-2  phases  by  adding  a  small  amount  of  the  fourth  element,  the 
mechanical  properties  of  the  two  constituent  phases  in  the  two-phase  alloys  can  be  modified 
more  or  less  independently  and  thereby  the  remarkable  difference  in  strength  between  the 
gamma  and  alpha-2  lamellae  in  the  fully-lamellar  structures  may  be  reduced,  which  may  lead  to 
ductiiization  of  the  two-phase  alloys  in  lamellar  form. 


A  number  of  intermetallic  compounds  including  NijAl,  C03AI,  FeAl  and  Fe3Al  show  distinctly 
lower  ductility  at  room  temperature  when  tested  in  air  than  in  vacuum  as  reviewed  by  Liu  [69]. 
The  influence  of  strain  rate  and  environment  on  the  flow  and  fracture  behavior  of  two-phase 
TiAl  alloys  in  polycrystalline  form  have  been  studied  by  several  different  research  groups  [70- 
76].  Nakamura,  Hashimoto  and  Tsujimoto  [72]  have  reported  that  Mn-bearing  nearly 
equiatomic  alloys  in  duplex  form  exhibit  better  ductility  in  vacuum  than  in  air,  although  the 
observed  environmental  loss  in  ductility  at  room  temperature  is  relatively  small  and  no 
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significant  difference  in  fracture  mode  is  observed  between  specimens  tested  in  air  and  in 
vacuum.  Fracture  of  the  polycrystalline  duplex  alloys  at  room  temperature  generally  occurs  in 
transgranular  as  well  as  intergranular  modes  in  both  air  and  vacuum. 

Kim  and  DimkJuk  [75]  have  investigated  the  influence  of  strain  rate  (5xlfrs  to  3x10' s1)  on  the 
room-temperature  tensile  properties  of  a  near  gamma  two-phase  alloy  containing  Cr,  V  and  Nb 
in  air.  The  ductility  has  been  found  to  vary  with  specific  microstructure  and  specimen  surface 
condition.  Electropolished  duplex  specimens  show  the  most  pronounced  strain  rate  dependence 
of  the  ductility,  while  the  frilly-lamellar  specimens  reveal  the  least.  They  have  observed  a 
decrease  in  ductility  with  decreasing  strain  rate  for  the  electropolished  duplex  specimens  and 
suggested  that  some  environmental  effect  is  involved  in  the  fracture  process  [75]. 

Two-phase  binary  alloys  in  PST  form 

Tensile  tests  of  PST  crystals  with  4  =  31*  and  those  with  4  =  0*  have  been  carried  out  at  room 
temperature.  Tensile  ductility  and  fracture  stress,  in  particular,  for  4  =  31*  have  been  found  to 
be  sensitive  to  test  environment;  they  are  higher  when  tested  in  vacuum  or  in  dry  air  than  in  air 
or  in  hydrogen  gas  [76].  The  tensile  elongation  and  fracture  stress  are  also  sensitive  to  strain 
rate;  they  increase  when  tested  in  air  or  in  hydrogen  gas  while  they  decrease  when  tested  in 
vacuum  with  increasing  strain  rate.However,  yield  stress  as  well  as  work-hardening  rate  are 
almost  insensitive  to  both  test  environment  and  strain  rate.  PST  crystals  with  4  =  0*  also  exhibit 
similar  environment  and  strain  rate  dependences  of  the  tensile  ductility  and  fracture  stress, 
although  the  extent  of  the  dependence  is  weaker  than  that  for  PST  crystals  with  4  =  31°.  These 
results  reveal  that  PST  crystals  of  TiAl  are  susceptible  to  environmental  embrittlement  and  also 
suggest  that  the  embrittlement  may  be  interpreted  in  terms  of  hydrogen  embrittlement. 

In  the  case  of  PST  crystals  with  4  =  31°,  the  fracture  mode  is  directly  related  to  the  test 
environment  and  strain  rate  [76].  When  they  are  tested  in  air  or  in  hydrogen  gas  at  lower  strain 
rates  at  which  the  environmental  loss  in  ductility  is  large,  they  fail  in  a  cleavage-like  mode  with 
a  habit  plane  (gamma/gamma  interface)  parallel  to  the  lamellar  boundaries,  otherwise  fracture 
occurs  across  the  lamellar  boundaries.  Chan  and  Kim  [45]  have  also  reported  in  their  study  on 
the  fracture  behavior  of  a  two-phase  alloy  in  air  that  the  majority  of  the  delaminated  interfaces 
observed  at  room  temperature  are  gamma/gamma  interfaces,  with  the  gamma/alpha-2  interfaces 
less  fretjuently  observed.  As  mentioned  in  the  section  of  microstructure,  three  different  types  of 
intervanant  lamellar  boundaries  can  exist  in  the  gamma  lamellae  in  the  lamellar  microstructures; 
(1)  true-twin  type,  (2)  pseudo-twin  type  and  (3)12(f-rotational  order-fault  type  [18].  The  ratio 
of  energies  of  these  three  intervariant  boundaries  is  in  the  range  of  1:  3  :  2  to  1  :  7  :  6  [18],  To 
reduce  the  energies  of  the  higher  energy  boundaries,  relaxation  of  atoms  in  the  close  vicinity  of 
the  boundary  planes  is  expected  occur.  Such  relaxation  of  atoms  is  thought  to  have  the  potential 
to  accept  hydrogen  along  them,  offering  a  preferential  path  for  hydrogen  penetration.  Then,  the 
bond  strength  of  these  boundaries  will  be  reduced  in  the  presence  of  hydrogen,  resulting  in  a 
cleavage  -like  fracture  along  them  [76] . 

Two-phase  ternary  alloys  in  PST  form 

The  results  of  tensile  tests  of  ternary  PST  crystals  with  4  =  31°  in  air  and  in  vacuum  at  room 
temperature  reveal  that  all  the  ternary  PST  crystals  exhibit  larger  elongations  in  air  and  smaller 
elongations  in  vacuum  than  the  binary  PST  crystal.  Figure  6  shows  stress-strain  curves  of  PST 
crystals  with  4  =  31*  containing  0.6  and  1.0  at  %  Cr  at  a  strain  rate  of  2.0  x  10~4  in  air  and  in 
vacuum  at  room  temperature.  Elongation  increases  in  air,  while  it  decreases  in  vacuum  with 
increasing  Cr  content.  The  environmental  loss  in  ductility  is  thus  reduced  by  the  addition  of  Cr. 
Fracture  m  binary  PST  crystals  with  intermediate  values  of  4  in  air  occurs  always  along  the 
lamellar  boundaries,  while  the  ternary  PST  crystals  with  4  =  31°,  in  particular,  those  bearing  Cr 
and  Mo  always  fracture  across  the  lamellar  boundaries.  These  results  suggest  that  the  high 
energy  intervariant  lamellar  boundaries  are  strengthened  somehow  by  adding  ternary  alloying 
elements,  and  the  alloying  effect  may  not  be  attributed  to  their  chemical  nature  since  all  the 
alloying  elements  investigated,  which  shows  a  wide  variety  of  chemical  nature,  are  effective  in 
reducing  the  environmental  loss  in  ductility. 
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Figure  6:  Tensile  stress-strain  curves  of  (a)  binary,  (b)  0.6  at  %  Cr-bearing  and  (c)  1.0  at  %  Cr- 
bearing  TiAI  PST  crystals. 


The  alloying  effect  may  be  interpreted  in  terms  of  the  preferential  segregation  of  the  ternary 
alloying  elements  to  the  pseudo-twin  type  and  120r-rotational  type  intervariant  lamellar 
boundaries.  We  believe  such  segregation  reduces  the  vulnerability  of  these  high-energy 
boundaries  to  hydrogen  attack.  We  have  recently  obtained  direct  evidence  to  indicate  that  the 
ternary  alloying  elements  in  PST  crystals  segregate  preferentially  to  the  high-energy  intervariant 
lamellar  boundaries,  die  details  of  which  evidence  will  be  described  elsewhere  [77].  Figure  7 
shows  the  results  of  chemical  analyses  on  true-twin  type  and  pseudo-twin  type  intervariant 
lamellar  boundaries  in  a  Cr-bearing  ternary  PST  crystal.  These  results  have  been  obtained 
through  HR  TEM  observations  of  the  intervariant  lamellar  boundaries  in  the  gamma  lamellae  in 
the  ternary  PST  crystal  using  a  high  resolution  electron  microscope,  JEOL-2010F  equipped 
with  a  field  emission  gun  and  an  EDS  chemical  analysis  system.  The  radius  of  electron  beam 
spot  for  chemical  analysis  was  0.S  nm.  The  preferential  segregation  of  Cr  is  obvious  in 
comparison  of  the  results  for  the  true-twin  type  and  pseudo-twin  type  boundaries.  We  have 
made  similar  analyses  on  a  Mo-bearing  PST  crystals  and  found  similar  preferential  segregation 
of  Mo  on  the  high  energy  intervariant  lamellar  boundaries  [77]. 

We  may  thus  reduce  environmental  embrittlement  in  the  two-phase  TiAI  alloys  by  alloying 
additions.  However,  the  reduction  in  environmental  embrittlement  by  alloying  is  not  due  to 
intrinsic  changes  in  the  mechanical  properties  of  the  gamma  phase,  but  is  due  to  a 
micro6tructural  change,  that  is  the  segregation  of  alloying  elements  to  the  high  energy 
intervariant  lamellar  boundaries.  In  fact,  the  results  of  tensile  tests  of  ternary  PST  crystals  in 
vacuum  at  room  temperature  reveal  that  all  the  alloying  elements  listed  in  Fig.  S  give  rise  to  an 
increase  in  yield  stress  and  a  decrease  in  elongation.  The  intrinsic  ductility  of  the  gamma  phase 
does  not  seem  to  be  enhanced  by  adding  such  alloying  elements.  Of  the  alloying  elements  listed 
in  Fig.5,  Cr  is  the  most  effective  in  reducing  the  environmental  loss  in  ductility.  The  addition  of 
a  small  amount  of  Cr  might  enhance  the  formation  of  surface  oxide  film  which  is  effective  in 
increasing  resistance  to  hydrogen  attack.  The  addition  of  a  small  amount  of  Cr  to  the  two-phase 
alloys  is  thus  thought  to  result  in  (1)  microstructural  changes  involving  the  increase  in  the 
volume  fraction  of  transformed  gamma  phase  and  segregation  of  Cr  to  the  high  energy 
intervariant  lamellar  boundaries,  and  (2)  a  change  in  the  chemical  nature  of  surface.  Good 
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Figure  7:  Micro-chemical  analyses  of  the  Cr  concentration  profile  in  the  gamma/gamma 
intervariant  lamellar  boundary  regions  in  a  Cr-bearing  PST  TiAl:  (a)  for  a  pseudo- twin  type 
intervariant  boundary  and  (b)  for  a  true-twin  type  intcrvariant  boundary.  Micro-chemical 
analyses  were  made  on  the  spots  indicated  by  A,  B  and  C  on  the  corresponding  HREM  images. 


ductility  of  the  two-phase  alloys  with  Cr  may  be  interpreted  in  terms  of  such  changes  in  the 
microstructure  and  chemical  nature  of  surface  brought  about  by  Cr  additions. 

The  effect  of  alloying  additions  on  the  room-tempeiature  ductility  of  PST  crystals  with  ♦  =  90* 
is  one  of  the  subjects  of  our  ongoing  researches.  Information  on  how  the  ductility  of  PST 
crystals  with  this  lamellar  orientation  can  be  improved  is  badly  needed  to  find  a  research  route  to 
improve  die  ductility  of  the  two-phase  alloys  in  lamellar  form. 

Summary  and  remarks 

The  lamellar  structures  are  beneficial  for  toughness  and  high-temperature  strength,  however, 
they  are  poor  in  room-temperature  ductility.  Recently,  significant  progress  has  been  made 
towards  clarifying  the  basic  mechanical  properties  of  the  gamma  and  alpha-2  phases  coexisting 
in  the  two-phase  alloys  using  polysynthetically  twinned,  PST  crystals.  In  view  of  the  large 
values  of  room-temperature  tensile  elongation  shown  by  PST  crystals,  the  ductility  of  the  two- 
phase  TiAl  alloys  m  lamellar  form  would  be  expected  to  achieve  higher  values.  We  have 
suggested  that  the  remarkable  difference  in  strength  between  the  gamma  and  alpha-2  lamellae,  in 
particular,  for  the  orientation  where  stress  is  applied  perpendicularly  to  the  lamellar  boundaries 
should  be  reduced  by  alloying  in  order  to  improve  the  room-temperature  ductility  of  the  lamellar 
form.  Alloying  elements  such  as  Cr,  Mn  and  V  have  been  reported  to  increase  the  room- 
temperature  ductility  of  the  two-phase  alloys  in  duplex  form.  However,  none  of  them  is 
effective  in  ductjlizing  the  two-phase  alloys  in  lamellar  form.  Our  knowledge  of  the  specific  role 
of  a  particular  alloying  element  is  still  very  limited.  More  extensive  work  in  this  field  is 
required. 
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Abstract 

The  development  and  application  of  refractory  metal  alloys  for  high-temperature  aerospace 
structures  is  reviewed.  Refractory  metals  are  prime  candidates  for  many  high-temperature 
aerospace  components  because  of  their  high  melting  points,  fabricability,  and  inherent  creep 
resistance.  The  use  of  refractory  metals  is  often  limited,  however,  by  poor  room  temperature 
properties,  inadequate  oxidation  resistance  at  elevated  temperatures,  or  difficulties  associated 
with  joining,  welding,  or  forming.  Materials  selection  criteria  for  high-temperature  structures  are 
reviewed  with  an  emphasis  placed  upon  the  distinctions  between  refractory  metals  and  competing 
high-temperature  materials  -  including  carbon,  ceramics,  and  intermetallics.  Each  class  of 
materials  has  inherent  limitations  which  govern  their  application.  In  some  cases,  materials 
limitations  are  being  solved  through  the  use  of  engineered  materials  hybrids  such  as  ceramic- 
coated  refractory  metals  or  ceramics  toughened  with  a  ductile  refractory  metal  phase.  For  many 
applications,  use  of  ceramics  and  intermetallics  is  limited  by  their  technological  immaturity.  For 
example,  current  understanding  and  application  of  molybdenum-based  materials  is  based  upon 
nearly  40  years  of  application  experience  in  high-temperature  structures.  As  an  example  of  a 
materials  development  and  qualification  program,  a  brief  synopsis  of  molybdenum  alloy 
development  is  presented.  Topics  surveyed  include  recent  advances  in  the  understanding  of  the 
role  of  oxygen  on  the  room  temperature  brittle  behavior  problem  in  molybdenum  alloys. 
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Inaaducaap 

For  many  high-temperature  aerospace  applications,  refractory  alloys  based  on  niobium  (Nb), 
molybdenum  (Mo),  tantalum  (Ta).  and  tungsten  (W)  are  the  materials  of  choice.  This  is 
because,  for  applications  requiring  very  high  operating  temperatures,  strength  levels  are  required 
that  exceed  the  capabilities  of  conventional  high  temperature  alloys  such  as  stainless  steels  and 
superalloys.  The  Figure  below  shows  some  comparative  selected  data. 


Fig.  1  Strength  as  a  function  of  temperature  for  selected  refractory  metals,  ceramics,  and 
intennetallics 

The  favorable  high-temperature  strength  properties  of  the  refractory  metals  are  in  some  cases 
offset  by  poor  room  temperature  ductility  and  fabricability,  embrittlement  after  welding  or 
joining,  and  in  some  cases  inadequate  oxidation  resistance.  Despite  these  limitations,  refractory 
metals  are  used  successfully  in  a  number  of  demanding  high-temperature  structural  applications  - 
principally  in  areas  of  propulsion  and  energy  conversion.  Selected  data  for  the  principal 
refractory  metals  are  listed  in  Table  I.  As  shown  in  Table  I,  the  principal  refractory  metals  have 
been  available  for  engineering  use  for  over  100  years  and  have  been  used  for  aerospace  hardware 
for  about  30  years.  The  refractory  metals  can  boast  a  level  of  technological  maturity  which 
structural  ceramics  and  intennetallics  will  not  equal  for  some  time  to  come.  Also  highlighted  in 
Table  I  are  the  principal  limitations  of  the  refractory  metals:  catastrophic  oxidation  at  a  relatively 
low  temperature  and  poor  low  temperature  ductility  (for  Mo  and  W)  that  renders  fabricability 
difficult 

By  comparison,  the  production  of  alternative  high-temperature  structural  materials  (ceramics 
and  intennetallics)  has  occurred  over  a  much  shorter  time  scale.  Although  ceramic  "mill  {no¬ 
ducts"  have  been  available  fen  many  years,  it  is  only  recently  that  the  purity,  density,  and  micro- 
structural  homogeneity  of  ceramics  have  allowed  their  consideration  as  useful  high-temperature 
engineering  structural  materials.  Key  technological  advances  have  included  improved 
toughness,  greater  availability  of  product  forms,  the  introduction  of  ceramic-matrix  composites. 
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and  gains  in  the  area  of  superplastic  forming.  Intermetaliic  systems  are  at  varying  levels  of 
technological  maturity.  Aluminides  of  Fe,  Ni,  and  Ti  are  presently  under  consideration  far  high- 
temperature  application  while  a  host  of  other  intermetaliic  systems  (e.g.  silicides  and  beryllides) 
remain  at  the  stage  of  laboratory  examination.  Practically  all  intermetaliic  systems  under 
investigation  today  are  seen  as  potential  replacements  for  superalloys.  Thus  far.  no  intermetaliic 
materials  have  emerged  to  challenge  the  refractory  metals  and  ceramics  for  high-tempenuure 
(T>1350°C)  service.  For  this  reason,  the  principal  emphasis  of  this  review  is  on  ceramics  and 
refractory  metals. 


Table  1 

Selected  Data  for  the  Principal  Refractory  Metals 


Nb 

Ta 

Mo 

W 

Melting  Point  (%) 

2468 

2996 

2617 

3410 

Oxide  Melting  Point  (°Q 

1490 

1772 

795 

1500 

Density  (g/cnP) 

8.58 

16.68 

10.22 

19.26 

Ductile-Brittle  Transition  (°C) 

-125 

-273 

30 

300 

Elastic  Modulus  (GPa) 

110 

186 

324 

405 

U.S.  Annual  Consumption  (mt)  [1]< 
U.S.  Import  Reliance  (%)  [1] ' 

3425 

387 

18500 

10275 

100 

86 

0 

75 

Year  of  Isolation  as  Pure  Element 

1865 

1865 

1893 

1783 

Year  of  First  Aerospace  Application 

-1965 

-1970 

-1960 

-1960 

*Only  10-20%  is  consumed  annually  as  refractory  metal  mill  products, 
t  Average  1988-92 

Traditional  areas  of  aerospace  application  for  high-temperature  materials  such  as .  ket  pro¬ 
pulsion  and  re-entry  systems  have  been  supplanted  in  recent  years  by  the  demands  of  acrotherro- 
ally-heated  hypersonic  vehicles,  proposed  high-Mach  jet  propulsion,  and  the  development  of 
thrust  vector  controls  in  advanced  Fighters.  The  demands  of  these  fairly  recent  applications  have 
yet  to  be  met  satisfactorily  and  a  new  look  at  available  thermal  technology  is  called  for.  With 
such  applications  in  mind,  the  materials  selection  criteria  for  engineering  structures  which  must 
withstand  a  high  thermal  loading  are  considered  below. 

Materials  Selection  for  High  Heat  Flua  Environments 

As  a  framework  for  the  evaluation  of  materials  for  high-temperature  service,  it  is  useful  to 
consider  failure  modes  associated  with  high-temperature  structures.  Optimum  materials  proper¬ 
ties  which  mitigate  these  failure  modes  may  then  be  discussed.  In  this  way,  the  suitability  of 
various  metal,  ceramic,  and  intermetaliic  solids  may  be  ranked  according  to  their  basic  physical, 
chemical,  and  mechanical  properties.  In  constructing  such  a  framework,  the  specific  criteria  are 
considered  that  are  applicable  to  high  thermal  loading  applications:  rocket  propulsion  systems, 
aero  thermally  heated  surfaces  (i.e.  hypersonic  wing  leading  edges),  and  jet  turbine  hot  stage 
environments. 

Failure  Modes  Observed  in  High-Heat  Flux  Applications 

Failure  modes  observed  during  the  development  of  materials  for  high-heat  flux  applications 
may  be  generally  classified  as  shown  in  die  schematic  below. 

Under  optimized  conditions,  many  materials  can  withstand  some  of  these  failure  modes.  To 
withstand  all  of  the  above  failure  modes,  however,  requires  a  combination  of  an  optimized  high- 
temperature  material  and  a  thermally  efficient  design.  Examples  include: 

•  W-based  rocket  nozzles  may  be  infiltrated  with  silver  to  allow  for  transpiration  cooling  as 
the  silver  vaporizes  during  use. 

*  Single-crystal  superalloy  turbine  blades  in  the  hot  stage  of  modem  jet  engines  contain 
integral  cooling  passages  to  allow  for  air-film  cooling. 
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Themwi  Daoradatjon  1 

Thermal  Stress  Faihxe 

MaMnfl.  decomposition,  or  sublimation  ai  | 
material  results  from  exposure  to  extreme  1 

bate.  — —  *— 

Extreme  thermal  gradianta  coupled  with 
poor  resiteancs  to  thermal  abode  results 

Chemical  Corrosion 

Chemical  reaction  between  exhaust  or 
pheric  gasses  and  the  material  resulting  in 
formation  of  liquid  or  votatle  spades. 


Impingement  of  exhaust  gasses,  atmos¬ 
pheric  gasses,  or  particulates  in  exhaust 
stream  which  physically  erode  the  material. 


The  materials  properties  which  must  be  optimized  to  avoid  the  above  four  failure  modes  are 
described  below.  It  Is  noted  that  other  selection  criteria  may  play  a  decisive  role  for  some  ap¬ 
plications.  These  include  density,  cost,  nuclear  cross  section,  liquid  alkali  metal  compatibility, 
and  long-term  creep  strength.  For  purposes  of  simplicity,  however,  this  review  is  restricted  to 
the  high-heat  flux  applications. 

Materials  Evaluation  for  High  Heat  Flux  Applications 

Thermal  Degradation  The  susceptibility  of  a  material  to  thermal  degradation  is  determined  by 
the  refractory  limit  of  the  material.  The  refractory  limit  consists  of  two  elements:  1)  the  decom¬ 
position  temperature  Tu  at  which  melting,  chemical  dissociation,  or  sublimation  occurs  and 
2)  the  thermal  diffusivity.  Thermal  diffusivity  -  defined  as  the  thermal  conductivity  k  divided  by 
the  volume  specific  heat  pCp  -  is  a  measure  of  the  rate  of  heat  removal  from  the  material.  Thus, 
if  a  material  is  to  resist  thermal  degradation,  it  must  have  a  high  enough  thermal  diffusivity  to 
conduct  away  the  heat  before  the  temperature  rises  to  exceed  its  decomposition  temperature.  The 
relative  importance  of  each  of  these  factors  will  vary  with  the  application.  For  an  actively  cooled 
structure,  a  high  thermal  diffusivity  would  be  preferred;  for  a  passive  thermal  barrier,  low  ther¬ 
mal  diffusivity  may  be  more  desirable.  The  decomposition  temperature  and  thermal  diffusivity 
for  a  number  of  refractory  metals,  ceramics,  and  carbon  are  presented  in  Table  II  below.  On  the 
basis  of  the  decomposition  temperature  Tu,  structural  ceramics  compare  favorably  with  the 
refractory  metals.  In  terms  of  thermal  diffusivity,  metals  have  an  advantage  over  oxides  and 
nitrides  -  principally  as  a  result  of  their  high  thermal  conductivity.  Graphite  and  the  refractory 
metal  carbides  compare  favorably  with  the  refractory  metals  in  terms  of  thermal  diffusivity. 

Thermal  Stress  Failure  Upon  exposure  to  rapid  fluctuations  in  heat,  ceramics  and  cermets 
typically  respond  by  fracturing  while  metals  do  not  Since  thermal  stress  failure  occurs  when 
loud  thermal  expansion  a  is  sufficient  to  overwhelm  the  strength  of  the  material,  materials  with 
low  thermal  expansivity  will  be  more  tolerant  to  thermal  shock.  Since  thermal  strains  are  related 
to  thermal  stresses  through  the  Young's  Modulus  E,  a  low-modulus  material  will  be  more 
tolerant  to  thermal  shock  than  a  high-modulus  material.  Since  failure  occurs  when  the  local 
fracture  strength  a  is  exceeded,  a  high-strength  material  will  be  more  tolerant  to  thermal  stress 
failure  than  a  low-strength  material.  In  this  respect,  modem  ceramic  materials  have  made 
impressive  gains  in  the  past  decade.  In  the  early  1960’s  when  cermets  and  ceramics  were 
originally  evaluated  as  potential  rocket  thruster  materials,  it  was  not  possible  to  obtain  fully- 
dense  material  or  to  obtain  the  level  of  purity  available  in  modem  ceramics.  Hence,  strengths 
were  low  in  these  early  studies.  For  this  reason  alone,  ceramics  deserve  renewed  consideration 
as  high-temperature  structural  materials.  A  final  material  property  affecting  thermal  shock 
resistance  is  the  thermal  conductivity  k.  Materials  with  a  high  thermal  conductivity  will  have  an 
ability  to  minimize  formation  of  temperature  peaks  (hot  spots)  and  thus  contribute  to  the  thermal 
shock  tolerance  of  the  material.  For  monolithic  materials,  these  materials  parameters  are  summed 
up  by  considering  the  thermal  shock  index  k-a/E-a.  Past  studies  have  shown  a  direct  correlation 
between  this  index  and  the  tolerance  of  a  material  to  thermal  shock  [7].  The  thermal  shock  index 
for  a  variety  of  high-temperature  materials  is  presented  in  Table  II. 

The  data  for  the  thermal  shock  index  shown  in  Table  II  highlights  what  has  historically  been 
the  greatest  technological  barrier  to  the  application  of  ceramics  for  high-temperature  structures. 
Of  all  the  engineering  properties  of  high  temperature  materials,  resistance  to  thermal  shock  is  the 
discriminator  between  those  materials  being  utilized  for  high-temperature  design  (metals, 
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graphite)  and  those  materials  that  are  unsuitable  (monolithic  ceramics).  Efforts  to  improve  the 
thermal  stress  tolerance  of  ceramics  have  focussed  on  the  engineered  materials  cermets  and 
ceramic-matrix  composites. 


Table  II 

1500°C  Failure  Indices  for  High-Temperature  Materials  [2-61 


Thcnnal  Deftradatioo  Indices:  <1  i  _ Thermal  Shock  Index:  i 


p 

(g/cm3) 

t 

W/cm-K 

c, 

W-i/g-K 
(x  10-*) 

k/pC, 

cm2/*"1 
(x  lfr2) 

Tkt 

<C 

a 

cm/an-K. 
(X  10-*) 

£* 

GP* 

a* 

MPa 

ko/Ea 

W/cm 

W 

19.26 

1.2* 

0.908* 

39.17 

3410 

5.8* 

325* 

135* 

86.2 

Re 

21.03 

0.48 

0.956 

13.63 

3180 

8.0 

300 

150 

30.0 

Ta 

16.68 

0.68 

0.956 

24.35 

2996 

8.6 

150 

95 

50.1 

Mo 

10.28 

1.0 

1.96 

28.34 

2617 

8.4 

255 

70 

32.7 

Nb 

8.S8 

0.68 

1.91 

23.67 

2468 

9.6 

70 

40 

40.5 

HfC 

10.021 

0.18 

1.72 

5.96 

3888 

7.3 

205 

70 

8.4 

TaC 

13.88 

0.34 

1.72 

8.13 

3875 

8.1 

175 

70 

16.8 

NbC 

7.616 

0.32 

3.11 

7.72 

3500 

8.9 

260 

70 

9.7 

ZiC 

5.932 

0.39 

3.11 

12.08 

3260 

9.0 

205 

70 

14.8 

HfB2 

11.2 

0.58 

2.39 

12.8 

3377 

8.3 

170 

70 

28.8 

ZrB2 

6.09 

0.23 

5.26 

4.38 

3247 

8.3 

170 

70 

11.4 

BN 

2.270 

0.23 

10.99 

5.52 

3000 

8 

30 

20 

19.1 

AIN 

3.26 

0.18 

7.17 

4.61 

2235 

6.7 

170 

10 

1.6 

S13N4 

3.184 

0.072 

9.08 

1.91 

\9O0(s) 

4.0 

35 

10 

5.1 

ThOj 

9.62 

0.015 

1.84 

0.484 

3050 

11.6 

70 

10 

0.2 

Hf02 

9.62 

0.025 

3.11 

0.478 

2812 

10.9 

70 

10 

0.3 

Z1O2 

6.10 

0.02 

4.30 

0.435 

2700 

12.0 

125 

10 

0.1 

BeO 

2.886 

0.15 

12.42 

2.38 

2452 

13.6 

70 

10 

1.6 

AI2O3 

3.736 

0.04 

7.17 

0.853 

2072 

10.9 

140 

10 

0.3 

MoSi2 

6.24 

0.10 

3.35 

0.478 

2030 

10.0 

280 

20 

0.7 

C 

2.020 

1.0 

10.76 

26.28 

3677  (s) 

6.3 

10 

j5 

555.0 

t  All  data  are  for  1500 °C 
*  Estimated  Values  for  Ceramic  Materials  [2] 


A  cermet  is  a  microcomposite  with  a  continuous  minority  metal  phase  binding  together  the 
majority  ceramic  phase.  The  philosophy  of  extensive  cermet  research  programs  carried  out  in  the 
1950-60  era  was  to  improve  the  thermal  shock  index  of  a  structural  ceramic  through  an  increase 
in  the  thermal  conductivity  (continuous  metal  phase).  Materials  evaluated  during  this  era 
included  Cr-Al203,  C0-B4C,  TiC-NiAl,  and  Cr2B-Cr-Mo.  Disappointingly,  cermet  research 
was  largely  abandoned  by  1965  -  it  became  increasingly  apparent  that  cermets  cannot  withstand 
thermal  cycling  or  thermal  shock  conditions.  Further,  the  presence  of  a  continuous  metal  phase 
did  not  always  result  in  an  increase  for  thermal  conductivity  relative  to  the  monolithic  ceramic. 
This  has  been  attributed  to  the  great  increase  in  the  number  of  microstructural  interfaces  in  a 
cermet  relative  to  a  pure  metal  or  ceramic. 

Ceramic-matrix  composites  (CMCs)  have  the  potential  to  exhibit  improved  resistance  to 
thermal  shock  by  providing  for  greatly  improved  strengths  relative  to  monolithic  ceramics. 
Although  CMCs  are  a  fairly  recent  development,  they  have  already  been  successfully  evaluated 
for  engineering  application  in  a  rocket  propulsion  environment.  An  A^OySiQz  composite  is 
used  as  high-temperature  seal  in  missile  applications.  A  C/SiC  CMC  nozzle  has  been 
successfully  tested  on  the  HM7  engine  of  the  Ariane  third  stage  [8].  This  CMC  boasts  a  1400°C 
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flexural  strength  of  700  MPa  •  well  in  excess  of  the  strengths  for  monolithic  ceramics  listed  in 
Table  IL  Developments  in  CMC  research  and  the  closely  related  field  of  ductile-phase  toughened 
ceramics  now  offer  the  potential  for  ceramics  to  be  truly  competitive  with  the  refractory  metals. 

Chemical  Corrosion  Chemical  corrosion  is  a  material-specific  and  application-specific 
phenomenon  -  thus  only  a  limited  degree  of  generalization  is  possible.  The  following  points, 
however,  apply  to  all  high-temperature  materials: 

*  Materials  may  be  judged  for  a  particular  application  by  considering  which  chemical 
reactions  are  thermodynamically  possible  at  the  temperature  ami  environment  in  question; 
what  is  the  exact  service  environment,  i.e.  the  oxygen  and  carbon  partial  pressures? 
Oxide  ceramics  do  not  "oxidize"  while  carbides  and  metals  do. 

*  Porosity  is  detrimental  because  high  levels  of  porosity  provide  a  larger  amount  of  surface 
area  for  chemical  reaction  than  does  a  fully  dense  body.  Thus  a  plasma-sprayed  coating 
is  more  likely  to  degrade  in  a  corrosive  environment  than  a  fused  sluiry  coating. 

*  Thermal  diffusivity  (Table  I)  should  be  optimized  to  minimize  chemical  attack.  This  is 
because  the  surface  temperature  (site  of  chemical  reaction)  can  be  moderated  by  the  rate  at 
which  heat  is  conducted  away. 

Refractory  metals  are  historically  temperature-limited  by  their  poor  oxidation  resistance.  Fused 
silicide  coatings  have  been  developed  for  the  principal  refractory  metals  but  extend  the  maximum 
operating  temperature  to  only  1650°C  -  well  below  the  useful  strength  limit  of  these  metals.  Of 
tire  various  competing  materials,  borides  begin  to  volatilize  above  about  800°C,  and  the  carbides 
and  graphite  require  oxidation  protection.  The  oxide  ceramics  out-peiform  all  high-temperature 
materials  in  resistance  to  hot  corrosion.  Unfortunately,  the  oxide  ceramics  are  the  poorest  choice 
based  upon  thermal  shock  criteria  It  appears  that  the  problem  of  hot  corrosion  resistance  cannot 
be  completely  overcome  by  materials  selection  at  the  present  time.  Rather,  designs  must  be 
configured  to  limit  maximum  temperatures  to  within  the  safe  operating  range  for  coated 
refractory  metal  or  carbon  systems.  (A  further  discussion  of  design  concepts  is  offered  at  the 
close  of  this  section.) 

Mechanical  Erosion  Mechanical  erosion  is  defined  as  erosion  of  the  hot-structure  surface  by 
impingement  of  exhaust  products  or  atmospheric  species.  Strength  is  the  governing  factor  in 
defining  the  resistance  of  a  material  to  mechanical  erosion.  Refractory  metals  and  ceramics  have 
generally  higher  erosion  resistance  than  C-based  materials.  Tests  with  a  rocket  nozzle  geometry 
showed  that  mechanical  erosion  of  the  nozzle  throat  is  only  evident  in  conjunction  with  surface 
spalling,  chemical  degradation,  or  melting  [2].  In  these  instances,  mechanical  erosion  simply 
assisted  in  the  removal  of  decomposition  products.  In  the  case  of  refractory  metals,  a  liquid 
oxide  forms  at  elevated  temperatures  and  mechanical  erosion  insures  that  a  fresh  metal  surface  is 
continually  exposed  -  thus  hastening  the  failure  process.  The  same  study  showed  that  erosion 
resulting  from  simple  mechanical  impingement  was  not  observed  -  the  incident  angle  was  too 
shallow  for  significant  interaction.  Other  potential  applications  such  as  a  thrust  vector  control 
system  or  a  leading  edge  on  a  hypersonic  aircraft  may  experience  greater  angles  of  impingement 
with  a  particulate  stream.  Thus,  the  mechanism  of  mechanical  erosion  may  assume  greater  or 
lesser  importance  -  depending  upon  the  application. 

Influence  of  Design  Factors 

In  addition  to  optimization  of  materials  properties  for  high-heat  flux  applications,  described 
above,  thermal  design  plays  s  critical  role  in  preventing  failure  of  high-temperature  structures. 
For  those  applications  where  thermal  shock  resistance  is  a  design  driver,  several  steps  can  be 
taken  to  reduce  (he  degree  of  thermal  shock.  Thermal  shock  failure  occurs  more  readily  in 
constrained  bodies  -  whether  constraint  is  provided  by  surrounding  cooler  material  or  by 
mechanical  restraints.  Thus  a  "tiled"  design  which  confines  expansion  and  contraction  effects  to 
discreet  elements  is  less  prone  to  thermal  stress  failure  than  a  monolithic  design.  Similarly,  thin- 
walled  structures  provide  less  constraint  than  bulk  structures.  A  common  design  optimization 
comes  through  the  integration  of  a  metal  backing  sheet  to  a  thin  ceramic  thermal  or  oxidation 
barrier.  The  metal  sheet  compensates  for  the  poor  thermal  conductivity  of  the  ceramic  and  helps 
to  dissipate  heat  as  well  as  to  delocalize  stress-inducing  hot  spots.  The  ceramic  provides  for 
resistance  to  erosion  and  chemical  corrosion  failure.  Examples  of  this  technology  abound. 
Silicide  coatings  are  applied  to  Nb  alloy  C-103  rocket  thrusters  for  oxidation  protection  to 

194 


1650 °C.  Zirconia  is  plasma  sprayed  onto  the  Ni-based  alloys  and  serves  as  a  thermal  and 
oxidation  barrier  in  jet  turbines  [9],  At  a  development  stage,  oxide  ceramics  are  being  super- 
plasdcally  deformed  and  diffusion  bonded  to  refractory  metals  to  yield  hybrid  net- shaped  struc¬ 
tures  for  elevated-temperature  service  [10].  Thus,  informed  engineering  design  can  utilize  the 
advantages  of  both  refractory  metals  and  ceramic  materials  to  yield  a  sound  high-temperature 
structure. 

The  survey  presented  up  to  this  point  has  necessarily  been  general  in  nature.  Overlooked  thus 
far  has  been  the  enormous  effort  required  to  actually  qualify  a  material  for  engineering 
application.  As  shown  in  Table  I,  the  principal  refractory  metals  have  been  used  for  aerospace 
application  since  the  dawn  of  the  space  age.  For  each  of  the  refractory  metals,  the  range  of 
application  has  steadily  expanded  during  this  time  as  materials  scientists  have  overcome 
problems  associated  with  joining,  fabricability,  reproducibility  of  properties,  and  oxidation. 
Before  emerging  CMCs  and  intermetallics  can  qualify  for  engineering  application,  they  will 
undoubtedly  pass  through  a  similar  cycle.  Thus,  it  is  instructive  to  present  a  detailed  case  study 
of  the  developments  with  one  material  -  Mo  -  which  have  occurred  in  the  past  30-40  years.  Al¬ 
though  Mo  has  a  long  history  of  elevated-temperature  application,  it  was  not  until  tlte  1980's  that 
fundamental  factors  which  affect  ductility  and  weldability  in  Mo  were  clearly  understood.  Some 
of  the  developments  which  have  yielded  the  current  state  of  the  art  in  Mo-based  materials  are 
described  in  the  sections  which  follow. 

Case  Studv:  Optimization  of  Mo  Alloys  for  Aerospace  Application 

The  history  of  refractory  metal  alloy  research  and  development  from  1950  to  1975  has  been 
well  reviewed  recently  by  Perkins  [II].  In  summary,  in  the  late  1950s  tonnage  quantities  of  mill 
products  were  produced.  At  that  time,  the  spectrum  and  range  of  quality  of  refractory  alloys 
were  comparable  to  those  of  stainless  steels  and  superalloys.  Two  decisions  in  the  early  1970s 
altered  this  picture  dramatically.  One  was  the  fact  that  work  on  nuclear  space  power  systems 
was  terminated  in  1973  for  an  indefinite  period.  The  second  was  the  selection  of  reusable 
surface  insulation  (i.e.,  the  Space  Shuttle  tile)  instead  of  coated  refractory  metals  for  thermal 
protection  of  die  Space  Shuttle. 

In  the  recent  past,  specifically  the  past  three  to  four  years,  the  above  situation  has  changed 
suddenly  for  two  reasons.  First,  advanced  compact  nuclear  systems  are  being  reconsidered  as 
portable  thermal  and  electrical  power  sources  for  possible  aerospace  applications.  Second,  the 
advent  of  exotic  vehicle  designs  such  as  the  National  Aerospace  Plane  (or  derivatives  of  this 
concept)  demand  the  use  of  very  high  temperature  materials  that  currently,  quite  simply,  do  not 
exist.  The  renewed  interest  in  refractory  metals  for  these  applications  merits  a  review  of  the 
current  status  of  this  group  of  materials. 

Recent  work  on  the  brittle  behavior  of  refractory  metal  alloys  has  been  focused  on 
molybdenum  base  alloys.  Molybdenum  and  its  alloys  have  specific  advantages  over  the  other 
refractory  metals  in  terms  of  availability,  high  temperature  specific  strength,  and  oxidation 
resistance  in  certain  propulsion  systems.  The  major  problem  with  molybdenum  is  its  brittle 
behavior  at  room  temperature  and  it  is  well  accepted  that  poor  room  temperature  ductility  and 
toughness  have  limited  widespread  application  of  molybdenum  base  alloys.  This  brittle 
phenomenon  can  arise  from  a  variety  of  sources. 

The  Group  VI  metals  such  as  molybdenum,  tungsten,  and  chromium  are  particularly 
susceptible  to  embrittlement  by  oxygen,  nitrogen,  and  sometimes,  carbon.  Although  this  general 
observation  is  reasonably  well  documented,  the  details  of  oxygen  effects  in  commercially 
important  molybdenum  alloys  are  not  appreciated. 

Kumar  and  Eyre  [12]  have  been  able  to  show  that  as  little  as  6  at.  ppm  of  oxygen  can  totally 
embrittle  molybdenum  grain  boundaries  if  the  carbon  content  is  very  low  (e.g.,  0.4  at.  ppm).  In 
their  work,  it  was  also  shown  that  carbon  is  effective  in  reducing  the  driving  force  for  such 
oxygen  segregation  to  grain  boundaries.  In  this  manner,  carbon  promotes  ductile  behavior.  By 
varying  the  amount  of  carbon  with  respect  to  oxygen,  Kumar  and  Eyre  showed  that  at  CIO 
atomic  ratios  greater  than  2,  oxygen  segregation  was  severely  limited  during  recrystallization  or 
slow  cooling  from  elevated  temperatures.  These  key  observations  are  shown  in  Fig.  2.  In  the 
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case  of  vacuum  arc  cast  ingots  of  commercial  unalloyed  molybdenum,  the  atomic  ratio  for  C/O  is 
4:1  if  the  alloy  contains  the  maximum  allowable  C  and  O  levels.  Typically,  the  ratio  is  greater 
than  this  (often  about  6)  although  for  the  cases  where  O  is  high  and  C  is  low,  C/O  atomic  ratios 
of  as  low  as  2  can  be  encountered.  Based  on  the  data  of  Kumar  and  Eyre,  molybdenum  alloys 
having  this  type  of  atomic  ratio  (2:1)  could  be  susceptible  to  oxygen  embrittlement. 
Furthermore,  it  should  be  pointed  out  that  the  oxygen  levels  in  mill  products  of  molybdenum 
alloys  can  increase,  by  comparison  with  initial  ingot  chemistries,  as  a  result  of  oxygen 
contamination  during  processing. 


QRTGCN  COVERAGE  ON  GRAIN  BOUNDARY  °|g  CARBON  CONTENT, at  ppm 

PERCENTAGE  SATURATION  COVERAGE 


Fig.  2  (a)  correlation  of  grain  boundary  fracture  stress  for  molybdenum  with  oxygen  coverage 

of  grain  boundaries  and  (b)  effect  of  carbon  content  on  oxygen  coverage  [12],  Oxygen 
monolayer  coverage  at  molybdenum  grain  boundaries  is  severely  embrittling  but  the 
degree  of  oxygen  segregation  can  be  controlled  by  increasing  carbon  content  of  alloys 


Although  ductility  in  the  longitudinal  direction  of  commercial  alloys  of  molybdenum  extrusion 
products,  barstock,  and  rods  is  usually  excellent,  extremely  poor  transverse  ductility  is 
invariably  observed  [13].  This  latter  property  can  be  the  limiting  factor  in  components  used  in 
aerospace  applications  such  as  washers,  nuts,  and  pistons.  Traditionally,  these  components  are 
manufactured  by  machining  from  products  such  as  extrudate  or  barstock.  Acceptance  tests  for 
these  product  forms  are  invariably  based  on  longitudinal  properties.  During  processing  at  room 
temperature,  the  components  described  above  are  often  stressed  in  a  circumferential  or  radial 
manner,  and  it  is  in  these  cases  that  brittle  failures  often  manifest  themselves. 

The  mechanical  properties  of  unalloyed  molybdenum  and  TZM  (Mo-0.lZr-0.5Ti)  bars  of  a 
range  of  diameters  were  determined.  The  results  of  these  tensile  tests  are  that  samples  in  the 
longitudinal  direction  showed  excellent  ductility  (usually  over  20%);  those  in  the  transverse 
direction,  however,  showed  nil  ductility. 

The  longitudinal  metallographic  sections  of  barstock  show  the  expected  microstructure  for 
stress  relieved,  molybdenum  alloy  products,  i.e.,  elongated  grains  containing  a  well  developed 
subgrain  structure.  The  transverse  microstructure  would  normally  be  expected  to  consist  of 
small  equiaxed  grains.  However,  the  grains  are  irregular  in  shape  and  can  be  extremely  wide 
and  curved.  This  type  of  microstructure  is  associated  with  the  development  of  a  pronounced 
<110>  fiber  texture  in  bcc  metals  subjected  to  large  strains  during  extrusion,  swaging,  bar 
rolling,  and  wire  drawing. 

In  recent  studies  on  molybdenum  alloys,  large  numbers  of  grain  boundaries  were  examined 
for  the  presence  of  cracks.  An  example  is  shown  in  Fig.  3.  The  presence  of  fractured  carbides 
and  associated  cracks,  distributed  along  grain  boundaries,  can  be  clearly  observed.  Such 
features  are  considered  to  be  particularly  undesirable  in  molybdenum  and  its  alloys  because  of 
their  extreme  sensitivity  to  cracks  and  notches.  Brittle  behavior  of  molybdenum  and 
molybdenum  alloy  barstock  in  the  transverse  direction  has  been  concluded  to  be  a  result  of  these 
cracked  carbide  stringers. 


An  in  situ  Auger  electron  spectroscopy  examination  was  carried  out  to  isolate  any  influence  of 
oxygen  on  the  brittle  failure  of  molybdenum  bars  took  No  evidence  was  found  to  suggest  that 
oxygen  segregation  to  grain  boundaries  occurs  in  barstock  of  molybdenum  or  molybdenum 
alloys.  This  observation  is  in  general  agreement  with  the  results  described  by  Kumar  and  Eyre 
in  terms  of  die  C/O  ratios. 
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Fig.  3  Optical  photomicrograph  of  grain  boundaries  from  longitudinal  sections  of  stress 
relieved  33  mm  dia.  low  carbon,  arc  cast  Mo  barstock  showing  presence  of  fractured 
carbide  crack  stringers 

It  is  possible,  by  careful  consideration  of  recrystallization  temperature  effects  on  the 
reprecipitatkm  of  carbides  on  grain  boundaries,  combined  with  thermomechanical  processing,  to 
eliminate  the  above  problem  for  molybdenum  components  such  as  flanges,  washers,  and  nuts 
[13].  The  microstructural  changes  resulting  from  recrystallization  and  thermomechanical 
processing  procedures  are  fractured  carbide  crack  stringers  are  no  longer  at  grain  boundaries,  the 
grain  size  is  considerably  refined,  and  the  orientations  of  the  grain  boundaries  are  rotated  through 
90°  with  respect  to  the  stress  direction  to  which  components  are  typically  subjected  during 
fabrication.  The  improvement  in  mechanical  properties  by  the  use  of  this  additional 
thermomechanical  processing  are  dramatic  for  molybdenum  and  TZM;  this  is  shown  for  Mo  in 
Table  m.  For  samples  machined  from  recrystallized  and  upset  forged  discs,  the  tensile  ductility 
is  increased  dramatically  from  zero  to  27.5%.  Improved  values  of  yield  and  ultimate  tensile 
strengths  are  observed,  even  by  comparison  with  the  longitudinal  barstock  values  as  a  result  of 
the  grain  size  refinement  that  accompanies  the  recrystallization  and  forging  process. 


Table  III 

Property  Comparison  between  extruded  and  upset  forged  Mo 


Yield  stress,  MPa 

UTS,  MPa 

Elongation,  % 

Extruded  bar 

Longitudinal 

621 

662 

22 

Transverse 

450 

0 

Upset  forged 

683 

787 

27.5 

MolyMaium-iUienium  Alloys 


There  is  continuing  interest  in  the  development  of  a  molybdenum  base  alloy  that  is  ductile  and 
insensitive  to  the  subtle  problems  described  above.  A  successful  solution  was  suggested  many 
years  ago.  This  was  the  addition  of  rhenium  to  molybdenum  [14].  In  fact,  two  commercial 
alloys,  Mo-42Re  (Mo-27.2  at%Re)  and  Mo-47Re  (Mo-31.4  at%Re),  have  been  available 
since  about  1960.  By  comparison  with  unalloyed  molybdenum,  however,  these  heavily  alloyed 
compositions  have  increased  density,  complexity  of  production,  and  cost.  The  development  of  a 
dilute  (Le.,  less  than  about  20%Re  (11.4  at.%Re))  Mo-Re  alloy  that  demonstrates  the  same 
improvements  as  the  above  commercial  Mo-Re  alloys  is  an  enticing  one  that  has  been  considered 
in  the  past  Early  work  by  Klopp  and  Witzke  [IS],  for  example,  demonstrated  that  in  dilute  Mo- 
Re  alloys,  such  benefits  could  be  obtained  in  electron  beam  melted  alloys.  Recently,  work  by 
Lundberg  and  co-workers  [16]  has  again  raised  the  issue  of  dilute  Mo-Re  alloys  and  has 
purported  to  demonstrate  improved  properties.  The  preliminary  evidence  appears  to  show  a 

197 


maximum  in  ductility  in  Mo-Re  alloys  at  about  ll-13%Re  (6.0-7. 1  at.%Re).  Upon  initial 
examination,  the  evidence  presented  by  the  above  studies  is  convincing.  As  shown  in  Fig.  4,  the 
tensile  ductility  of  Mo-Re  alloys  appears  to  go  through  a  maximum  at  about  1  l-13%Re  (6.0- 
7.1  at.%Re).  The  increase  in  tensile  ductility  with  additions  of  rhenium  to  molybdenum  is 
attributed  to  a  solute  softening  effect.  Support  for  the  solute  softening  effect  also  appeared 
convincing.  Minima  in  yield  strength  and  hardness  were  reported  at  intermediate  rhenium 
contents  (although  these  minima  occurred  at  different  rhenium  levels  for  strength  and  hardness). 
Lundberg  et  al..  also  stated  that  elastic  modulus  measurements  lend  additional  support  to  the 
concept  mat  true  solute  softening  takes  place  in  the  dilute  Mo-Re  alloys. 
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Fig.  4  Left:  Room  temperature  percent  elongation  (closed  symbols)  and  reduction  in  area  (open 
symbols)  for  pure  molybdenum  and  Mo-Re  alloys  as  function  of  %Re;  asterisks  next  to  selected 
points  indicate  C/O  atomic  ratios  of  less  than  2.  Right:  Room  temperature  percent  elongation 
plotted  as  function  of  C/O  atomic  ratio  for  unalloyed  molybdenum  and  Mo-Re  alloys;  typical 
range  of  C/O  for  commerical  unalloyed  molybdenum  is  indicated. 

Subsequent  work  [17]  has  demonstrated  that  it  is  necessary  to  ensure  that  proper  care  has 
been  taken  to  control  the  C/O  atomic  ratio.  The  published  experimental  results  [16]  indicate  only 
about  1%  tensile  ductility  for  recrystallized  unalloyed  molybdenum.  Recrystallized  molybdenum 
can  indeed  exhibit  low  ductility;  however,  these  low  values  can  usually  be  attributed  either  to 
segregation  of  oxygen  to  grain  boundaries  as  a  result  of  an  insufficiently  high  carbon  level  or  to 
contaminated  surface  layers  as  a  result  of  surface  and  grain  boundary  oxidation  during 
recrystallization  in  conventional  research  vacuum  systems.  Commercial  unalloyed  molybdenum 
can  readily  be  shown  to  exhibit  tensile  ductility  values  as  high  as  40%  at  room  temperature  for 
recrystallized  unalloyed  molybdenum  have  been  reported. 

In  Fig.  4  ductility  data  fro m  earlier  work  dating  back  to  the  1960s  are  included  with  recent  data 
on  dilute  Mo-Re  alloys.  These  results  indicate  that  the  low  ductility  for  unalloyed  molybdenum 
cited  by  Lundberg  is  perhaps  a  result  of  oxygen  embrittlement  because  of  low  ratios  of  C/O. 
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Data  points  with  atomic  ratios  of  C/O  less  than  2  are  indicated  with  asterisks  in  Fig.  4.  Note  that 
all  of  the  low  ductility  points  in  Fig.  4  are  ones  with  C/O  <  2,  and  that  the  highest  ductility 
points,  in  the  Mo-(10-13)Re  (Mo-(5.4-7.1  at,96)Re)  range,  are  those  alloys  with  C/O  >  2.  The 
same  trend  is  obtained  by  plotting  percent  elongation  as  a  function  of  C/O,  as  shown  in  Fig.  4. 
Note  that  all  the  alloys  with  C/O  S  2  tend  to  have  low  ductility  -  independent  of  the  amount  of 
rhenium  alloying  addition.  This  suggests  that  the  observed  peak  in  ductility  at  10-13%Re  (5.4- 
7.1  at%Re)  is  an  artifact  resulting  from  the  inappropriately  low  values  of  ductility  measured  on 
alloy  compositions  outside  the  l(M3%Re  (5.4-7.1  at%Re)  range. 


Refractory  metal  alloys  strengthened  by  HfC  precipitation  have  been  considered  for 
applications  at  very  high  temperatures  (18, 19].  This  is  because  some  of  •  highest  strengths  in 
metallic  systems  at  high  temperatures  have  been  measured  in  these  allr  ai»  workers  have 
observed  that  alloys  containing  equiatomic  ratios  of  hafnium/carbon ...  op>.  m  properties. 
An  unusual  aspect  of  these  alloys  is  that  additions  of  excess  hafnium  or  carbon  «ver  that  required 
for  complete  combination,  i.e.  the  equiatomic  or  stoichiometric  ratio,  l.ir  id  ce  providing 
additional  strengthening,  have  a  weakening  effect  in  both  molybdenum  base  and  tungsten  base 
alloys.  An  example  of  this  behavior  is  shown  in  Fig.  5.  In  these  studies,  hafnium  a r*  carbon 
were  added  to  molybdenum-  or  tungsten-base  alloys  in  amounts  varying  over  a  wide  lange  to 
encompass  both  hafnium  rich  and  carbon  rich  alloys.  In  the  quantitative  analyses  of  carbide 
precipitation  in  alloys  in  which  there  is  a  limited  solubility  of  the  carbon  and  carbide  former  in  the 
matrix,  it  can  be  shown  that  the  amount  of  carbide  available  for  precipitation  is  sensitive  to  the 
'excess'  carbon  or  carbide  former  added  to  the  alloy.  Specifically,  a  maximum  amount  of 
precipitate  is  available  in  alloy  compositions  where  the  carbon  is  added  to  the  carbide  former  in 
the  exact  ratio  needed  for  complete  or  stoichiometric  combination.  This  is  because  at  the  solution 
treatment  temperature,  excess  carbon  or  carbide  formers  essentially  use  up  part  of  the  solubility 
product  that  governs  the  amounts  that  can  go  into  solution. 

Based  on  a  description  of  carbide  precipitation  by  Wadsworth  [18],  the  high  temperature 
creep  and  UTS  data  for  molybdenum-  and  tungsten-base  alloys  containing  various  amounts  of 
hafnium  and  carbon  have  been  re-assessed  [18,19].  Significant  differences  are  found  between 
the  amounts  of  HfC  assumed  to  be  available  for  high  temperature  strengthening  in  the  original 
analyses,  and  the  amounts  that  are  available  as  calculated  using  the  recently  developed  approach. 
Also,  by  calculating  trends  in  the  HfC  available  for  precipitation  in  tungsten-base  alloys,  it  is 
possible  to  show  that  excess  additions  of  hafnium  or  carbon  to  these  alloys  do  not  have  a  true 
weakening  effect.  It  can  instead  be  shown  that  additions  of  hafnium  or  carbon  in  excess  of  that 
required  for  stoichiometric  combination,  result  in  a  decreased  amount  of  HfC  available  for 
precipitation.  It  is  this  decrease  in  available  precipitation  that  is  the  cause  of  reduced  high 
temperature  strength  as  shown  in  Fig.  5. 


Excess  SOLUTE,  Jt-’fc  -r 

Fig.  3  Ultimate  tensile  strength  of  W-4Re-Hf-C  alloys  solution  treated  at  2204°C  and  tested  at 
1927°C.  Left:  UTS  as  function  of  excess  solute  added  to  alloys;  Right:  UTS  as  function  of  r,  a 
measure  of  excess  hafnium  or  carbon  added  to  alloy  that  is  proportional  to  amount  of  precipitate. 
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During  creep,  metal  alloys  can  exhibit  Class  I  solid  solution  behavior.  According  to  the 
original  classification  and  description  by  Sherby  and  Buries  [20}  and  Cannon  and  Sherby  [21], 
Class  I  solid  solutions  are  found  in  alloys  that  have  relatively  large  atomic  size  mismatches  for  a 
given  value  of  elastic  modulus  [22],  although  it  has  been  pointed  out  that  the  solute 
concentration,  stress  level,  and  the  ratio  of  climb  to  glide  diffusivities  are  also  important  variables 
[23].  Often  there  is  little  or  no  subgrain  formation  [23],  and  the  deformation  behavior  of  the 
alloys  does  not  exhibit  a  direct  dependence  on  the  stacking  fault  energy  [21].  During  creep,  the 
alloys  exhibit  either  little  primary  creep  or  an  inversion  of  primary  creep  that  often  enters  directly 
into  tertiary,  or  accelerating,  creep.  Tne  activation  energy  for  creep  in  Class  I  solid  solutions  is 
for  chemical  interdiffusion  and  is  often  below  the  activation  energy  for  self-diffusion  of  the 
matrix  metal.  In  Class  I  solid  solutions,  creep  behavior  is  believed  to  be  controlled  by  solute 
drag  on  gliding  dislocations.  The  law  describing  creep  deformation  can  be  written,  in  its  simplest 
form,  as  fe  =  K  •  o°  where  (T  is  the  true  flow  stress,  fe  is  the  true  strain  rate,  K  is  a  material 
constant  at  a  given  temperature,  and  n  is  the  stress  exponent  In  Class  I  solid  solutions,  n  has  a 
value  of  3;  this  leads  to  an  inherent  high  strain  rate  sensitivity  of  m  =  0.33  in  the  equation 
o=  k  •  fem  where  m  *  1/n  and  k  *  1/K. 

Niobium  forms  complete  solid  solutions  (or  exhibits  extended  mutual  solid  solubility)  with 
most  of  the  refractory  metals.  Many  groups  (Group  IVB,  VB,  and  VIB)  of  commercial 
niobium-based  alloys  have  been  manufactured  and  studied;  these  are  the  Nb-Hf,  Nb-Zr,  Nb-Ti, 
Nb-Ta,  Nb-V,  and  Nb-W  based  systems.  (The  atomic  size  factors,  1121,  defined  as:  IGI=[Gq 
-  12a]/12a  ,  where  flB  is  the  effective  atomic  volume  of  a  solute  B  in  a  matrix  A,  and  is  the 
effective  atomic  volume  of  solution  A,  that  indicate  the  degree  of  atomic  size  mismatch,  for  these 
binary  alloy  systems  are:  18.58, 27.1 1, 3.00, 0.26,  17.81,  and  98.22,  respectively  [22].) 

Recently,  Wadsworth  et  aL  [24]  analyzed  existing  high-temperature  data  for  a  number  of  Nb 
alloys  and  pointed  out  that  these  alloys  behave  like  Class  I  solid  solution  alloys  during  high 
temperature  deformation.  These  alloys  include  binary  Nb-Hf,  Nb-Zr,  Nb-Ti,  Nb-Ta,  Nb-V,  and 
Nb-W,  as  well  as  some  ternary  alloys.  For  example,  it  was  shown  several  years  ago  that  a 
coarse-grained  Nb-5.4Hf-2.0Ti*  alloy  (known  commercially  as  003)  could  exhibit  large  tensile 
elongations  of  over  200%;  the  phenomenon  was  observed  at  intermediate  homologous 
temperatures  (about  0.7  Tm,  where  Tm  is  the  absolute  melting  temperature)  and  at  intermediate 
strain  rates  (of  about  10-3  s-l).  Other  Nb-Hf  based  alloys  include  029  (Nb-5.8Hf-5.6W)  and 
WC-3009  (Nb-19Hf-6W).  In  a  normalized  form  as  diffusion-compensated  strain  rate  versus 
modulus-compensated  stress,  data  from  003, 029,  and  WC-3009  are  depicted  in  Figure  6.  It 
is  evident  that  all  alloys  show  a  stress  exponent  value  of  3  (i.e.  m  »  0.33).  With  respect  to  the 
role  of  alloying  elements  on  determining  Class  I  behavior,  it  may  be  inferred  that  the  role  of  W 
does  not  appear  to  override  that  of  Hf,  or  perhaps  is  equivalent  to  that  of  Hf.  The  maximum 
elongation-to-failure  data  are  reported  to  be  over  70%  for  C129, 200%  for  C103,  and  164%  for 
WC30O9.  The  activation  energies  for  C103,  C129  and  WC3009  are  determined  to  be  similar 
with  a  value  of  about  300  kJ/mol.  The  similarity  amongst  the  activation  energy  values  for  all 
three  alloys  suggests  that  glide  control  by  Hf  atom  drag  is  the  controlling  mechanism  in  each 
case.  In  addition  to  the  Nb-Hf  based  alloys,  other  Nb  alloys  indicating  the  Class  I  solid 
solution  behavior  include  D36  (Nb-18Ti-5Zr),  Nb-18Ta-5W-0.8Zr,  Cb753  (Nb-8.8V-l.2Zr), 
B66  (Nb-8.8V-4.6Mo-l.0Zr),  and  Cb752  (Nb-5W-3Zr).  The  significance  of  Class  I  solid 
solution  behavior  in  these  alloys  is  as  follows. 

The  strain  rate  sensitivity  is  known  to  control  the  rate  of  neck  formation  in  tensile  tests  at 
elevated  temperatures  [25].  Most  ordinary  metals  and  alloys  have  values  of  m  <,  0.2  and,  as  a 
result,  show  modest  tensile  ductilities  (from  50  to  100%)  even  at  very  elevated  temperatures. 
Superplastic  alloys  have  values  of  m  between  about  0.4  to  0.6,  although  the  methods  for 
measuring  m  can  lead  to  variations  about  this  range  [26].  The  high  values  of  m  in  superplastic 
metals  account  for  their  high  tensile  elongations;  the  largest  reported  value  is  about  8,000%  [27] 
although  more  typical  values  are  between  300  to  1000%.  The  strain  rate  sensitivity  of  m =0.33 
found  in  Class  I  solid  solutions  is  intermediate  between  that  for  pure  metals  and  superplastic 
alloys,  aid  therefore  extended  ductility  (150  to  600%)  is  predicted  for  these  alloys. 


<r 

i 


□  Cl  03:  Nb  -  5.4Hf  •  2.0TI 
O  Cl  29:  Nb  -  5.8Hf  -  5.6W 
A  WC3009:  Nb  -  19.2Hf  •  5.6W 


Fig.  5  Diffusion-compensated  strain  rate  versus  modulus-compensated  stress  for  Cl 03, 
C129,  and  WC3009. 

It  is  pertinent  to  point  out  that  in  commercial  superplastic  forming  operations,  (a)  tensile 
ductilities  of  over  200%  are  rarely  required,  (b)  cavitation,  as  a  result  of  grain  boundary  sliding, 
can  become  unacceptable  without  the  application  of  back  pressure  at  elongations  greater  than 
200%  (e.g.,  in  the  7000  series  aluminum  alloys  and  in  the  Al-6Cu-0.5Zr  commercial  alloy),  and 
(c)  extremely  high  elongations  are  normally  found  at  very  low  strain  rates  (-10-5  s-*).  In 
contrast.  Class  I  solid  solutions  usually  exhibit  ductilities  of  150%  at  reasonably  high  strain 
rates  (10*2  s "').  Cavitation  should  present  less  of  a  problem  in  Class  I  solid  solutions,  because 
the  mechanism  of  flow  is  not  based  on  grain  boundary  sliding.  It  would  thus  appear  that 
complex  forming  operations  with  Class  I  solid  solutions,  such  as  refractory  metals,  should  be 
feasible.  Superplastic  forming  of  these  metals  may  also  offer  an  additional  advantage  in  that  the 
special  thermomechanical  processing  to  produce  the  ultrafine,  two-phase  structures  of 
superplastic  alloys  will  not  be  required. 
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Abstract 

Microstructural  control  to  pnxiuce  multiphase  structure  has  received  much  attention  to  improve 
the  high  temperature  strength  as  well  as  low  temperature  ductility  of  intermetallics.  This  paper 
describes  the  overall  view  of  approaches  to  obtain  various  morphologies  of  multiphase 
intermetallics  basing  upon  the  phase  diagrams.  Special  emphasis  is  to  be  laid  on  the 
microstructures  formed  by  the  decomposition  of  supersaturated  intermetallics  of  NiAl(B2)- 
based,  Ni  3A1(  LI  2) -based  and  TLAHLIq) -based  matrices.  The  strength  of  the  multi-phase 
intermetallics  is  dependent  on  the  mode  of  interaction  between  particles  and  dislocations.  In  die 
Ll2-phase  strengthened  by  the  precipitation  of  disordered  coherent  f.cx.  phase,  dislocations  are 
attracted  into  the  disordered  T  phase  and  cut  through  the  particles  during  deformation,  while  in 
the  alloys  containing  fine  dispersion  of  partially  coherent  carbide  particles,  dislocations  by-pass 
the  particles  during  deformation. 
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Introduction 


Interne  tallies  composed  of  aluminium  and  other  metallic  components  have  received 
considerable  interest  as  canditates  for  next  generation  high  temperature  structural  materials 
because  of  their  high  melting  points,  low  densities  and  possible  high  oxidation  resistances. 
However  most  of  them  still  suffer  from  lack  of  low  temperature  ductility  and  of  enough  high 
temperature  strength. 

Intermetallks  based  on  the  LI  2 -ordered  structure  are  attractive  as  high  temperature  structural 
materials  because  of  their  positive  temperature  dependence  of  yield  strength.  However,  it  has 
been  known  that  'the  creep  strength  anomaly*  does  not  exis[l].  As  creep  strength  is  concerned, 
the  single  phase  Ni3Al(  T  ')-base  intermetallics  are  inferior  to  recent  two  phase  nickel-base 
superalloys.  Khan  et  aL[2]  compared  the  creep  strength  of  the  r  -  r '  CMSX-2  single  crystal 
superalloy  with  that  of  its  constituent  r  '  alloy  and  showed  that  the  r  '  alloy  cannot  compete 
with  the  parent  alloy. 

Far  B2-ordered  NiAl,  significant  improvements  in  creep  strengh  were  first  demonstrated  by 
Polvani  et  al.[3|  by  forming  a  two  phase  mixture  of  NiAl  and  Ni2AlTi(Heusler  phase).  Similar 
Heusler  phases  and  other  phases  such  as  Laves  can  be  formed  in  NiAl  by  ternary  additions  such 
as  Nb,  Ta,  Hf  and  V.  The  creep  strength  of  these  multi-phase  intermetallics  increased 
appreciably  but  not  to  the  level  of  recent  nickel-base  superalloys[4]-[7].  It  was  proposed  that 
optimizing  the  creep  strength  requires  a  balance  of  the  compositions  of  the  two  phases,  the 
precipitate  volume  fraction,  the  sire  an,  -  distribution  of  the  precipitates  by  analogy  to  the  nickel- 
base  superalloys[8). 

Much  work  has  been  performed  also  to  improve  the  ductility  of  intermetallics  since  Aoki  and 
Izumi[9]  found  the  drastic  effect  of  Bon  the  ductility  of  Ni3Al.  The  ductility  of  intermetallics 
could  also  be  improved  by  macrostructural  and  microstructural  control  through  heat  treatments 
or  processing  in  terms  of  powder  metallurgy  and  fiber  reinforcement  However  there  have  been 
only  a  limited  number  of  studies  concerning  the  precipitation  in  intermetallics.  The  present  paper 
describes  the  overall  view  to  give  the  fine  precipitation  of  second  phases  in  Ll2-ordered  Ni3AL 
B2-ordered  NiAl  and  LI  0-oniered  TiAl.  The  morphologies  of  deformation  induced  dislocations 
are  also  compained. 

Optimum  Microstructure  for  High  Temperature  Intermetallics 

There  should  be  several  ways  by  which  the  high  temperature  strength  of  intermetallics  can  be 
improved:  elimination  of  grain  boundaries,  solid  solution  strengthening,  precipitation 
strengthening  and  composite  strengthening.  The  first  two  mechanisms  are  known  to  be  essential 
to  the  high  temperature  materials  but  are  already  reported  to  be  insufficient  to  exceed  the 
strength  of  the  nickel-based  superaUoys(2].  Therefore  the  introduction  of  multi-phase  structures 
should  be  required  also  for  intermetallics  to  attain  higher  strength  over  a  wide  temperature 
range. 

Recently  Naka  and  Khan[8][10]  have  been  successful  in  creating  a  7  IT'  type  two-phase 
microstructure  which  is  very  similar  to  that  of  nickel-based  T  IT'  superalloys  in  the  pseudo¬ 
binary  Fe-NijAlTi  and  Nb-Ti2AlMo  systems.  Although  the  future  of  this  approach  looks 
promising,  these  alloys  would  be  in  the  category  of  superalloys  based  upon  different  disordered 
matrix  phases  containing  high  volume  fractions  of  ordered  precipitates.  It  should  be  noted  that 
the  optimum  microstructure  for  the  intermetallic-baaed  alloys  might  be  different  from  that  for  the 

204 


disordered  phase- based  alloys.  In  the  nickel  base  superalloys  it  has  been  known  that  most  of 
deformation  induced  dislocations  move  predominantly  in  the  disordered  r  which  forms  narrow 
channels  between  r'|ll]. 


Figure  1  Microstructural  variations  of  multi-phase  intermetallics(b)  -(d)  as  compaired  to  the  Ni- 
base  superalloy(a). 


Figure  1  schematically  shows  the  microstnictural  variations  of  nickel-base  superalloys  and  of 
intermetallic-based  alloys.  In  nickel-base  superalloys,  coherent  LI  2-ordered  r '  is  disposed  in 
disordered  r  as  shown  in  (a).  The  alloys  proposed  by  Naka  et  al.[8][10]  correspond  to  (b) 
where  intremetallic  phases  different  to  r  '  are  dispersed  in  a  disordered  matrix  different  to 
alloyed  r  .  The  situation  is  reversed  in  intermetallic-based  alloys  as  shown  in  (c)  where  a 
disordered  phase  is  dispersed  in  an  ordered  phase.  In  (d),  an  intermetallic  phase  is  dispersed  in 
another  intermetallic  phase  matrix.  Other  variations  of  multi-phase  microstructures  should  also 
be  possible.  Therefore  different  behavior  of  dislocations  can  be  expected  in  the  intermetallic- 
based  alloys.  The  optimum  microstructure  for  the  intermetallic-base  alloys  might  be  then 
different  from  that  for  die  nickel -based  superalloys. 


Optimizing  the  multi-phase  microstructures  requires  a  balance  of  the  compositions  of  the 
existing  phases,  the  precipitate  volume  fraction,  the  size  and  distribution  of  the  precipitates.  The 
physical  properties  of  the  precipitate  and  of  the  matrix  play  primary  roles  to  determine  the 
mechanical  properties  of  the  intermetallic-based  alloy  since  the  contribution  to  the  high 
temperature  strength  is  dependent  on  the  mode  of  interaction  between  particles  and  dislocations. 


Precipitation  in  intermetallics  can  be  attained  basing  upon  the  phase  diagrams  if  die  reliable 
diagrams  are  available.  If  the  two  phases  facing  each  other  in  the  phase  diagram  have 
fundamentally  similar  crystal  structures  and  lattice  parameters,  extended  solid  solubility  may  be 
obtained  at  high  temperatures.  Then  wide  range  of  microstructural  variations  can  be  achieved. 


Ductile  Phase  Toughning 

Ductile  phase  toughning  involves  the  incorporation  of  a  ductile  second  phase  in  a  brittle 
matrixf  12].  The  purpose  of  the  ductile  phase  is  to  interact  or  interfere  with  the  progression  of 
cracks  through  the  matrix  phase  or  to  lead  to  dislocation  generation  at  die  interphase  interface  of 
the  ductile  phase  and  of  the  brittle  matrix.  Such  strain  transfer  can  be  facilitated  by  the  presence 
of  coherency  or  specific  orientation  relationships  between  two  phases. 

Ishida  et  aL(  13]  have  been  successful  to  improve  drastically  the  ductility  of  NiAl-baaed  alloys 
by  the  addition  of  alloying  dements  and  by  die  control  of  microstructures.  They  found  that  a 
small  amount  of  disordered  phase  formed  by  the  addition  of  Fe,  Co  and  Cr  has  a  drastic  effect 
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on  the  ductility.  To  avoid  the  strength  decrease,  Yang  et  al.|  14|  examined  a  number  of  alloys  in 
a  three  phase  field  incorporationg  P  -NiAl,  P  ’-NijAlTi  and  r  '-Ni3Al  phases  in  the  Ni-Al-Ti 
system.  It  was  found  that  the  presence  of  a  substantial  fraction  of  the  relatively  ductile  r  ' 
phase  in  Semico herent  epitaxy  with  P  and  P '  conferred  several  per  cent  of  compressive 
plasticy  on  these  alloys,  where  the  PIP'  alloys  are  known  to  have  a  catastrophic  room 
temperature  brittleness.  However  even  the  improvement  was  achieved  in  the  room  temperature 
ductility  by  incorporating  ductile  phases,  it  should  be  necessary  to  disperse  fine  second  phases 
to  maintain  the  high  temperature  strength,  especially  creep  strength. 

Precipitation  in  Intermetallics 

In  most  of  structural  alloys,  intermetallic  compounds  exist  as  dispersoids.  There  have  been 
surprisingly  few  studies  on  the  phase  decompositions  in  intermetallics.  The  mechanisms  of 
precipcitation  strengthning  of  intcrmetallic-based  alloys  have  rarely  investigated.  As  far  as  the 
present  authors  know,  Ardell  and  Hovan[15]  are  the  first  who  showed  interest  in  strengthening 
the  LI  2  ordered  phase  by  a  fine  dispersion  of  coherent  precipitates.  They  expected  that 
dislocations  in  the  Cu3Al  matrix  will  be  attracted  by  the  Co-rich  precipitates  for  the  same  reason 
that  unit  dislocations  in  disordered  alloys  are  attracted  to  precipitates  which  have  a  lower 
stacking  fault  energy  than  the  matrix  as  discussed  by  Hirsch  and  Kelly[16]  in  their  stacking 
fault  strengthening  theory.  However,  the  effects  of  precipitation  on  the  high  temperature 
strength  of  ordered  alloys  have  not  been  well  investigated.  Cu3Au  should  not  be  sufficient  for 
this  purpose,  because  the  order-disorder  transition  temperature  is  rather  low(Tc=664  K). 

Ihble  1  lists  various  combinations  of  precipitate  and  matrix  phases  investigated  in  our  recent 
work  to  examine  the  microstructural  characteristics  of  model  alloys.  Coherent  or  incoherent  and 
ordered  or  disordered  phases  have  been  tried  to  disperse  in  Ni3Ai,  NiAl  and  TiAl  matrices. 
Some  of  our  recent  results  will  be  reviewed  below. 


Table  1  Intermetallics  with  precipitates  under  investigation  in  the  present  work 


matrix 

precipitates 

coherency* 

alloy  system 

Ll2 

Ni3Al 

7  -Ni(Al/fcc) 

C 

Ni-Al-Ti 

M^C^cubic) 

I 

Ni-Al-Cr-C 

B2 

NiAl 

a  -Cr(A2/bcc) 

C 

Ni-Al-Cr 

a-Fe(A21bcc) 

C 

Ni-Al-Fe 

P  -Co(Al/fcc) 

I 

Ni-Al-Co 

Ni2ITt(L2,) 

C 

Ni-Al-Ti 

U, 

Ni2AlTi 

NiAl(B2) 

C 

Ni-Al-Ti 

Ll0 

TiAl 

Ti3AlC(cubic) 

I 

Ti-Al-C 

TijAlN(cubic) 

I 

Ti-Al-N 

•  C:  coherent,  1:  incoherent 


ftetipitaticn  in  Ni3Al 

Ni,Al-disordcred  r  ■  A  detailed  examination  of  microstructure  and  stretigth  of  r  '-Ni3(  Al,Ti)- 
baaed  two  phase  alloy  has  been  performed  by  Tian  et  al.[17]-[19]  and  Nemoto  et  al[20].  They 
revealed  a  retrograde  solubility  of  nickel  in  r  ',  Le.,  the  solubility  of  nickel  in  r  '  has  its 
maximum  value  at  about  1373  K  and  decreases  with  decreasing  as  well  as  increasing 


temperature  as  shown  in  Figure  2.  It  is  possible  to  obtain  a  uniform  supersaturated  solid 
solution  by  quenching  from  this  temperature  and  to  disperse  fine  precipitates  by  aging.  Actualy 


Figure  2  A  schematic  vertical  cross  section  of 
Ni-Al-Ti  phase  diagram  showing  a  retrograde 
solubility  of  r  in  r 


Figure  3  Variations  of  hardness  78Nil8A14Ti 
and  79Nil2A19Ti  during  aging. 


Fig.  3  shows  the  variations  of  hardness  of 
78Nil8AI4Ti  ami  79Nill.9A19.1Ti  Tlr'- 
baaed  alloy  by  aging  at  temperatures  between 
9T3  K  and  1173  K  after  quenching  from 
1423  K{17] . 

Figures  4  (a)  and  (b)  show  the  morphologies 
of  precipitates  in  the  peak-aged  and  over  aged 
condition,  respectively,  taken  by  using  the 
ordered  lattice  reflection  from  the  matrix  r '. 
The  precipitates  are  spherical  or  round-cubic 
shape  in  peak-aged  conditkmJ>ut  are  plates 
in  over  aged  condition.  High  resolution 
electron  microscopy  revealed  that  the  perfect 
lattice  coherence  is  kept  between  the 
orecipitate  and  matrix.  The  volume  .raction  of 
precipitates  was  estimated  to  be  4%. 


Figure  4  TEM  micrographs  of  r  precipitates 
in  NH8A14U  (a)  aged  at  1073  K  for  1.08  * 
104  s  (3  h,  peak-aged),  (b)  aged  at  1073  Kfbr 
3.6  x  10s  s  (100  h) 

Figure  5  is  a  g=302  dark  field  weak  beam 
image  of  dislocations  in  a  deformed  single 


Figure  5  TEM  weak-beam  image  showing  the 
dissociation  of  dislocations  in  the  disordered 
particles  at  the  peak  aged  condition  in  the 
Nil8A14Ti  aged  at  973  K  for  1.08  x  10*sand 
deformed  3%  at  673  K. 


crystaLThe  superlattice  dislocations  dissociate 
in  the  matrix  and  they  tend  to  be  uncorrelated 
by  foe  absence  of  an  APB,  as  they  meet  a 
disordered  particle.  The  particles  are  not 
imaged  in  this  dark  field  micrograph  taken 
with  the  superimposed  spot  of  matrix  and 
precipitate  reflections.  A  detailed  TEM 
examination  of  the  morphology  of  deforma¬ 
tion  induced  dislocations  revealed  that  the 
dislocations  have  dissociated  on  the  (010) 
plane  in  foe  matrix  and  on  the  (111)  in  the 
particle.  This  observation  strongly  suggests 
that  foe  fine  dispersion  of  disordered  r 
suppresses  foe  cross  slip  of  superdislocations 
from  {111}  to  {001}  and  thus  increasing  foe 
high  temperature  strength  of  r  '. 


Ni-^Al-M^Cft.  When  0.5  mol%  of  carbon  is  added  to  Ni3(Al,Cr),  hardening  was  observed  by 
aging  at  temperatures  around  1023  K.  Figure  6  shows  the  variation  of  hardeness  due  to  aging  at 
973  and  1073  K,  respectively.  Although  the  hardness  increment  is  not  very  high,  a  typical  age 
hardening  and  overage  softening  are  recognized  by  aging  at  1073  K. 


10  10  10' 
Aging  Time  / 


Figure  6  Variation  of  hardness  of  Ni24A14Cr-0.2  and  -03C  alloy  by  aging  at  973  and  1073  K. 


Figures  7  (a)  and  (b)  show  the  mkrostnictures  of  the  alloy  aged  at  973  K  for  1.08  x  10^  s  and 
at  1073K  for  1.08  x  10s  s,  respectively.  The  corresponding  selected  area  electron  diffraction 
(SAED)  analysis  revealed  that  foe  precipitate  is  an  type  carbide  and  has  the  orientation 

relationship  (lOOl-M^C^  parallel  to  (100)- r  '  and  [OOIJ-M^C^  parallel  to  [001]-  r  ',  i.e. 
cube-cube  orientation  reiahonship.  M23C6  is  a  chromium-rich  carbide  which  posses  a  complex 
cubic  structure,  containing  92  atoms  per  unit  cell,  with  a  lattice  parameter  of  about  1.06  nm. 


Figure  8  shows  an  example  of  high  resolution  image  of  carbide  observed  from  [110]- 

MjrjCg.  It  is  evident  that  the  surface  of  the  particle  is  bounded  by  {111}  and  a  periodical 
matching  of  lattice  planes  between  foe  matrix  and  is  kept  at  foe  interface.  The  planer 

faults  are  observed  to  lie  on  the  (1 1 1)  planes  of  MgjCg.  These  defects  are  characterized  by  a 
distinct  displacement  across  foe  fault  planes  and  considered  to  be  growth  defects. 


Figure  7  TEM  micrographs  of  Ni24A14Cr-0  JC  aged  (a)  at  973  K  for  1.08  *  10^  »  and  (b)  at 
1073  K  for  1.08  *  10*  s  (30  h). 


i  (30  h). 


Figure  8  (left)  High  resolution  image  of  the  interface  between  and  Ni3  Al. 

Figure  9  (right)  Dislocations  in  the  Ni24A14Cr-0.5C  alloy  aged  at  K  for  3.6  x  10s  s  (100  h) 
and  deformed  3%  at  573  K.  Chowan  loops  are  observed. 

Figure  9  is  a  dark-fiekl  weak  beam  image  of  deformation  induced  dislocations  in  the  alloy  aged 
at  973  K  for  3.6  x  10*  a  (100  h)  and  deformed  3%  at  373  K.  It  is  evident  that  the  dislocations 
bypass  the  carbide  particles  leaving  loops  sorrounding  them.  The  observesd  morpholopgy  of 
dislocations  is  quite  different  from  that  observed  in  die  Ni  3  Al  with  fine  dispersion  of  coherent 
disordered  T ,  in  which  deformation  induced  dislocations  are  attracted  into  the  particles  and  cut 
through  them  at  any  deformation  temperatures. 

Precipitation  in  NiAl 

NiAl-NijATTL  Significant  improvements  in  creep  strengh  were  first  demonstrated  by  Pblvani 
et  al.[3]  by  forming  a  two  phase  mixture  of  NiAl  and  Ni2AlTi(Heusler  phase).  However 
because  of  the  catastrophic  room  temperature  brittleness  this  alloy  has  not  been  investigated  so 
fin-.  Field  et  al.(21]  investigated  the  alloys  along  a  line  between  the  pseudo-binary  NiAl  and 
NijAITi  system  and  obtained  evidence  for  a  spinodal  ordering  reaction  in  this  system.  Figure  10 
shows  the  possibility  of  the  wide  range  of  nncrostructural  modification  of  this  system  by 
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controlling  the  beat  treatments  and  by  changing  the  alloy  composition  alcmg  the  pseudo-binary 
line. 

NiAl-Fe.  Jung  and  Sauthoff[22]  investigated  the  creep  behavior  of  NiAl-Fe  and  Fe-NiAl 
systems  and  revealed  that  the  effect  of  the  <* -Fe  particles  in  B2-NiAl  matrix  was  quite 
analogous  to  that  of  B2-NiAl  particles  in  « -Fe  matix.  In  both  cases  the  particles  act  as 
dislocation  obstacles  because  of  the  dislocation -particle  interaction,  and  indeed  adhering 
dislocations  were  observed  at  particles  before  detachment  in  the  B2-NiAl  case. 

Phase  transformation  in  the  Fe-Al  system  depends  strongly  on  the  composition  of  die  alloy. 
There  is  a  possibility  of  the  parallel  reactions  of  ordering  and  phase  seperation(23][24].  Figure 
1 1  shows  die  TEM  microatnicture  of  the  alloys  chosen  aleng  the  line  in  the  two  phase  region  in 
the  Fe-Ni-Al  phase  diagram  shown  in  Figure  12.  It  can  be  known  that  the  microstructure  widely 
changes  by  heat  treatments. TEM  examination  revealed  the  possibility  of  the  coexistence  of  a  - 
Fe  and  two  kind  of  B2-ordered  phases  which  have  been  observed  by  Liu  et  al.[25]  in  an  Fe- 
23.2 AM.  INi  alloy.  The  microstmcture  of  this  system  is  still  to  be  clarified. 


r 
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Figure  10  TEM  micrographs  of  (a)  50Ni40All(m  alloy  aged  at  1273K  and  (b)  50Ni43A17Ti 
aged  at  1 173K  for  3.6*  10s  s(  100  h)  showing  the  precipitate  of  NijATTi  in  NiAl. 


Figure  11  TEM  micrographs  of  (a)  40Ni40A120Fe,  (b)  28Ni28A144Fe  and  (c)  10Nil5A175Fe 
aged  at973K  for  1.08x  10s  s  (30h). 
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Figure  14  Variation  of  the  hardness  of  B2 -ordered  NiAl-Cr  alloy  by  aging  at  973  and  1 173  K 
after  quenching  from  1423  K. 

Figure  13(a)  shows  spherical  precipitates  formed  in  50Ni42Al-8Cr  aged  at  1 173  K  for  3.6  x 
10s  s  (1000  h)  observed  from  the  [1 1 1]  direction  of  the  matrix.  The  high  resolution  electron 
micrograph  of  the  interface  between  the  a  -Or  precipitate  and  B2 -ordered  NiAl  shown  in  Figure 
13(b)  reveales  that  the  precipitate  lattice  have  a  perfect  coherency  with  the  matrix  lattice.  The 
loss  of  coherency  of  *  -C r  precipitates  occurs  only  after  prolonged  aging.  No  punching  of 
loops  would  be  expected  for  a  -Cr  because  the  misfit  between  the  a  -Cr  and  the  NiAl  matrix 
lattices  is  only  (X8X[27].  After  prolonged  aging  dislocations  in  the  matrix  might  climb  over  the 
particles  leaving  misfit  dislocation  loops  at  the  interfaces.  Deatiled  analysis  of  the  nature  of  the 
misfit  dislocations  in  unidirectionally  solidified  NiAl-Cr  eutectic  composites  has  already  been 
reported!  301(31]. 

High  temperature  compression  tests  indicated  that  the  fine  precipitation  of  a  -Cr  in  NiAl 
increases  the  strength  of  NiAl  appreciably  at  intermediate  temeratures  but  the  strength  of  NiAl- 
Cr  decreases  gradually  with  increasing  temperature  and  approaches  to  nearly  the  same  level  of 
monolithic  NiAl  with  noostoichiometry[32].  TEM  examination  of  deformation  induced 
dislocations  suggested  that  the  dislocations  bypass  the  a  -Cr  particles  during  deformation 
involving  cross-slip  at  the  particles. 


Figure  13  (a)  TEM  micrograph  of  NiAl-Cr  alloy  aged  at  1 173  K  for  3.6  x  l(r  s  (1000  h) 
showing  the  precipitation  of  spherical  a  -Cr,  (b)  HREM. 

NjAj-Co.  Figure  16  shows  die  partial  Ni-Al-Co  ternary  phase  diagram  in  which  phase  regions 
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at  1373  K  and  1373  K  an  tndicated{33}.  Ishida  et  aL[13]  have  shown  that  the  ductility  of  B2- 
ordcred  NiAl  can  be  significantly  improved  by  composing  a  multi-phase  microstnicture  between 
NiAl  and  the  disordered  f.c.c.  Co  phase.  The  phase  diagram  aloso  shows  the  various 
possibilities  of  microstructural  variation.  For  example,  an  ordinal  precipitation  of  NiAl  must  be 
expected  in  disordered  Co.  On  the  other  hand,  the  precipitation  of  diaordered-Co  phase  in  0  - 
NiAl  is  also  expected  in  NiAL  In  the  bimodal  alloy  used  by  Ishida  etaL[  13]  the  precipitations 
of  Co  in  NiAl  and  NiAl  in  Co  are  expected  by  apropriate  heat  treatments. 


C«(mol%) 

Figure  16  Partial  section  of  Ni- Al-Co  phase  diagram  with  the  alloys  in  Figure  17. 

Figure  17  shows  the  variations  of  hardness  and  yield  strength  of  NiAl  with  chemical 
compositions  shown  in  Fig.16  by  aging  at  different  temperatures.  Both  the  monolythic  and 
bimodal  NiAl  harden  appreciably  by  aging  at  temperatures  around  1073  K.  TEM  examination 
revealed  that  he  0  -Co  precipitates  are  platelet  in  shape  lying  parallel  to  the  {110}  planes  of 
NiAl  and  have  die  Kurdjumov-Sachs  orientation  relationship. 


Aging  Time,  t/s  Aging  Time,  t/s 


Figure  17  (a)Variation  of  the  hardness  and  (b)  compressive  yield  strength  of  NiAl-Co  by  aging 
at  873-1073K. 

Precipitation  of  Cartiide  and  Nitride  in  TLA1 

According  to  the  Ti-Al-C  ternary  phase  diagram  reported  by  Schuster  et  al.[34),  TijAKXH- 
phase)  kin  equilibrium  with  TIC,  Ti3Al  and  TiAl,  and  H3AlC(P-phase)  with  TIC,  Aland  « 
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-Hat  1273  K.  However,  the  morphologies  of  then  carbides  in  TiAl  or  T13A1  have  not  been 
reported.  Figure  18  shows  typical  age  hardening  and  over  age  softening  observed  for  both  the 
alloys  containing  0.5  mol%  of  carbon  or  nitrogen.  The  increment  of  yield  strength  of  T5A1-N, 
however,  is  smaller  titan  that  obtained  in  TiAl-C  possibly  because  of  the  loss  of  the  solid 
solution  strengthening  in  HA1-N  during  aging. 


Aging  Time,  t  /  s  Aging  Time,  t/s 


Figure  18  Variation  of  compressive  yield  strength  of  TiAl-0.5C(a)  and  TtAl-OJNfb)  by  aging 
at  973  K,  1073  K  and  1 173  K,  respectively. 

TEM  exmi  nation  revealed  the  fine  precipitation  of  needle-shaped  carbide  and  nitride  at 
dislocations  and  in  the  matrix  during  aging.  Figure  19  shows  the  precipitates  formed  in  TiAl-2N 
by  aging  at  1173  K  for  3.6x10s  s  (100  h).  A  tilting  experiment  easily  revealed  that  the 
precipitates  have  a  needle-like  shape  and  the  square  cross-section  with  the  sides  parallel  to  [010] 
and  [100]  directions  of  tire  matrix  lattice.  SAED  analyses  indicated  that  tire  crystal  structure  of 
the  precipitates  are  of  the  perovskite  type  in  which  the  carbon  atoms  occupy  the  octahedral  sites 
of  LI;  structure.  It  should  be  noted  that  the  needle-like  precipitates  are  formed  only  in  one 
direction  parallel  to  tire  [001]  axis  of  tire  TiAl  matrix. 

When  the  alloys  were  aged  at  lower  temperatures,  weak  extra-spots  appeared  in  the  SAED 
patterns  for  the  precipitates.  Try-and-error  procedure  basing  upon  the  SAED  patterns  indicated 
the  formation  of  carbon- vacancy  long-range  ordering,  where  the  carbon  atoms  and  vacancies 
make  rows  along  the  [100]  direction  in  a  needle-shaped  perovskite  carbide.  The  carbon  atom 
rows  are  considered  to  be  neighbored  with  the  vacancy  columns  resulting  in  an  anisotropic  atom 
arrangement  in  the  (001)  plane  of  the  perovskite  carbide.  Figure  20  shows  schematically  the 
structure  of  the  needle  in  which  the  domains  A  and  B  are  repeated  along  the  axis  of  the  needle. 
It  should  be  noted  that  almost  similar  morphologies  and  structures  has  been  observed  in  the 
HA1-N.  Figure  21  shows  the  weak  beam  dark  field  image  of  dislocations  in  T151A1-03C  aged 
at  1073  K  for  3.6x10*  s  (10  h)  and  deformed  3%  at  673K  indicating  that  the  dislocations 
bypass  the  needfe-shaped  carbide  during  deformation. 


Figure  19  ftwsminion  electron  microgi 
of  T1A1-2N  aged  at  1073  K  for  1.08  x  1 


OTi  •  Al  «CorN 

Figure  20  A  schematic  illustration  of 
the  repeated  two  variants  of  long  range 
ordering  in  a  needle  precipitate. 

Figure  21  (left)  Dark  field  image  of 
dislocations  in  T151A1-0.3C  aged  at 
1073  K  for  1.08*  10s  s  and  deformed 
about  3%  at  673  K. 


Summary 

lb  satisfy  the  requirements  to  improve  the  room  temperature  ductility  and  die  high 
temperature  strength  of  intrmetallics,  microstructural  modifications  in  terms  of  phase 
decomposition  should  be  important.  The  work  on  the  LI  2-ordered  Ni3Al,  B2-ordexed  NiAl  and 
Ll0-ordered  TiAl-based  alloys  has  shown  various  possibilities  of  precipitation  of  fine  particles 
in  the  ordered  matrix.  For  example,  fine  precipitations  of  disordered  r  andM^C^  carbide  in 
NijAl-based  intermetallics,  disordered  a  -Or  and  P  -Co  in  NiAl  and  a  pexovsldte  type  carbide 
and  nitride  in  TiAl-based  intermetallics  are  obtained.  Behavior  of  dislocations  in  these 
intermetallics  differs  appreciably.  In  Ni3Al  with  a  fine  dispersion  of  disordered  r  ,  superlattice 
dislocations  dissociate  in  the  matrix  and  they  are  strongly  attracted  to  the  disordered  particles.  In 
Ni3(Al,Cr)  wife  dispersoids  dislocations  bypass  the  carbide  particles  leaving  loops 

sonounding  diem.  The  strong  attractive  interaction  might  effectively  contribute  to  increases  the 
high  temperature  strength  of  intermetallics.  Further  work  is  required  on  the  relation  between 
multiphase  structures  and  high  temperature  strength  of  intermetallics. 
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FRACTURE  TOUGHNESS  OF  GAMMA  BASE  TITANIUM  ALUMINIDES 
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Abstract 

Titanium  aiuminide  base  intermetallics  posses  excellent  high  temperature  strength  and 
low  density.  However,  low  room  temperature  ductility  and  toughness  restrict  the 
application  of  titanium  aiuminide  base  intermetallics  for  structural  components.  Effect 
of  aluminium  content  and  ternary  addition  on  the  fracture  toughness  of  gamma  base 
titanium  aluminides  were  investigated  at  room  and  elevated  temperatures.  From  the 
experimental  results,  it  was  found  that  microstructure  has  strong  influence  on  the  room 
and  elevated  temperature  fracture  toughness  while  ternary  addition  has  no  effect  on  the 
room  temperature  fracture  toughness  but  affect  at  high  temperatures.  Fracture  surface 
morphology  depended  on  the  microstructure  and  test  temperature  and  had  strong 
correlation  with  the  fracture  toughness. 
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Introduction 


Attractive  high  temperature  properties  and  light  weight  of  gamma  base  titanium 
aluminide  intemnetalllc  compounds  make  them  most  suitable  for  elevated  temperature 
applications  provided  their  low  room  temperature  ductility  and  toughness  are  improved 
[1-6].  Aluminium  concentration,  microstructure,  ternary  additions,  processing  condition 
etc.,  have  strong  influence  on  the  mechanical  properties  of  titanium  aluminides  [1]. 
Alloys  with  composition  ranging  from  48  to  52  %  Al1  have  appreciable  plasticity  [2].  The 
fracture  toughness  of  gamma  base  titanium  aluminide  increases  with  increasing  amount 
of  lamellar  colonies  and  binary  Ti-48Ai  with  lamellar  microstructure  exhibit  maximum 
room  temperature  strength  and  fracture  toughness  [2,4].  However,  fully  transformed 
lamellar  microstructure  exhibits  poor  ductility  compared  to  duplex  microstructure.  Duplex 
microstructure  have  good  balance  of  mechanical  properties  compared  to  single  phase 
microstructures  [1,2].  Addition  of  ternary  elements  such  as  chromium,  manganese, 
vanadium,  and  niobium  affects  the  mechanical  properties  considerably.  Ductility  as  high 
as  4%  has  been  achieved  due  to  addition  of  ternary  elements  [1].  Still,  the  maximum 
room  temperature  ductility  and  toughness  achieved  are  below  the  acceptable  limits  for 
practical  applications.  Detailed  knowledge  about  the  fracture  mechanisms  and 
characteristics  values  of  fracture  toughness  such  as  K*.  Jte  etc.,  is  necessary  for 
designing  alloys  with  improved  fracture  toughness.  So  for  many  investigations  have 
been  carried  out  for  better  understanding  of  the  fracture  mechanisms  of  binary  titanium 
aluminides  [7,8].  However,  those  of  ternary  titanium  aluminides  and  the  effect  of  ternary 
elements  on  the  fracture  toughness  have  not  yet  been  studied  in  detail.  Hence,  the 
object  of  the  present  investigation,  is  to  study  the  effect  of  microstructure  and  ternary 
addition  on  the  room  and  elevated  temperature  fracture  toughness  and  fracture  behavior 
of  gamma  base  titanium  aluminides. 

Materials  and  Experimental  Procedure 


Test  Materials 

Gamma  base  Ti-50AI,  T1-46AI,  Ti-47Al-3Cr  and  Ti-47Al-3Nb  were  used  for  the 
current  investigation.  High  purity  ingots  were  prepared  by  plasma  arc  melting.  The 
ingots  were  homogenized  for  96  hours  at  1050°C  in  vacuum  (4  mPa).  The  nominal 
composition  and  microstructural  details  of  the  cast  materials  are  shown  in  Table  I.  The 
heat  treated  Ti-5QAI  contained  mostly  y  phase  with  very  little  a2  phase.  A  nearly 
lamellar  (ajy)  microstructure  was  obtained  after  homogenization  treatment  of  Ti-46AI. 
Heat  treated  Ti-47AI-3Cr  contained  both  equiaxed  y  grains  and  lamellar  ajy  colonies. 
X-ray  diffraction  studies  carried  out  on  the  samples  indicated  the  presence  of  j3-phase 
in  addition  to  a,  and  y  phases.  Detailed  TEM  investigations  performed  also  confirmed 
the  presence  of  third  phase  08-bcc)  in  Ti-47Al-3Cr  [9].  A  fully  transformed  lamellar 
microstructure  was  obtained  in  the  case  of  Ti-47AI-3Nb  after  homogenization 
treatment  Final  microstructures  of  test  materials  are  shown  in  Figure  1 .  Test  specimens 
were  made  by  multi-wire  cutting  and  then  machining  to  required  dimensions  and 
surface  finish. 

Experimental  Procedure 


1  All  compositions  are  mentioned  in  atomic  percent. 
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Table  I  Composition  and  Microstructurai  Details  of  Test  Materials 


Materia] 

Chemical  Composition 

Second 

Phase 

iwuiw  rau 

Ti 

A1 

Cr/Nb 

0 

H 

(in  at.  pet) 

(in  wL  ppm) 

TI-5QAI 

49.1 

_ 

170 

5.0 

T1-46AI 

55.3 

44.7 

- 

120 

1.6 

a* 

Ti-47AI-3Cr 

48.1 

49.2 

2.75 

250 

a,+^ 

Ti-47Ai-3Nb 

53.5 

43.5 

3.06 

170 

8.9 

a* 

■-  -v 


(a)  Ti-50AI 


(b)  Ti-46AI 


(c)  Ti-47AI-3Cr  (d)  Ti-47AI-3Nb 

Figure  1  -  Microstructures  of  Test  Materials. 

Fracture  toughness  tests  using  20  mm  thick  CT  specimens  [10]  were  carried  out  for  Ti- 
47Al-3Cr  to  estimate  K*  fracture  toughness  value.  Chevron  notched  CT  specimens 
were  fatigue  precracked  and  fracture  toughness  values  were  estimated  according  to  the 
ASTM  test  standard  for  evaluating  K*.  At  high  temperatures,  valid  plane  strain  fracture 
toughness  (KJ  values  are  impossible  to  estimate  for  the  test  materials  because  of  the 
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non-linearity  in  the  load -displacement  curve  due  to  large  plastic  deformation  and  stable 
crack  growth.  So,  it  Is  essential  to  estimate  the  fracture  toughness  using  the  elastic- 
plastic  fracture  parameter,  J-lntegral.  A  convenient  Jtetest  method  using  side-grooved 
single  specimen  (1 1]  of  dimensions  5x10x55  mm*  was  followed  to  estimate  the  fracture 
toughness  at  room  and  elevated  temperatures.  The  introduction  of  side-groove  makes 
the  crack  initiation  point  coincided  to  the  maximum  load  point  and  enables  to  measure 
the  crack  initiation  fracture  toughness  value  [1 1].  A  fatigue  precrack  was  introduced  up 
to  a/W  ratio  of  about  0.55  using  a  sinusoidal  wave  of  10  Hz  and  stress  ratio  of  0.1  from 
electro  discharge  machine  notch.  Precracked  specimens  were  side-grooved  using  fine 
diamond  cutter  of  0.3  mm  thickness  to  a  depth  of  about  25%  of  the  specimen  thickness 
and  then  fracture  toughness  tests  were  performed.  Specimens  were  soaked  in  test 
temperature  for  15  min  and  in  a  vacuum  of  better  than  4  mPa  before  testing. 
Fractographical  studies  were  performed  using  SEM. 


Room  temperature  fracture  toughness  (KJ  estimated  using  sufficiently  thick  Ti-47AI- 
3Cr  CT  specimens  yielded  an  average  value  of  34.8  MPam**.  The  apparent  fracture 
toughness  (KJ  values  obtained  using  side-grooved  bend  specimens  were  almost  equal 
to  those  obtained  using  CT  specimens  (Figure  2).  Thus,  this  relatively  simple  technique 
using  side-grooved  single  specimen  for  estimating  a  acceptable  fracture  toughness 
value,  which  can  be  considered  to  be  the  plane  strain  fracture  toughness,  is  found 
satisfactory  at  room  temperature.  Estimated  Jfcfracture  toughness  at  room  and  elevated 
temperature  are  shown  in  Figure  3. 


In  spite  of  similar  heat  treatment  conditions,  difference  in  aluminium  content  in  gamma 
base  titanium  aluminides  resulted  in  different  microstructures  (Figure  1(a)  &  (b)).  At 
room  temperature,  the  fracture  toughness  of  T1-46AI  with  lamellar  microstructure  was 
very  high  compared  to  the  equiaxed  Ti-50AJ.  This  is  consistent  with  the  results  of 
previous  investigations  [3,4],  Kampe  et  al  [4]  have  reported  decreasing  fracture 
toughness  with  increasing  volume  fraction  of  equiaxed  grains.  The  initiation  fracture 
toughness  values  strongly  depend  on  the  microstructure  in  the  crack-tip  region.  In  the 
case  of  equiaxed  material,  this  effect  is  negligible  and  have  no  influence  on  the  fracture 
toughness  values.  But,  in  Ti-46A1,  the  alignment  of  hard  a2  laths  to  the  crack  plane  in 
the  crack-tip  region  decides  the  stress  required  to  fracture  and  thus  the  fracture 
toughness  values.  When  the  crack  plane  is  nearly  perpendicular  to  the  aji  lath, 
toughening  due  to  crack-tip  blunting  plays  a  significant  role.  When  the  crack  plane  is 
at  an  angle  to  the  c^/y  lath,  the  crack  tip  is  not  straight  and  the  deflected  crack  tip 
increases  the  fracture  toughness.  In  addition,  a  straight  fatigue  precrack  was  obtained 
in  the  case  of  T1-50AI  compared  to  Ti-46AI  in  spite  of  similar  precracking  conditions. 
A  large  number  of  interlocking  and  bridging  between  crack  surfaces  in  the  fatigue 
precrack  region  which  induces  the  stress  shielding  effect,  may  also  contribute  to  the 
fracture  toughness  of  Ti-4€Ai. 

Fracture  surface  morphology  of  the  binary  materials  are  shown  in  Figure  4.  For  the 
binary  TI-50AJ,  the  room  temperature  fracture  was  totally  transgranular  cleavage  with 
typical  'river-patterns'  (Figure  4(a))  indicating  very  brittle  nature  of  fracture  associated 
with  low  fracture  toughness.  The  fracture  surface  of  T1-46AI  showed  different  fracture 
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Figure  2  -  Fracture  Toughness  (Kc)  vs  Temperature  using 
Side-grooved  Bend  Specimens. 
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Figure  3  -  Fracture  Toughness  (Jlc)  vs  Temperature 
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Intralamellar  (along  lamellar  lath  as  shown  in  Figure  4(b))  and  transtametlar  (across 
lamellar  ajy  interphase  as  shown  in  Figure  4(c))  fracture  were  observed. 

The  fracture  toughness  of  binary  materials  was  more  or  less  constant  up  to  600°C. 
Fracture  surfaces  of  the  TI-50AI  specimens  tested  at  600°C  were  also  characterized 
by  dominant  transgranular  cleavage  mode  of  fracture.  The  slip-plane  fracture  with  saw 
toothed  zigzag  planes  were  also  observed  (Figure  4(d)). 

With  further  increase  In  temperature,  fracture  toughness  increased  up  to  a  critical 
temperature  and  then  decreased  tor  both  the  binary  materials.  Upsitt  et  ai  [8]  have 
investigated  the  deformation  substructure  of  TiAl  up  to  900°C  and  suggested  that  the 
mobility  of  dislocation  controls  the  plasticity  of  TiAl.  Dislocations  are  Immobilized  below 
700°C  by  an  unknown  obstacle  [8]  and  results  In  low  fracture  toughness  below  700°C. 
Above  this  temperature,  the  increase  in  the  mobility  of  dislocations  increases  ductility 
and  fracture  toughness.  At  intermediate  temperatures  (around  800°C),  intergranular 
fracture  dominates  for  both  the  binary  aluminides  (Rgure  4(e)  &  (f)).  In  the  case  of  Ti- 
50AI  with  mostly  equlaxed  y  grains,  the  grain  boundaries  are  straight  and  offers  less 
resistance  to  fracture.  But,  in  the  case  of  H-46AI  with  lamellar  microstructure,  the  grain 
boundary  is  serrated  and  this  increases  resistance  to  fracture.  In  addition,  interstitial 
oxygen  content  in  TI-46AJ  was  low  compared  to  T1-50AI  (Table  I)  and  this  generally 
increases  the  grain  boundary  cohesion.  This  high  grain  boundary  cohesive  strength  of 
71-46AI  results  in  higher  fracture  toughness  compared  to  H-50AI  at  800°C.  The 
maximum  fracture  toughness  was  obtained  at  the  same  temperature  about  800°C  for 
the  binary  materials.  Ductile  dimple  fracture  was  dominant  at  1000°C  in  both  the  binary 
materials  (Figure  4(g)  &  (h)).  Recrystallization  may  be  the  one  reason  for  the  softening 
at  1000°C  and  causes  decrease  in  strength  and  toughness  of  the  material. 

Effects  of  Chromium  Addition 

The  room  temperature  fracture  toughness  of  Ti-47AI-3Cr  was  very  high  compared  to 
the  binary  T1-50AI.  Presence  of  hard  lamellar  colonies  in  Ti-47AI-3Cr  increases  the 
fracture  toughness.  The  fracture  toughness  of  chromium  alloyed  material  is  more  or  less 
equal  to  that  of  lamellar  TI-48AI  at  room  temperature  and  the  fractographs  revealed 
dominant  transgranular  cleavage  type  of  fracture  as  shown  in  Figure  5  (a).  The  high 
room  temperature  fracture  toughness  can  be  attributed  to  increased  slip  and  twinning 
activity  due  to  the  addition  of  chromium,  niobium  and  vanadium  to  gamma  base  titanium 
aluminides  [1].  Addition  of  chromium  also  strengthens  and  stabilizes  the  a2  phase  [12] 
and  permits  easy  mobility  of  dislocations.  This  increase  in  mobility  of  dislocations 
contributes  for  the  improvement  in  toughness.  In  addition,  small  amounts  of  ductile  jS 
phase  contained  in  T!-47AI-3Cr  also  contribute  for  increasing  fracture  toughness. 

With  increasing  temperature  the  fracture  toughness  increased  dramatically 
compered  to  other  materials  investigated  and  the  maximum  fracture  toughness  was 
obtained  at  about  800°C.  Grain  boundary  separation  was  dominant  mode  of  fracture  in 
the  specimens  fractured  at  600°C,  which  indicates  that  the  addition  of  chromium 
increases  the  tendency  of  intergranular  fracture  In  the  material  investigated.  But  in  the 
case  of  bend  specimens  [10],  cavities  or  dimples  were  also  observed  on  the  fracture 
surfaces.  Generally,  it  is  considered  as  cavities  are  nucleated  from  the  second  phase 
material  or  point  defects,  either  vacant  lattice  sites  or  interstitial  atoms  at  higher 
temperatures.  From  the  shape  and  size  of  cavities,  it  is  clear  that  the  cavities  might 
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Figure  5  -  Fractographs  of  ternary  y-base  titanium  aluminides. 


have  been  formed  due  to  the  intergranular  fracture  of  /3  grains  from  the  base  material. 
The  increase  in  the  amount  of  second  phase  and  impurities  in  Ti-47AI-3Cr  might  have 
accelerated  the  cavity  nucleation  process.  The  plasticity  of  the  jS  phase  [9]  also 
contributes  to  the  increased  fracture  toughness.  This  type  of  fracture  feature  was  not 
observed  in  the  other  materials  investigated.  With  further  increase  in  temperature,  the 
concentration  of  cavities  considerably  increased  and  at  1000°C  the  specimen  exhibited 
entirely  ductile  dimple  like  fracture  (Figure  5(b)).  No  effect  of  chromium  addition  on  the 
transition  temperature,  which  coincided  with  those  in  Ti-50AI  and  T1-46AI  was  found. 


In  spite  of  similar  processing  conditions,  the  final  microstructure  resulted  after 
homogenization  treatment  for  the  niobium  alloyed  material  was  fully  lamellar  compared 
to  the  equiaxed  microstructure  for  the  Ti-50A1  and  the  duplex  microstructure  for  the  Ti- 
47AI-3Cr.  An  increased  amount  of  a2  phase  was  obtained  in  Ti-47AI-3Nb  compared 
to  Ti-47AI-3Cr.  The  presence  of  hard  a,  laths  results  in  increased  fracture  toughness 
compared  to  binary  T1-50AJ.  The  fracture  toughness  of  Ti-47AI-3Nb  was  more  or  less 
equal  to  that  of  71-46A1  which  also  has  the  similar  lamellar  microstructure  but  with 
coarse  grains.  Increased  slip  activity  due  to  addition  of  niobium  might  have  resulted  in 
high  fracture  toughness  for  Ti-47AI-3Nb  [1 ,6].  The  room  temperature  fracture  surface 
of  Ti-47AI-3Nb  was  characterized  by  transgranular  cleavage  type  of  fracture  similar  to 
T1-46AJ. 
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The  fracture  toughness  of  Tl-47AI-3Nb  was  more  or  less  constant  up  to  600°C 
similar  to  the  binary  materials.  Increased  grain  boundary  fracture  was  observed  in  the 
niobium  alloyed  material  at  low  temperatures  (Figure  5(c)).  The  fracture  surface  of  the 
material  tested  below  800°C,  revealed  mixed  transgranular  cleavage  and  intergranular 
fracture  mode.  The  fracture  toughness  of  Tl-47AI-3Nb  increased  dramatically  above 
800°C.  The  fracture  toughness  was  maximum  at  1000°C  and  thereafter  decreased. 
Sobeyojo  et  ai  [6]  have  reported  the  increased  dislocation  density  in  niobium  alloyed 
material  compared  to  the  binary  material.  Increased  slip  activity  above  800‘C  increases 
ductility  and  fracture  toughness  of  the  niobium  alloyed  material.  In  addition,  curvature 
of  lamellae  was  observed  by  Sobeyojo  et  ai  [6]  in  the  niobium  alloyed  material  above 
982°C.  The  extensive  bowing  of  lamellae  was  attributed  to  the  sliding  between  lamellae 
interfaces  [6].  Fine  lamellae  thickness  (lath  thlckness-0.2  pm)  also  enhance  the 
lamellae  bowing  in  the  niobium  alloyed  materials.  This  causes  high  fracture  toughness 
in  niobium  alloyed  material  above  800°C  and  increases  the  brittle-ductile  transition 
temperature.  The  fracture  surface  of  fracture  toughness  specimens  tested  at  1000°C 
revealed  ductile  tearing  as  the  dominant  mode  of  fracture  (Figure  5(d)). 

Conclusions 

Fracture  toughness  experiments  were  carried  out  at  different  temperatures  for  binary 
and  ternary  gamma  base  titanium  aluminides.  Based  on  the  above  investigations 
following  conclusions  were  obtained. 

1)  The  room  temperature  fracture  was  entirely  transgranular  cleavage  for  the  binary 
material  and  increased  a2  phase  resulted  in  a  lamellar-type'  fracture  mode.  The  fracture 
mode  changed  from  dominant  low  temperature  transgranular  cleavage  to  intergranular 
fracture  at  intermediate  temperatures.  At  high  temperatures,  ductile  tearing  was 
observed  in  the  materials  investigated. 

2)  Fracture  toughness  of  gamma  base  titanium  aluminides  strongly  depend  on  the 
microstructure  and  composition.  Materials  with  lamellar  microstructure  possessed  high 
room  temperature  fracture  toughness. 

3)  The  fracture  toughness  of  three  phase  (y+cij+jB)  Ti-47AI-3Cr  material  was  high 
compared  to  two  phase  (y+aj  titanium  aluminides  and  fracture  toughness  increased 
drastically  at  lower  temperatures  compared  to  other  materials  investigated. 

4)  Niobium  addition  has  no  effect  on  low  temperature  fracture  toughness  of  the 
gamma  base  titanium  aluminides  but  increases  the  fracture  toughness  above  800°C. 

5)  With  increasing  temperature,  the  fracture  toughness  increased  up  to  a  critical 
temperature  depending  up  on  the  composition  and  then  decreased.  The  brittle-ductile 
transition  temperature  was  affected  due  to  addition  of  niobium,  while  chromium  addition 
had  no  influence  on  the  brittle-ductile  transition  temperature. 
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Abstract 

This  paper  reports  on  ductility  of  B-ffee  Ni,Al  alloys.  Recrystallized  Ni,Al  binary 
alloys  with  Ni-rich  compositions  show  appreciable  ductility  when  an  environmental  effect  is 
eliminated,  while  the  alloys  with  stoichiometric  and  Al-rich  compositions  remain  brittle.  The 
ductility  in  the  Ni-rich  Ni3  A1  alloys  is  associated  with  low  ordering  energy. 

The  additions  of  ternary  elements,  which  are  classified  as  y  formers,  ductilize  ternary 
NijAl  alloys(Ni-23  at%Al-2  at%X,  X=Pd,  Pt,  Cu  and  Co),  whereas  the  additions  of  y ' 
formers  embrittle  ternary  Ni,Al  alloys(Ni-23  at%Al-2  at%X,  X=Ta,  Mo,  Nb,  Zr,  Hf,  V,  Ti 
and  Si) .  The  additions  of  small  amounts  (less  than  1  at%)  of  y  '  formers  such  as  Zr  and  Hf 
also  ductilize  as-cast  ternary  Ni^Al  alloys.  Ductility  of  Ni,Al  alloys  doped  with  substitutional 
elements  is  discussed  in  terms  of  ordering  energy  and  microstructure. 
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Introduction 


It  has  been  found  that  Ni}Al  alloys  are  dnctitiwxl  both  by  microalioying  with  B[l]  and 
by  macroalloying  with  Pd,  Pt,  Cu  and  Co  [2-4).  Extensive  studies  have  revealed  that  the 
dnctiliration  by  microalloying  is  interpreted  in  terms  of  high  cohesive  strength  at  grain  boundaries 
caused  by  B  segregation,  while  the  ductilization  by  macroalloying  is  associated  with  lowering 
ordering  energy.  Aotri  and  Izunu  reported  that  NiyM  alloys  are  ductilired  not  only  by  the 
addition  of  B  but  also  by  the  addition  of  a  substitutional  element  such  as  Zr  [5,6].  Guo  et  al.[7] 
and  George  et  al.[8]  also  found  ductilizadon  of  Ni}Al  alloys  by  Zr  additions.  The  addition  of 
Zr  to  NijAl  has  been  revealed  experimentally  and  theoretically  to  raise  ordering  energy.  Therefore, 
die  ductihzatkn  by  Zr  addition  can  not  be  explained  in  terms  of  ordering  energy. 

It  is  widely  known  that  ductile  nickel-base  superalloys  contain  the  minor  elements  such 
as  B,  C,  Zr  and  Hf  [9].  The  additions  of  these  elements  to  nickel-base  superalloys  are 
generally  believed  to  increase  grain  boundary  strength  and  cohesion  and  eventually  to  suppress 
intergranular  fracture,  although  the  underlying  mechanisms  are  not  well  understood.  Among 
these  minor  elements,  it  has  been  confirmed  that  B  additions  are  effective  in  ductilizing  Ni,Al 
alloys[l,10],  while  C  additions  have  little  effect  [11].  However,  ductilization  of  Zr-  and 
Hf-doped  Ni,Al  ternary  alloys  has  not  been  systematically  studied. 

This  paper  aims  to  describe  the  relation  between  ductility  of  Ni,Al  alloys  and  ordering 
energy  and  to  demonstrate  the  effect  of  Zr  and  Hf  additions  on  ductility  of  Ni,Al  alloys  in 
comparison  with  nickel-base  superalloys  for  die  better  understanding  of  Zr  and  Hf  behavior  in 
the  alloys. 

Effect  of  Ordering  Energy  on  Ductility  of  Ni,  Al  Alloys 

It  has  been  found  that  ductility  of  binary  Ni,Al  alloys  in  the  composition  range  from  23 
to  26  at%Al  increases  with  decreasing  A1  concentration,  using  recrystallized  samples  with  an 
average  grain  size  of  approximately  100  pi  m  which  were  prepared  by  repeated  cold  forging 
and  annealing  [12].  A  single  phase  of  Ni3Al  was  found  in  this  composition  range  by  optical 
and  transmission  electron  microscopy  in  agreement  with  the  result  on  the  phase  diagram  of  the 
Ni-Al  system  [13].  Tensile  tests  performed  at  290  K  in  a  vacuum  of  10 1  Pa  revealed  that 
ductility  indicates  a  pronounced  alloy  stoichiometry  effect.  However,  recent  studies  on 
environmental  embrittlement  have  shown  that  the  vacuum  of  10 3  Pa  is  insufficient  for  suppression 
of  the  embrittlement  [14],  suggesting  that  tensile  properties  without  environmental  embrittlement 
should  be  examined  in  a  vacuum  of  at  least  less  than  10"*  Pa.  Otherwise  it  may  be  a  convenient 
way  to  measure  ductility  of  NijAl  alloys  in  liquid  nitrogen,  since  water  in  air  is  frozen  at  77  K 
and  die  chemical  reaction  between  A1  and  H20.  which  is  considered  to  cause  the  environmental 
embrittlement,  is  suppressed.  The  result  is  shown  in  Fig.l,  where  ductility  at  290  K  in  a 
vacuum  of  10"J  Pa  [12]  is  also  included.  It  is  evident  that  elongation  is  much  larger  at  77  K 
than  at  290  K  in  the  composition  range  tested.  This  suggests  that  the  elongation  at  290  K  is 
affected  by  moisture-induced  environmental  embrittlement.  It  should  be  noted  in  Fig.l  that 
ductility  increases  with  decreasing  A1  concentration.  Recendy,  Liu  [15]  have  reported  that 
binary  Ni,Al  alloys  containing  24  and  23.5  at%Al  show  tensile  ductility  of  7.2  and  8.2%  at 
room  temperature  in  dry  oxygea  These  results  indicate  that  tensile  ductility  in  Unary  NijAl 
alloys  depends  on  the  composition. 

Cahn  et  al.  [16]  have  shown  from  the  experiments  of  thermal  dilatometry  and  high 
temperature  X-ray  diffractometry  that  the  order-disorder  transition  temperature  for  binary  NiyAl 
alloys  decreases  with  decreasing  Al  concentration.  On  the  basis  of  the  cluster  variation  method 
Enomoto  and  Harada  [17]  have  also  reported  the  similar  tendency  to  Cahn  et  al.  Chiba  et  al. 
[18]  have  more  recently  observed  the  domain  structures  of  melt  spun  binary  Ni,AI  ribbons. 

No  apparent  anti-phase  domain  ( APD)  was  observed  in  Ni-26  and  25  at%Al,  while  APDs  were 


Fig.  1  Ductility  of  recrystallized  NijAl  Unary  alloys  at  77  K  as  a  function  of  A1 

concentration. The  dotted  line  indicates  ductility  at  290  K  in  a  vacuum  of  1  O' 2  Pa. 

distinctly  seen  in  Ni-rich  Ni3Al  alloys.  The  domain  size  was  found  to  become  fine  with 
increasing  Ni  concentration.  These  observations  imply  that  ductilization  of  B-free  Ni-rich 
NijAl  alloys  is  attributed  to  lowering  ordering  energy. 

Acid  and  and  Vitek  [19]  have  calculated  the  atomic  structures  of  grain  boundaries  in  Ll2 
ordered  alloys.  They  found  that  grain  boundaries  in  strongly  ordered  alloys  show  very  little 
relaxation,  resulting  in  the  presence  of  columns  of  cavities  in  the  boundaries,  whereas  grain 
boundaries  in  weakly  ordered  alloys  show  extensive  relaxation,  leading  to  much  more 
homogeneous  structures.  This  implies  that  a  Ni-rich  NijAl  alloy  with  low  ordering  energy  is 
ductilized  because  of  high  cohesive  strength  at  grain  boundaries.  Besides  the  structural  change 
in  grain  boundaries,  dislocation  reactions  at  grain  boundaries  are  facilitated  by  lowering  ordering 
energy.  Consequently,  a  great  number  of  dislocation  reactions  become  available.  This  leads  to 
the  relaxation  of  stress  concentration  at  grain  boundaries  produced  by  piling-up  of  dislocations 
aid  to  ductility  improvement.  King  and  Yoo  [20]  have  calculated  numbers  of  allowed  dislocation 
reactions  between  glide  dislocations  and  grain  boundary  dislocations  in  ordered  alloys.  They 
revealed  that  die  number  of  available  reactions  is  always  lager  a  grain  boundaries  of  disordered 
alloys  than  a  grain  boundaries  of  ordered  alloys.  Thus,  a  NijAl  aioy  with  low  ordering 
energy  is  ductilized  because  of  the  ease  of  dislocation  reactions  a  grain  boundaries 

It  is  suggested  from  the  results  described  above  tha  a  ternary  NijAl  aioy  is  ductilized  if 
the  addition  of  a  ternary  element  lowers  the  ordering  energy.  The  change  of  ordering  energy 
due  to  the  addition  of  a  ternary  element  has  been  discussed  on  the  basis  of  thermodynamic 
calculation  [21],  cluster  variation  method  [17],  experimental  and  thermodynamic  investigation 
[13]  and  microstructural  observation  of  APDs  [22].  These  results  are  consistent  with  each 
other.  One  of  the  results,  obtained  by  Jia  [13],  is  shown  in  Fig.2(a),  where  the  interaction 
parameter  between  Ni  and  a  ternary  element  X,  ,  is  {dotted  against  ,  the  interaction 
parameter  between  A1  and  X.  He  concluded  that  ternary  elements  added  to  Ni,Al  alloys  are 
classified  as  y  formers  and  y '  formers.  Furthermore,  he  showed  that  when  an  alloying 
element  X  tends  to  substitute  for  the  AJ  site  in  Ni}Al,  the  addition  of  X  stabilizes  the  y '  phase( 
7 '  former),  whereas  when  X  tends  to  substitute  for  the  Ni  site,  the  y  phase  is  stabilized  by 
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(kJ/mol) 

Fig.2(a)  Relation  between  the  interaction  parameters  V*  and  [13]. 

the  addition  of  X  ( y  former).  Therefore,  it  is  suggested  that  the  stronger  the  tendency  for  a 
ternary  element  to  substitute  for  the  Ni  site,  the  more  the  ordering  energy  of  Ni}Al  decreases. 
As  shown  in  Rg.2(a),  Pd  is  situated  farthest  above  die  divided  line.  This  means  that  Pd  has  the 
strongest  tendency  to  substitute  for  the  Ni  site.  Recent  results  on  ALCHEMI  have  confirmed 
this  preferential  substitution  [23] . 

Several  elements  in  Fig.2(a)  were  added  to  Ni,Al  in  compositions  of  Ni-23  at%Al-2 
at%X(X=Pt,  Pd,  Cu,  Co,  Cr,  Fe,  Mn,  Ta,  Mo,  Nb,  Zr,  Hf,  V,  Ti  and  Si)  and  arc-melted 
alloys  were  tensile  tested  at  room  temperature  in  a  vacuum  of  102  Pa.  Results  are  summarized 
in  Fig.2(b).  Ductilization  aid  embrittlement  caused  by  the  ternary  additions  are  estimated  by 
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comparing  ductility  in  ternary  alloys  with  ductility  in  the  Unary  Ni-23  at%Al  alloy.  It  is 
obvious  that  Ni,AJ  is  ductilized  by  the  addition  of  y  formers,  whereas  the  embrittlement 
appears  by  the  addition  of  y '  formers.  No  significant  change  in  ductility  was  observed  in  the 
ternary  alloys  (toped  with  Cr,  Fe  and  Mn  which  are  located  near  the  divided  line,  although  they 
are  classified  as  y  -formers.  To  rule  out  a  possibility  that  the  ductility  improvement  by  ternary 
additions  is  not  intrinsic  but  it  results  from  suppression  of  environmental  embrittlement,  ductility 
of  Pd -doped  Ni,Al  was  investigated  in  different  environments.  Fig. 3  shows  stress-strain 
curves  for  recrystallized  Ni-23  at%Al-2  at%Pd  with  an  average  grain  size  of  about  50  /<  m.  The 
alloy  exhibits  evidently  environmental  embrittlement  It  should  be  noted,  however,  that  18% 
elongation  in  oxygen  is  larger  than  1 3%  elongation  of  recrystallized  Ni-23  at%Al  in  oxygen. 
Also,  ductility  was  higher  in  as-cast  Ni-23  at%Al-2  at%Pd  than  in  as-cast  Ni-23  at%AL  Thus, 
it  is  concluded  that  ductility  in  Ni,Al  alloys  is  related  to  ordering  energy. 


Fig.3  Stress-strain  curves  for  recrystallized  Ni-23  at%Al-2  at%Pd  in  different  environments. 
Ductility  of  Zr-  and  Hf -doped  Ni,Al  Alloys 

Rg.4  shows  composition  dependence  of  elongation  and  yield  stress  of  as-cast  Ni-23 
at%Al  alloys  doped  with  Zr  at  room  temperature  in  dry  oxygen.  Elongation  increases  remarkably 
with  increasing  Zr  concentration  and  exhibits  a  peak  of  approximately  30%  at  0.4  at%Zr, 
although  yield  stress  increases  gradually.  Elongation  of  as-cast  Ni,Al  alloys  doped  with  0.4 
at%Zr  is  plotted  in  Fig.5  as  a  function  of  A1  concentration.  One  can  see  a  pronounced  alloy 
stoichiometry  effect  Very  little  ductility,  which  is  equivalent  to  that  of  binary  NijAl  alloys,  is 
obtained  at  24~26  at%Al.  With  further  decreasing  A1  concentration  elongation  increases  rapidly 
and  readies  35%  elongation  at  22  at%Al  in  contrast  to  binary  Ni-23  at%Al  which  showed  5% 
elongation  at  23  at%Al. 

ReoystaHized  Zr-doped  Ni,Al  alloys  with  an  average  grain  size  of  about  100  n  m  were 
prepared  by  repeated  cold  forging  and  annealing.  Yield  stress  and  elongation  are  plotted  in 
fig.6  as  a  function  of  Zr  concentration.  It  is  evident  that  ductility  of  Zr-doped  Ni,Al  alloys  is 
slightly  less  than  the  binary  alloy  and  decreases  with  increasing  Zr  concentration.  Surprisingly, 
elongation  is  larger  in  the  as-cast  Zr-doped  alloys  (Rg.4)  than  in  the  recrystallized  alloys  at 
compositions  higher  than  0.2  at%Zr.  Low  ductility  of  the  alter  might  be  explained  by  the 


231 


i 


Zr  concentration  (at  %) 

Fig.4  Ductility  and  yield  stress  of  as-cast  Ni-23  at%Al  alloys  doped  with  Zr  at  room  temperature 
in  dry  oxygen  as  a  function  of  Zr  concentration. 


Fig.5  Ductility  of  as-cast  Ni,  Ai  alloys  doped  with  0.4  at%Zr  at  nxxn  temperature  in  dry 
oxygen  as  function  of  Al  concentration. 

introduction  of  microcracks  during  cold  forging  which  is  associated  with  initiation  of  failure  in 
tensile  tests.  However,  since  the  decrease  in  ductility  of  the  latter  is  gradual  with  Zr  concentration 
in  contrast  to  the  rapid  increase  and  subsequent  decrease  in  ductility  of  the  former,  less  ductility 
of  the  re  crystallized  alloys  is  considered  to  be  intrinsic.  In  the  preceding  section  it  was 
illustrated  that  the  ductility  of  the  ternary  Ni,Al  alloys  can  be  interpreted  in  toms  of  ordering 
energy.  Zr  is  classified  as  a  y  '-former  whose  addition  to  Ni,Al  raises  ordering  energy  and 
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To  check  this,  the  cast  alloys  were  annealed  at  1373  K  for  24  h.  According  to  Auger  analyses 
flat  grain  boundaries  without  Z r  segregation  were  produced  and  ductility  of  the  0.4  at%Zr -doped 
alloy  became  to  be  equivalent  to  that  of  the  as-cast  binary  alloy.  It  is  now  recognized  that  a  Zr 
addition  ductihaes  Ni  and  Ni-base  superalloys  by  inhibiting  segregation  of  impurities  such  as  S 
to  grain  boundaries  through  sulfide  formation.  Using  Auger  analysis,  Liu  et  al.  [10]  have 
detected  sligte  concentrations  of  Son  gram  boundaries  of  Ni-24at%AL  Therefore,  the  ductilization 
of  the  as-cast  Zr-doped  Ni,Al  alloys  may  be  explained  partly  by  supression  of  S  segregation  to 
grain  boundaries.  The  effect  of  Zr  segregation  in  the  as-cast  NijAl  alloys  on  ductility  is  not 
clear  at  present 

Lozinskiy  et  al.  have  systematically  investigated  the  concentration  dependence  of  the 
ductility  in  S-  and  Zr-doped  Ni  and  found  the  ductility  improvement  by  Zr  additions  [24]. 
Doherty  et  al.  [25]  have  studied  ductility  improvement  of  a  superalloy  by  small  additions  of 
minor  elements,  and  they  found  that  Hf  has  the  same  effect  as  Zr.  That  is,  the  ductility  against 
Zr  and  Hf  concentrations  shows  a  pronounced  peak.  They  explained  that  the  occurrence  of  the 
peak  in  the  ductility  against  dopant  concentration  is  due  to  a  combination  of  ductility  improvement 
caused  by  the  suppression  of  S  segregation  to  grain  boundaries  and  the  embrittlement  from  the 
formation  of  intermetallic  phases,  e.g.  NisHf,  NisZr,  etc.  at  grain  boundaries.  Referring  to  their 
results,  the  effect  of  small  additions  of  Hf  to  NijAl  alloys  was  investigated  as  a  function  of  Hf 
concentration.  The  results  are  plotted  in  Figs.  8  and  9  for  as-cast  and  recrystallized  Ni3Al 
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Fig. 8  Ductility  an  dyieki  stress  of  as-cast  Ni-23  at%Al  alloys  doped  with  Hf  at  room  temperature 
in  dry  oxygen  as  a  function  of  Hf  concentration. 

alloys.  It  is  apparent  from  the  comparison  with  Figs.4  and  6  that  the  concentration  dependence 
of  ductility  in  the  Hf-doped  Ni,Al  alloys  is  very  similar  to  that  in  the  Zr-doped  ones.  Zr  and  Hf 
are  reported  to  dissolve  substitutionally  in  Ni,Al.  The  solubility  limit  at  1273K  is  in  excess  of 
at  least  1  at%.  This  means  that  no  intermetallic  phase  forms  by  the  additions  of  Zr  and  Hf  in 
concentrations  up  to  1  at%  of  this  work.  Therefore,  embrittlement  of  Zr-  and  Hf-doped  Ni,Al 
alloys  is  attributable  to  high  ordering  energy.  Thus,  it  is  suggested  that  various  factors  are 
concerned  with  the  ductility  of  as-cast  Zr-  and  Hf-doped  NijAl  alloys;  i)  elimination  of  S 
segregation  at  grain  boundaries  and  ii)  morphology  change  in  grain  boundary ,  which  result  in 
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Fig.9  Ductility  and  yield  stress  of  reciystallized  Ni-23  at%Al  alloys  doped  with  Hf  at  room 
temperature  in  dry  oxygen  as  a  function  of  Hf  concentration. 

ductility  improvement,  iii)  increase  in  ordering  energy,  which  leads  to  embrittlement.  On  the 
other  hand  Hf  additions  to  Ni-base  superalloys  are  believed  to  increase  cohesive  strength  at 
grain  boundaries  [25].  More  detailed  studies  on  chemistry,  structure  and  morphology  of  grain 
boundaries  are  now  in  progress. 


Summary 


Ductility  of  binary  and  ternary  NijAl  alloys  was  investigated  under  conditions  where 

environmental  embrittlement  is  eliminated.  The  obtained  results  are  summarized  as  follows. 

(1)  Ductility  of  B- undoped  Ni,Al  binary  alloys  exhibits  a  marked  alloy  stoichiometry  effect,  that 
is,  ductility  increases  with  decreasing  A1  concentration. 

(2)  2  at%  additions  of  y  formers  such  as  Pd,  Pt,  Cu  and  Co  to  Ni-23  at%Al  ductilize  the 
ternary  alloys,  whereas  2  at%  additions  of  y  '  such  as  Ta,  Mo,  Nb,  Zr,  Hf,  V,  Ti  and  Si 
embrittle  the  alloys.  No  significant  change  in  ductility  appears  by  the  additions  of  weak  y 
formers  such  as  Fe,  Mn  and  Cr. 

(3)  Ductility  of  binary  and  ternary  Ni,  A1  alloys  is  interpreted  in  terms  of  ordering  energy. 

(4)  Zr  and  Hf  additions  less  than  1  at%  ductilize  as-cast  Ni,A]  alloys  probably  by  roughening 
grain  boundaries  and  suppressing  S  segregation  to  grain  boundaries.  The  ductilization 
disappears  after  recrystallization. 
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ABSTRACT 


A  methodology  for  the  straightforward  and  consistent  evaluation  of  the 
constituent  properties  of  CMCs  is  summarized,  based  on  analyses  from  the  literature. 
The  results  provide  a  constitutive  law  capable  of  simulating  the  stress /strain  behavior 
of  these  materials.  The  approach  is  illustrated  using  data  for  two  CMCs:  SiC/CAS  and 
SiC/SiC-  The  constituent  properties  are  also  used  as  input  to  mechanics  procedures  that 
characterize  stress  redistribution  and  predict  the  effect  of  strain  concentrations  on 
macroscopic  performance. 
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1.  INTRODUCTION 


For  the  structural  application  of  ceramic  matrix  composites  (CMCs),  it  is  necessary 
to  have  a  methodology  that  prescribes  the  influence  of  strain  concentrations,  such  as 
notches,  on  tensile  properties.  Ideally,  this  methodology  should  have  explicit 
connections  to  the  constituent  properties  (fibers,  matrix,  interface),  such  that  efficient 
design  procedures  can  be  implemented.  This  article  contributes  toward  this  objective  by 
surveying  the  tensile  properties  of  CMCs  and  the  mechanisms  that  govern  their 
properties,  in  a  manner  that  leads  to  a  methodology  for  relating  macroscopic  behavior 
to  constituent  properties.  A  mechanics  approach  that  addresses  the  influence  of  strain 
concentrations  is  then  summarized  and  compared  with  preliminary  experimental 
results. 

CMCs  usually  have  substantially  lower  notch  sensitivity  than  monolithic  brittle 
materials1*4  and,  in  several  cases,  exhibit  notch  insensitive  behavior.5*7  This  desirable 
characteristic  of  CMCs  arises  because  the  material  may  redistribute  stresses  around  strain 
concentration  sites.  There  are  two  fundamental  mechanisms  of  stress  redistribution.*8*12 
(i)  distributed  matrix  cracking  and  (ii)  fiber  failure  involving  pull-out.  An  understanding 
of  these  effects  provides  a  basis  far  devising  a  methodology  to  characterize  and  predict 
properties.  In  most  CMCs,  the  linear  Elastic  Fracture  Mechanics  (LEFM)  methodology 
successfully  devised  for  metals  cannot  be  used,2'8'12*14  because  failure  does  not  occur  by 
the  propagation  of  a  dominant  mode  I  crack.  Alternative  mechanics  are  needed,  based 
on  the  actual  mechanisms  of  failure.  A  mare  relevant  mechanics  is  that  based  on  the 
Large-Scale  Bridging  of  matrix  cracks  by  fibers8'18*15  (LSBM).  However,  even  LSBM  is 
inadequate.  It  must  be  augmented  by  Continuum  Damage  Mechanics  (CDM)16  in  order 
to  establish  a  rigorous  methodology. 

The  basic  approach  has  the  following  features.  An  informed  background  needed 
for  progress  is  provided  by  experimental  results  used  in  conjunction  with  models  of 


matrix  cracking  and  fiber  failure.  The  matrix  cracking  and  fiber  failure  observations  are 
conducted  on  2-D  materials  in  tension  and  shear.  Large-Scale  Bridging  Mechanics  are 
used  to  rationalize  the  observed  damage  mechanisms.  The  tensile  properties  measured 
in  the  presence  of  holes  notches,  when  combined  with  damage  observations, 
establish  the  mechanics  approach  needed  to  rationalize  the  influence  of  strain 
concentrations. 

The  strategy  is  facilitated  by  devising  mechanism  maps  that  use  non-dimensional 
parameters,  which  combine  the  basic  constituent  properties  listed  on  Table  I  in 
mechanistically  relevant  ways.  A  list  of  these  parameters  is  presetted  in  Table  IL  The 
most  successful  methodology  will  be  that  using  the  minimum  number  of  constituent 
properties  needed  to  represent  the  constitutive  behavior.  At  mechanism  transitions,  die 
mechanics  needed  to  characterize  composite  behavior  often  change.12-17 

2.  BASIC  RESULTS  FOR  1-D  MATERIALS 
2.1  Phenomenology 

Models  for  a  range  of  damage  phenomena  found  in  1-D  CMCs,  have  been 
established  and  validated  by  experiment18-40  These  models  provide  the  basis  upon 
which  the  behavior  of  2-D  and  3-D  CMCs  can  be  addressed.  The  underlying 
phenomenology  involves  matrix  cracking  and  fiber  failure.  Matrix  cracks  form  first  and 
interact  with  predominantly  intact  fibers,2'18-24  subject  to  interfaces  that  debond,  at 
energy  Tj,  and  then  slide  at  a  constant  shear  stress,  T  .t  This  process  commences  at  a 
lower  bound  stress,  On*.  The  crack  density  increases  with  increase  in  stress  above  d^c 
and  may  eventually  attain  a  saturation  spacing,  3S-  The  details  of  crack  evolution  are 
governed  by  the  distribution  of  matrix  flaws.  The  matrix  cracks  reduce  the  elastic 

♦  More  rigorous  debonding  and  sliding  behaviors  have  been  analyzed,21  but  have  not  yet  been  (bund 
necessary  for  die  derivation  of  useful  constitutive  laws. 


modulus,  1,  cause  hysteresis  in  the  presence  of  sliding  interfaces,  and  also  induce  a 
permanent  strain,  Ep.  These  matrix  cracking  effects  are  schematically  illustrated  in 
Fig.  1.  Hie  intent  is  to  relate  these  quantities  to  die  constituent  properties  (Table  I) 
through  non-dimensional  parameters  (Table  ID- 

The  matrix  cracks  may  enhance  the  stress  on  the  fibers  and  encourage  fiber 
failure.8-15  However,  when  fiber  fails,  die  stress  does  not  reduce  to  zero  everywhere 
along  that  fiber.  Load  transfer  can  still  occur  through  the  sliding  stress,  X,  even  though 
die  matrix  has  many  cracks.25-27  As  a  result,  the  ultimate  tensile  strength  (UTS)  may 
exceed  die  value  expected  for  a  'dry  bundle'  (fibers  with  no  matrix).  Two  bounds 
appear  to  be  involved.  When  failed  fibers  and  matrix  cracks  do  not  induce  a  significant 
stress  concentration  within  intact  fibers,  global  load  sharing  (GLS)  applies.25  Then,  the 
effective  gauge  length  relevant  to  fiber  failure  is  governed  by  the  load  transfer  length. 
Consequently,  the  UTS  becomes  independent  of  the  actual  gauge  length.  Conversely, 
when  an  unbridged  segment  of  matrix  crack  exists  (because  of  processing  flaws,  etc), 
die  stress  concentration  induced  within  the  fibers  reduces  the  UTS.8'15  In  this  case,  fiber 
pull-out  appears  to  control  the  UTS-41  Constituent  properties  that  lead  to  this  transition 
in  behavior  will  be  discussed  below. 

2.2  Matrix  Cracks 

A  summary  of  the  matrix  cracking  results  is  presented,  which  apply  to  materials 
with  relatively  small  debond  energies  (SDE).  More  complete  results  are  presented 
elsewhere.21-24  Long  matrix  cracks  interacting  with  fibers  are  subject  to  a  steady-state 
condition,  which  leads  to  a  lower  bound  cracking  stress,  given  by2-18-19 
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where  q  is  the  residual  axial  stress  in  the  matrix,  which  is  related  to  the  misfit  strain.  Cl', 
by;19 


q/Em  =  p[E,/Et(l-v)]/Q  (lb) 

with  P  -  1.  The  first  important  non-dimensional  relationship  is  thus  (Table  ID, 

5«/Et  =  M*-pQ  (10 

As  multiple  matrix  cracking  develops,  the  slip  zones  from  neighboring  cracks 
overlap  and  produce  a  shielding  effect20'22  When  the  shielding  proceeds  to  completion, 
a  saturation  crack  density  results.  This  occurs  at  stress  0%,  with  an  associated  spacing, 
given  by20 

?./R  =  *[r.(W)V.//^Rf  (20 


The  coefficient  X  depends  on  crack  evolution:  periodic,  random,  etc  Recent  estimates22 
indicate  that,  X  “  1.6.  The  second  important  non-dimensional  formula  is  thus  (Table  ID, 

7,/R  =  (2b) 

The  actual  evolution  of  matrix  cracks  at  stresses  above  0mc  >s  governed  by  the  size 
and  spatial  distribution  of  matrix  flaws.  If  this  distribution  is  known,  the  evolution  can 


*  Q  may  be  related  to  the  thermal  expansion  coefficients  of  fiber  a /  and  matrix  am  by  , 
a  rn  (dm  -  a/) AT,  where  AT  is  the  cooling  range,  taken  as  a  positive  quantity.  However,  in  some 
cases,  there  are  additional  contributions  from  phase  transformation,  'intrinsic'  stress,  etc. 
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be  simulated20  (Fig.  2).t  A  simple  formula  that  can  be  used  to  approximate  crack 
evolution  is9 


t 


(3) 


Direct  application  of  Eqns.  (1)  to  (3)  requires  that  die  elastic  properties  be  known 
and,  moreover,  that  the  constituent  properties  (T ,  Tm  and  Q)  be  independently 
measured.9'30  However,  it  would  be  more  convenient  if  a  methodology  existed  that 
related  the  constituent  properties  to  readily  measured  macroscopic  features.  With  this 
objective,  a  series  of  formulae  have  been  derived  from  basic  solutions  for  debonding 
and  sliding  at  interfaces,  as  matrix  cracks  evolve21'24'31  Matrix  cracks  increase  the  elastic 
compliance.  Numerical  calculations  indicate  that  the  unloading  elastic  modulus,  E*,  is 
given  by31 


El/E’  -1  *  (R/7)a[/,E,/E„] 


(4) 


where  a  is  another  non-dimensional  function  (Fig.  3).  Initial  unloading  occurs  with 
modulus,  E*.  However,  the  displacements  caused  by  reverse  sliding  soon  dominate32'33 
These  lead  to  an  effective  unloading  /  reloading  modulus,  E,.  and  generate  a  hysteresis 
loop,  width  8e.  When  the  stress  Op  is  below  such  that  limited  slip  zone  overlap 
occurs,  the  unloading  modulus  and  the  loop  width  (Fig.  1)  are  independent  of  die  misfit 
strain,  Q,  but  relate  to  the  sliding  stress,  X .  They  are  also  independent  of  H,  for 
SDE.24-32  The  unloading  modulus  is  given  by23'24*31-32 


$  In  some  cases,  small  matrix  cracks  can  form  at  stresses  below  "Cfc*.2*2*  These  occur  either  within  matrix- 
rich  region*  or  around  processing  flaws.  However,  the  non-linear  composite  properties  are  usually 
dominated  by  fully-developed  matrix  cracks  that  form  at  stresses  above  d^K  (Pig.  1). 


EYE,.  -  \  +  9(E‘/9r 


(5) 


where#  is  the  third  important  non-dimensional  parameter  (Table  H)/  given  by 

#  *  bjfl-a^R^/tftE./2  (6) 

The  width  of  die  hysterisis  loop  Se  is24-32 

5e  -  2#(3/5p)[l-3/3p]  (7a) 

such  that  toe  loop  width  at  half  maximum,  5  £1/2  (at  a  =  Op/2),  is 

5ex  =  #/2  (7b) 

The  permanent  strain,  Ep,  is  sensitive  to  toe  sliding  stress  and  the  misfit,  as  well  as  the 
deband  energy.  It  is  given  by,21*24'32 

ep  =  2#[l-Il][l-Z,  +  2Lr]+e  (8) 

where  and  Lp  are  two  non-dimensional  parameters  (Table  II)  that  introduce  toe 
influence  of  the  debond  energy  fj  and  the  misfit  strain  ft,  given  by21-24'32 


and  e  is  the  extension  associated  with  relief  of  the  residual  stress  caused  by  matrix 
cracks,  in  the  absence  of  interhue  sliding,31 

e*  =  (EmfVE)[/aI/(l-a1/)][E/E.-l]  (10) 

The  above  results  can  be  combined  to  give  an  expression  feu  die  secant  modulus,  E*.24 
The  resulting  constitutive  law  may  be  used  to  simulate  stress /strain  curves.24  The 
results  may  also  be  used  to  evaluate  X,  Ti  and  Q,  provided  thatl(  has  been  measured, 
as  elaborated  below. 

At  stresses  above  5*,  the  behavior  is  less  weU-documented.  It  has  generally  been 
assumed  that  die  tangent  modulus  Et  is  dud  associated  exclusively  with  die  fibers,18 

E,  =  /E/  (11) 

However,  deviations  from  Eqn.  (11)  often  arise.22 

Finally,  it  is  noted  that  certain  matrices  (especially  oxides)  are  susceptible  to  stress 
corrosion  cracking.25  This  phenomenon  leads  to  time-dependent  matrix  cracking,  which 
can  occur  at  stresses  below  Oinc. 

2.3  Fiber  Failure 

Several  factors  are  important  concerning  fiber  failures  within  a  composite  matrix, 
(i)  Fibers  begin  to  fail  prior  to  the  UTS.25'27  At  the  UTS,  the  fraction  of  failed  fibers 
within  the  characteristic  length,  50  is  sufficient  that  the  remaining  intact  fibers  are 
unable  to  support  the  load,  (ii)  The  stochastic  nature  of  fiber  failure  dictates  that  the 
fiber  failure  sites  have  a  spatial  distribution  around  the  fracture  plane.  Consequently,  a 
frictional  pull-out  resistance  exists.  This  resistance  allows  the  material  to  sustain  load, 
beyond  the  UTS.  The  associated  pull-out  strength  Sp  is  an  important  property  of  the 


composite,  (iii)  When  unbridged  flaws  exist  in  the  material,  the  matrix  cracks  introduce 
stress  concentrations  within  intact  fibers.  This  effect  may  lead  to  a  reduced  UTS.8-15 
The  basic  stochastics  of  fiber  failure  have  identified  two  non-dimensional 
parameters:  a  characteristic  strength2'86 

Se  =  S0[tL./RS#]**,>  (12a) 

and  a  characteristic  length 

6C  «  L.[S„R/tL.]*“»  (12b) 

related  by 

S{  =  t8c/R  (12c) 

When  multiple  matrix  cracking  precedes  composite  failure,  and  when  GLS  applies,  the 
UTS  is  gauge  length  independent  at  large  lengths  (Lg  >  5c).  The  UTS  is  given  by25 

S„  =  /S^m)  (13) 

where 

F(m)  =  [2/(m  +  2)f-*"[(m  +  l)/(m  +  2)] 

At  shorter  gauge  lengths  (Lg  <  8c),  the  UTS  increases  as  Lg  decreases26  (Fig.  4). 

In  principle,  it  is  possible  for  composite  failure  to  be  preceded  by  relatively  few 
matrix  cracks,  with  GLS  still  applicable.  Then,  because  the  average  stress  on  the  fibers  is 
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lower,  the  UTS  is  predicted  to  be  higher  then  Su-  In  the  limit  wherein  only  one  matrix 
crack  has  formed,  the  UTS  (subject  to  GLS)  is 

S'.  =  fScG(m)  (14) 

where 

G(m)  «  [(5m  +  l)/5m]exp[-l/(m  +  l)] 

The  spatial  distribution  of  the  fiber  failures  that  occur  upon  loading  results  in  fiber 
pull-out  on  the  matrix  fracture  plane.  The  mean  pull-out  length,  h  (for  Lg  >  Sc),  has  the 
non-dimensional  form25-36 

ht/RSc  *  X(m)  (15) 


There  are  two  bounding  solutions  for  the  function  X  (Fig.  5).  Composite  failure  subject 
to  multiple  matrix  cracking  gives  the  upper  bound.  Failure  in  die  presence  of  a  single  crack 
gives  the  lower  bound. 

Because  of  pull-out,  die  system  has  a  residual  strength,  Sp,  (Fig.  6a)  given  by 


Sp  =  2x/h/R 

*  2fScX{m) 


(16) 


The  preceding  results  are  applicable  provided  that  there  are  no  unbridged 
segments  along  the  matrix  crack.  Unbridged  regions  concentrate  the  stress  in  the 
adjacent  fibers  and  weaken  the  composite  The  effect  can  be  addressed  using  Large- 


Scale  Bridging  Mechanics  (LSBM).  Simple  linear  scaling  considerations  require  that  the 
strength  S*  depend  chi  a  non-dimensional  flaw  (Table  ID, 

A  =  a„SJ/ELro  (17) 

where  T0  is  the  area  under  die  stress/displacement  curve  for  the  bridging  fibers,  S  is  die 
fully-bridged  UTS  and  2a<>  is  die  length  of  die  unbridged  segment.  The  flaw  index  A 
must  be  specified  for  each  bridging  law,  based  on  IV  The  functional  dependence  of 
strength  S*  on  A  has  been  determined  by  numerical  analysis  for  two  limiting  cases.37  A 
lower  bound  arises  in  the  presence  of  bridging  without  pull-out  (S  -  Su,  Sp  ■  0),  with 
flaw  index8'15  (Table  ID, 

A  -  3[//(l-/)f(E/EL/Ei)(a0t/RS)  (18a) 

The  dependence  of  the  UTS  on  Ab  is  [dotted  on  Fig.  6a.  An  upper  bound  obtains  when 
die  UTS  is  pull-out  dominated  (S  «  Sp),  with  flaw  index8'37'41  (Table  ID, 

A,  =  2(a./h)(Sp/EL)  (18b) 

The  degradation  is  plotted  on  Fig.  6b.  The  behavior  between  the  bounds  has  not  been 
well-established.  It  involves  coupled  bridging  and  pull-out.  One  result37  (plotted  on 
Fig.  6a)  suggests  that  die  lower  bound  is  more  relevant  when  Ab<  0.3,  whereas  the 
upper  bound  is  a  reasonable  approximation  when  Ab>  1.5. 

Experimental  validation  of  the  above  results  requires  independent  measurement  of 
Sc,  and  m.  Tests  conducted  on  pristine  fibers  are  not  relevant,  because  fiber  degradation 
usually  occurs  upon  composite  processing.10-38'42  Two  approaches  have  been  used.  One 
approach  entails  removal  of  the  matrix,  by  dissolution,1  which  is  only  feasible  if  further 


fiber  degradation  does  not  occur.  The  second  approach  involves  fracture  mirror 
measurements  on  failed  fibers,  after  tensile  testing  of  the  composite.10'38'39'42 

3.  CHARACTERISTICS  OF  2-D  MATERIALS 
3.1  Matrix  Cracking 

General  comparison  between  the  stress/ strain,  G(E),  curves  measured  for  1-D  and 
2*0  materials41  (Figs.  7  and  8)  provides  important  perspective.  It  is  found  that  o(e)  for 
2-D  materials  is  quite  closely  matched  by  sini^.  /  scaling  down  foe  1-D  curve  from  S  to 
S/2.  The  behavior  of  2-D  materials  must,  therefore,  be  dominated  by  the  0°  plies,*  which 
provide  a  fiber  volume  fraction  in  foe  loading  direction  about  half  that  present  in  1-D 
material. 

The  only  significant  2-D  effects  occur  at  foe  initial  deviation  from  linearity.  At  this 
stage,  matrix  cracks  that  form  either  in  matrix-rich  regions  or  in  90°  plies  evolve  at 
somewhat  lower  stresses  than  cracks  in  1-D  materials.29'30  However,  the  associated  non- 
linearities  are  usually  slight  and  do  not  normally  contribute  in  an  important  manner  to 
foe  overall  non-linear  response  of  foe  material.  For  example,  matrix  cracking  in  foe  90° 
plies  often  proceeds  by  a  tunneling  mechanism9'43’44  (Fig.  9).  Tunnel  cracking  occurs 
subject  to  a  lower  bound  stress11-43'44 

*  [r„E/gt]*-  JR(EL  +  ET)/2ET  (19) 

where  g  is  a  function  that  ranges  between  1/3  and  2/3 M  The  unloading  modulus 
associated  with  tunnel  cracks  is44 

*  Furthermore,  since  some  of  the  2-D  materials  are  woven,  die  S/2  scaling  infers  that  the  curvatures 
introduced  by  weaving  have  minimal  effect  on  the  stress/strain  behaviors. 


E/e  =  h(E//E„,//t/r) 


(20) 


with  L  being  the  mean  crack  spacing  in  the  90°  plies.  The  function  h  varies  between  1 
and  ~  0.6  as  t/L  changes  from  -  0  to  >  1.  The  corresponding  permanent  strain  is44 

£p  =  (l-ETv  /El)cr/El  (21) 

The  actual  evolution  of  cracks  at  stresses  above  Ot  depends  on  the  availability  of  flaws 
in  the  90°  plies. 

Extension  of  these  tunnel  cracks  into  the  matrix  of  the  0°  plies  results  in  behavior 
similar  to  that  found  in  1-D  material.  Moreover,  if  the  stress  Ob  acting  on  the  0°  plies  is 
known,  the  1-D  solutions  may  be  used  directly.  Otherwise,  this  stress  must  be 
estimated.  For  a  typical  0/90  system, d0  ranges  between  O  and  20,  depending  upon  the 
extent  of  matrix  cracking  in  die  90°  plies  and  upon  Et/El  44  Preliminary  analysis  has 
been  conducted  below  using,  d0  =  2d,  as  implied  by  the  comparison  between  1-D  and 
2-D  stress/ strain  curves  (Fig.  8).  Additional  modelling  is  required  on  this  topic. 

3.2  Fiber  Failure 

The  matrix  cracks  that  originate  in  the  90°  plies  and  extend  through  the  0°  plies 
must  induce  a  stress  concentration  in  the  fibers.  The  phenomenon  is  analogous  to  that 
considered  above  for  1-D  material  containing  unbridged  segments.  When  the  stress 
concentration  is  small,  the  LT'S  should  be  given  by  Eqn.  (13),  but  with  /  replaced  by  /|. 
In  a  typical  case  (/j//  =  1/2),  the  UTS  would  be  Su/2,  consistent  with  experimental 
findings  on  several  CMCs  (Fig.  8).  In  other  cases,  the  stress  concentration  is  important 
and  the  UTS  is  significantly  smaller  than  Su/2. 


Major  factors  governing  the  stress  concentration  are  the  modulus  ratio,  E,./EL,  die 
crack  spacing,  L,  and  x .  That  is,  small  values  of  Et/El/  L  and  X  alleviate  the  stress 
concentration.41 

3.3  Shear  Damage 

When  loaded  in  shear,  2-D  CMCs  are  subject  to  non-linear  deformation.45  The 
deformations  are  governed  primarily  by  matrix  cracks.  Typical  shear  stress/strain,  T(y ) 
curves  (Fig.  10)  indicate  that  CMCs  can  normally  sustain  larger  shear  strains  than  tensile 
strains  prior  to  failure.  The  matrix  damage  often  consists  of  cracks  oriented  at  45°  to  the 
fiber  axis.  Since  fiber  sliding  is  inhibited  in  shear  loading,  the  elastic  compliance  of  the 
composite  with  matrix  cracks  may  be  a  useful  upper  bound  for  the  shear  strength. 
Consequently,  when  normalized  by  the  shear  modulus  of  the  composite  (Fig.  10),  the 
T(y)  curves  found  for  a  range  of  CMCs  tend  to  converge  into  a  band. 


4.  TEST  METHODOLOGY 

The  preceding  characteristics  suggest  a  methodology  that  can  be  used  to  efficiently 
evaluate  constituent  properties,  which  may  then  be  used  to  make  predictions  about 
composite  performance.  The  basic  philosophy  is  that  straightforward  procedures  be 
used,  with  consistency  demonstrated  between  independent  measurement  approaches. 
The  measurements  that  are  experimentally  convenient  include:  the  fiber  pull-out  length, 
h,  the  matrix  crack  spacing  at  saturation,  ig,  the  stress/strain  (a,  £)  behavior,  the 
fracture  mirror  dimensions  and  the  bending  deformation  of  a  bilayer  (Table  I). 

The  steps  are  as  follows.  Generally,  the  fiber  modulus  is  known,  whereupon  Em 
can  be  evaluated  from  the  measured  initial  composite  modulus.  Both  Sc  and  m  are 
known,  provided  that  fracture  mirror  measurements  have  been  made.  Curvature 
measurements  made  on  bilayer  provide  fi.  At  this  stage,  measurements  of  pull-out. 


saturation  crack  spacing  and  unloading/reloadiftg  hysteresis  are  used  to  determine  X , 
H  and  Tm/  as  well  as  to  provide  checks  on  the  magnitudes  of  Sc  and  Q.24-34 
Specifically,  the  magnitude  of  X  is  obtained  from  the  hysteresis  loop  width  at  half 
maximum,  5  £  1/2,  measured  as  a  function  of  Op  (Eqn.  7b)  and  checked  using  fire 
unloading  modulus,  I  (Eqn.  5).  Typical  results  are  shown  in  Figs.  11  and  12.  Then,  the 
misfit  strain,  Q,  and  the  debond  energy,  Tj,  are  evaluated  from  the  permanent  strain  £p 
(Fig.  13)  by  using  Eqn.  (8).  Additional  procedures  have  been  devised  to  determine  Q.24 
The  misfit  is  compared  with  the  bilayer  measurements.  Thereafter,  the  fiber  pull-out 
lengths  are  used  to  provide  consistency  checks  an  X  and  Sc  by  using  Eqn.  (15),  with  the 
appropriate  bound  for  X. 

When  the  preceding  measurements  provide  consistent  information,  two  other 
results  can  be  used.  The  saturation  crack  spacing,  1*,  allows  estimation  of  I'm  (Eqn.  2), 
which  may  be  compared  with  values  found  for  the  monolithic  matrix  material.  The 
same  value  of  Tm  can  be  used  to  calculate  the  matrix  cracking  stress,  CW  (Eqn.  1), 
which  can  be  compared  with  the  onset  of  linearity  found  in  the  stress/strain  curves. 

Finally,  with  Sc  and  m  known,  the  UTS  may  be  compared  with  the  strengths 
predicted  from  global  load  sharing  analysis  (Eqn.  13)  and  fiber  pull-out  analysis 
(Eqn.  16).  This  comparison  gives  insight  about  the  influence  of  matrix  flaws  on  stress 
concentrations  expected  in  the  fibers. 

The  procedure  is  briefly  illustrated  by  referring  to  a  comprehensive  set  of  results 
obtained  on  both  SiC/CAS6'9'24-30  and  SiC/SiC29-34-46  (see  Kgs.  11-13).  The  constituent 
properties  for  these  two  CMC  systems  obtained  using  the  above  methodology  are 
summarized  in  Table  HI.  More  complete  assessments  are  provided  elsewhere.24'34  The 
comparison  between  these  two  systems  is  interesting,  because  the  constituent  properties 
are  very  different,  (i)  In  the  SiC/SiC  system,  the  fibers  have  dearly  been  degraded 
during  processing,  (ii)  The  large  difference  in  X  indicates  that  the  C  coating  placed  on 
the  fibers  in  the  SiC/SiC  material  (by  vapor  deposition)  has  very  different  properties 
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than  the  C  interphase  in  the  CAS  system,  which  is  governed  by  reaction  during 
processing.  The  high  stiffness  of  the  SiC  matrix  may  also  have  an  important  influence 
on  T .  (iii)  The  SiC/SiC  system  has  a  substantially  larger  debond  energy,  Tj,  which  is  die 
origin  of  the  relatively  small  permanent  strain. 

5.  SIMULATIONS 

When  the  constituent  properties  have  been  evaluated  in  a  consistent  manner,  the 
stress/strain  curves,  for  SDE  materials,  at  stresses  prior  to  saturation  may  be  simulated 
by  using  Eqns.  (1)  to  (lO).24*34  The  procedure  is  straightforward  for  1-D  material, 
provided  that  Eqn.  (3)  is  a  reasonable  representation  of  matrix  crack  evolution.  Some 
examples  are  presented  in  Fig.  14a.24  Further  work  is  needed  to  predict  die  behavior 
above  <j».  The  simulation  capability  for  2-D  material  depends  on  the  assumption  made 
about  die  stress  00  acting  on  die  0°  plies.  If  this  stress  is  considered  to  be,  60  =  2a,  die 
simulations  for  SDE  materials,  based  on  SiC/CAS  (Fig.  14b),  agree  quite  well  with 
experiments  except  at  small  plastic  strain.34  Further  research  is  needed  to  understand 
die  behaviors  at  small  plastic  strains. 


6.  EFFECTS  OF  STRAIN  CONCENTRATIONS 
6.1  General  Considerations 

When  either  holes  or  notches  (or  other  strain  concentrating  sites)  are  introduced, 
experimental  results  have  indicated  that  CMCs  can  exhibit  (at  least)  three  classes  of 
behavior,12'40  as  sketched  in  Fig.  15.  Class  I  materials  exhibit  a  dominant  (mode  I)  crack 
emanating  from  the  notch,  with  fiber  failures  occurring  as  the  crack  extends  across  the 
material.  Class  n  materials  experience  multiple  (mode  1)  matrix  cracking  from  the  notch. 
These  cracks  usually  extend  across  the  net  section  prior  to  fiber  failure.  In  class  m 
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materials,  shear  damage  occurs  from  the  notch  and  extends  normal  to  the  notch  plane 
prior  to  composite  failure.  In  all  three  cases,  stresses  ere  redistributed  by  matrix  cracking 
as  well  as  by  fiber  pull-out. 

The  characterization  of  notch  effects  for  CMCs  exhibiting  these  three  classes  of 
behavior  appears  to  require  different  mechanics,  because  the  stress  redistribution 
mechanism  within  each  class  operates  over  different  physical  scales.  Class  I  behavior 
involves  stress  redistribution  by  fiber  bridging/pull-out,  which  occurs  along  the  crack 
plane.  Large-Scale  Bridging  Mechanics  (LSBM)  is  preferred  for  such  materials.8'13'15 
Class  n  behavior  allows  stress  redistribution  by  large-scale  matrix  cracking. 
Consequently,  a  mechanism-based.  Continuum  Damage  Mechanics  (CDM)  is  regarded 
as  most  appropriate.16  Class  m  behavior  involves  material  responses  similar  to  those 
found  in  metals,12'40'41  and  a  comparable  mechanics  might  be  used:  either  LEFM  for 
small-scale  yielding  or  non-linear  fracture  mechanics  for  large-scale  yielding.  Since  a 
unified  mechanics  has  not  yet  been  identified,  it  is  necessary  to  devise  mechanism  maps 
that  distinguish  the  various  classes,  through  constituent  properties.  Initial  attempts  are 
elaborated  below. 

6.2  Mechanism  Transitions 

The  transition  between  class  I  and  dass  II  behaviors  involves  considerations  of 
both  matrix  crack  growth  and  fiber  failure.  One  hypothesis  for  the  transition  may  be 
analyzed  using  LSBM.  Such  analysis  allows  the  condition  for  fiber  failure  at  the  end  of 
an  unbridged  crack  segment  to  be  solved  simultaneously  with  the  energy  release  rate  of 
the  matrix  front.  The  latter  is  equated  to  the  matrix  fracture  energy.15  By  using  this 
solution  to  specify  that  fiber  failure  occurs  before  the  matrix  crack  extends  into  steady-state, 
dass  I  behavior  is  presumed  to  ensue.  Conversely,  dass  II  behavior  is  assigned  when 
the  steady-state  matrix  cracking  condition  is  achieved  prior  to  fiber  failure.  The 
resulting  mechanism  map  involves  two  indices:15 


5  »  ( RS/a.t)  (E  i/Et  Ef)  [(l  -/)//]* 
.  3  /** 


and 


Cm  =  o«/S  (24b) 

With  S  and  Cm  as  coordinates,  a  mechanism  map  may  be  constructed  that  distinguishes 
dass  I  and  class  II  behavior  (Fig.  16).  While  this  map  has  qualitative  features  consistent 
with  experience,  the  experiments  required  for  validation  have  not  been  completed.  In 
practice,  die  mechanism  transition  in  CMCs  must  involve  additional  considerations. 

The  incidence  of  dass  m  behavior  is  found  at  relatively  small  magnitudes  of  the 
ratio  of  shear  strength,  T,  to  tensile  strength  S.  When  T/S  is  small,  a  shear  band 
develops  at  the  notch  front  and  extends  normal  to  the  notch  plane.10'40  Furthermore, 
since  T  is  related  to  G  (Fig.  10),  the  parameter  G/S  is  selected  as  die  ordinate  of  a 
mechanism  map.12'41  Experimental  results  suggest  that  class  m  behavior  arises  when 
G/S  <50  (Fig.  17). 

6.3  Mechanics  Methodology 
i)  Class  I  Materials 

The  dass  I  mechanism,  when  dominant,  has  features  compatible  with  LSBM.  These 
mechanics  may  be  used  to  characterize  effects  of  notches,  holes  and  manufacturing 
flaws  on  tensile  properties,  whenever  a  single  matrix  crack  is  prevalent.  For  cases 
wherein  the  flaw  or  notch  is  small  compared  with  specimen  dimensions,  the  tensile 
strength  may  be  plotted  as  functions  of  both  flaw  indices:  A  b  and  A  p  (Fig.  6).  For  the 
farmer,  the  results  are  sensitive  to  the  ratio  of  die  pull-out  strength  Sp  to  the  UTS.  These 
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results  should  be  used  whenever  die  unnotched  tensile  properties  are  compatible  with 
global  load  sharing.  Conversely,  A  p  should  be  used  as  the  notch  index  when  the 
unnotched  properties  appear  to  be  pull-out  dominated. 

When  die  notch  and  hole  have  dimensions  that  are  significant  fraction  of  die  plate 
width  (ao/w  >  0),  net  section  effects  must  be  included.8-37  Some  results  (Fig.  18)  illustrate 
die  behavior. 

Complete  experimental  validation  of  LSBM  for  class  I  materials  has  not  been 
undertaken.  Partial  results  for  the  material,  SiC/Ce,  are  compatible  with  LSBM,  as 
shown  for  data  obtained  with  center  notches  and  center  holes12  (Fig.  17),  with  A  «  0.8. 
For  this  material,  the  unnotched  properties  appear  to  be  pull-out  controlled,10'12  and  the 
constituent  properties  give  a  pull-out  notch  index,  A  p  -  0.76. 

ii)  Class  II  Materials 

The  non-linear  stress/strain  behavior  governed  by  matrix  cracking,  expressed 
through  E  (Eqn.  5)  and  £p  (Eqn.  8)  provide  a  basis  for  a  Damage  Mechanics  approach 
that  may  be  used  to  predict  the  effects  of  notches  and  holes.  Such  developments  are  in 
progress.  An  important  factor  that  dictates  whether  continuum  or  discrete  methods  are 
used  concerns  the  ratio  of  the  matrix  crack  spacing  to  the  radius  of  curvature  of  the 
notch. 

In  practice,  several  class  II  CMCs  have  been  shown  to  exhibit  notch  insensitive 
behavior  for  holes  and  notches  in  the  size  range:  1-5  mm  (Fig.  19).  These  materials 
include:  SiC/CAS6  and  SiC /glass  (1070).7  The  non-linearity  provided  by  the  matrix 
cracks  thus  appears  to  allow  stress  redistribution  to  an  extent  that  essentially  eliminates 
the  stress  concentration.7'47  The  elimination  of  the  stress  concentration  has  been 
established  both  by  notch  strength  measurement6'7  and  by  thermoelastic  emission 
tests.46 


ill)  CIim  III  Material* 


Class  m  behavior  has  been  found  in  several  C  matrix  composites10-12  (Fig.  16).  In 
these  materials,  the  extent  of  the  shear  deformation  zone  ipis  found  to  be  predictable 
from  measured  shear  strengths,  T,  in  approximate  accordance  with12 

V».  -  o/T  (25) 

Calculations  have  indicated  that  this  shear  zone  diminishes  the  stress  ahead  of  the 
notch,12  analogous  to  the  effect  of  a  plastic  zone  in  metals,  and  provides  good  notch 
properties.  For  several  C/C  materials,  it  has  been  found  that  the  shear  band  lengths  are 
small  enough  that  LEFM  characterizes  die  experimental  data  over  a  range  of  notch 
lengths.  For  edge  notched  specimens,  it  is  found  that,12  Kic  “  15  MPa VnT (Fig.  20). 
However,  conditions  must  exist  where  LEFM  is  violated.  For  example,  when  Ip/io  >  4, 
the  stress  concentration  is  essentially  eliminated  and  the  material  must  then  become 
notch  insensitive.12  Further  work  is  needed  to  identify  parameters  that  bound  the 
applicability  of  LEFM,  as  well  as  establish  the  requirements  for  notch  insensitivity. 

7.  SUMMARY 

Test  methods  have  been  described  that  relate  constituent  properties  to  macroscopic 
behaviors  in  a  consistent  maimer.  The  approach  has  been  illustrated  for  two  CMC 
systems.  It  is  expected  that  the  methodology  will  be  used  to  predict  stress/strain  curves 
and  examine  their  sensitivity  to  constituent  properties.  These  properties  may  be  used  to 
delineate  mechanism  maps  that  represent  transitions  in  macroscopic  performance, 
especially  in  the  presence  of  strain  concentrations.  Mechanics  procedures  for  each 
mechanism  have  been  described  in  a  preliminary  manner.  A  concerted  effort  is  needed 


to  further  develop  and  validate  the  mechanics,  which  should  have  applicability  to  a 
wide  range  of  technologically  important  CMCs. 
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TABLE  I 

Measurement  Methods 


CONSTITUENT  PROPERTY 

MEASUREMENT 

Sliding  Stress,  T 

•  Pull-Out  Length,  h25-36 

•  Saturation  Crack  Spacing,  I,2**22 

•  Hysteresis  Loop,  5  Ei/223-24 

•  Unloading  Modulus,  El23-24 

Characteristic  Strength,  St,  m 

•  Fracture  ^O^o^s3*'^, 

•  Ultimate  Strength,  S25 

Misfit  Strain ,  £1 

•  Bilayer  Distortion* 

•  Permanent  Strain,  Ep23-24 

•  Residual  Crack  Opening32 

Matrix  Fracture  Energy,  I~m 

•  Monolithic  Material 

•  Saturation  Crack  Spacing,  It22 

•  Matrix  Cracking  Stress,  Omc19 

Debond  Energy,  H 


Permanent  Strain,  Bp21-24 
Residual  Crack  Opening21'24 


TABLE  II 


Summary  of  Non-Dimensional  Coefficients 
Lj-  ■  ^  =  {c1/c,)EmQ/ar,  Misfit  Index21'24'32 

UP 

X,  »  m  (\jc,)^EjrjKa\  -Lr,  Debond  Index21-24 
JM  =  bj(l-a,/)lR5p/4?TEa/2,  Hysteresis  Index24-32 
L  -  rm(l  -  f)2  EfEm/f  t2  ElR,  Crack  Spacing  Index22 
M  =  6xra/2E//(l-/)Ei.REL,  Matrix  Cracking  Index2'18'19 
Q.  =  E//Q/El{1  -  v).  Residual  Stress  Index19-24 
R  *  aQ  S2/El  T,  Flaw  Index8 

Jib  =  [//(1-/)f(E/EL/Ei)(a#t/RS#),  Flaw  Index  for  Bridging8'15 
Rip  *  (a„/h)(Sp/El),  Flaw  Index  for  Pull-Out37-41 


TABLE  III 


Important  Constituent  Properties  For  CMCs 
Comparison  Between  SiC/SiC  and  SiC/CAS 


MATERIAL 

PROPERTY 

SiC/CAS 

SiC/SiC 

Matrix  Modulus,  Em  (GPa) 

100 

400 

Fiber  Modulus,  E  f  (GPa) 

Kill 

Sliding  Stress,  T  (MPa) 

15-20 

100-150 

CONSTITUENTS 

Residual  Stress,  q  (MPa) 

80-100 

50-100 

Fiber  Strength,  Sc  (GPa) 

2.0-23. 

1.3-1.6 

Shape  Parameter,  m 

3.5-S.8 

43-4.7 

Matrix  Fracture  Energy,  rm  (Jm*2) 

20-25 

5-10 

Debond  Energy,  Tj  (Jm*2) 

m 

-2 

Matrix  Cracking  Stress,  Omc  (MPa) 

140-160 

200-220 

DEPENDENT 

Saturation  Crack  Spacing ,  ds  (pm) 

110-130 

15-20 

PROPERTIES 

Pull-out  Length  K  (pm) 

250-350 

25-40 
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FIGURE  CAPTIONS 


Kg.  1.  A  schematic  indicating  the  consequence  of  matrix  cracking  in  CMCs  on  the 
stress/strain  behavior. 

Fig.  2  A  schematic  indicating  the  parameters  that  influence  the  evolution  of  matrix 
cracks  in  1-D  CMCs.30 

Fig.  3.  Effects  of  matrix  crack  density  on  the  elastic  compliance  of  1-D  CMCs.31 

Fig.  4.  Effects  of  gauge  length  on  the  ultimate  tensile  strength  predicted  by  global 
load  sharing  analysis.27 

Fig.  5.  Bounding  solutions  for  the  non-dimensional  fiber  pull-out  length.25 

Fig.  6.  Strength  degradation  in  elastically  isotropic  CMCs  subject  to  unbridged 
segments  (length  2ao)  a)  combined  bridging  and  pull-out;  b)  pull-out8'37 

Kg.  7.  A  comparison  of  stress/strain  curves  for  2-D  CMCs  all  reinforced  with  Nicalon 
fibers  (with  /  »  0.4).  The  SiC/CAS  is  a  laminate,  the  SiC/SiCo,,  has  a  plain 
weave:  the  other  materials  have  a  8- harness  satin  weave.41 

Kg.  8.  A  comparison  of  1-D  and  2-D  CMC  tensile  properties  obtained  for  SiC/CAS 
and  SiC/SiCcvi-  The  lines  marked  (1/2)1-D  are  the  results  for  1-D  material 
reduced  in  scale  by  (1/2).41 

Kg.  9.  A  typical  matrix  cracking  mode  in  2-D  CMCs.9 

Fig.  10.  The  shear  strength  of  various  CMCs  normalized  by  the  composite  shear 
modulus.45 

Fig.  11.  The  unloading  modulus  measured  for  1-D  and  2-D  SiC/CAS  and  SiC/SiCcvi 
showing  comparisons  with  the  model  (Eqn.  5)  for  various  sliding  stresses.24'34 

Kg.  12  Variations  in  the  relative  hysteresis  loop  width  with  crack  density  obtained  for 
2-D  SiC/SiCcvi  showing  comparisons  with  the  model  (Eqn.  7)  for  various 
sliding  stresses.24 


275 


Fig.  13.  Variation  in  permanent  strain  for  a  1-D  SiC/CAS  material  showing 
comparisons  with  the  model  (Eqn.  8)  for  various  values  of  the  sliding  stress, 
using  an  independently  determined  value  for  the  misfit  strain,  with  (Tj  -  O).30 

Fig.  14.  Simulated  stress,  strain  curves  for  SDE  material  a)  1-D  material  with  notational 
constituent  properties,  b)  2-D  material  simulation  obtained  by  assuming 
d0  -  20,  compared  with  experimental  measurements  (constituent  properties 
relevant  to  SiC/CAS). 

Fig.  15.  The  three  classes  of  behavior  found  in  CMCs  and  the  associated  mechanisms 
of  stress  redistribution.40'41 

Fig.  16.  A  proposed  mechanism  map  for  the  transition  between  class  I  and  class  K 
behaviors.15'41 


Mg.  17.  A  proposed  mechanism  map  for  the  transition  to  class  m  behavior.45 

Fig.  18.  Effects  of  holes  and  notches  on  the  tensile  strength  predicted  using  LSBM.  Also 
included  are  results  obtained  for  SiC/Ce12 

Fig.  19.  The  notch  strength  of  a  2-D  SiC/CAS  composite  revealing  that  this  is  a  notch 
insensitive  material.6 

Fig.  20.  Use  of  LEFM  to  characterize  the  notch  strength  of  C/C  composites.12 


NOMENCLATURE 


at  parameters  found  in  the  paper  by  Hutchinson  and  Jensen21 
ao  length  of  unbridged  matrix  crack 

b|  parameters  found  in  the  paper  by  Hutchinson  and  Jensen21 

Cj  parameters  found  in  the  paper  by  Hutchinson  and  Jensen21 

/  fiber  volume  fraction 

/l  fiber  volume  fraction  in  loading  direction 

h  mean  fiber  pull-out  length 

ip  plastic  zone  size 

1  mean  matrix  crack  spacing 

ls  mean  saturation  crack  spacing 

m  shape  parameter  for  fiber  strength  distribution 

q  residual  stress  in  matrix  in  axial  orientation 

t  ply  thickness 

2w  plate  width 

E  Young's  modulus  of  composite 

E.  Young's  modulus  of  material  with  matrix  cracks 

E f  Young's  modulus  of  fiber 

El  ply  modulus  in  longitudinal  orientation 

Em  Young's  modulus  of  matrix 

El  ply  modulus  in  longitudinal  orientation 

Es  secant  modulus 

Ej-  ply  modulus  in  transverse  orientation 

El  unloading  modulus 

Et  tangent  modulus 

L  mean  crack  spacing  in  90°  plies 

Lg  gauge  length 

Lq  reference  length 

R  fiber  radius 

S  tensile  strength 

Sc  characteristic  fiber  strength 

So  scale  factor  for  fiber  strength 

Sp  pull-out  'strength' 

Su  UTS  subject  to  global  load  sharing 
S»  tensile  strength  in  presence  of  a  flaw  or  notch 
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T  shear  strength 

a  compliance  coefficient 
P  residual  stress  coefficient 

Y  shear  strain 
8  displacement 

Sc  characteristic  length 
Se  hysteresis  loop  width 
e  strain 
£  e  elastic  strain 
£  p  permanent  strain 

£  *  contribution  to  permanent  strain  caused  by  matrix  cracks 

V  Poisson's  ratio  (assumed  to  be  the  same  for  fiber  and  matrix) 
X  pull-out  coefficient 

O  stress 

CTr  residual  stress  in  0/90  material  along  fiber  axis 

0t  lower  bound  stress  for  tunnel  cracking 

C;  debond  stress 

Omc  matrix  cracking  stress 

00  stress  acting  on  0°  plies  in  a  2-D  material 

Op  peak  stress 

Os  saturation  stress 

Op  misfit  stress 

X  interface  sliding  resistance 

X  matrix  cracking  coefficient 

r  fracture  energy 

r i  interface  debond  energy 

rc  dissipation  associated  with  traction  law 

rm  matrix  fracture  energy 

£2  misfit  strain 


PLASTIC  ANISOTROPY  IN  MoSi2  SINGLE  CRYSTALS 
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Abstract 

Single  crystals  of  MoSi2  are  an  order  of  magnitude  stronger  when  compressed  along  [001]  than 
along  any  other  orientation.  This  is  because  the  easy  slip  systems,  [011}<100>  and 
( 1 10}<1 1 1>,  have  a  zero  Schmid  factor  acting  on  them  so  that  harder  slip  systems  are  forced 
into  operation.  We  find  that  [001]  crystals  compressed  at  1000°C  yield  by  slip  on  { 103  ><33 1>. 
TEM  shows  that  the  1/2<331>  dislocations  tend  to  decompose  into  1  /2<  1 1 1  >  and  <110> 
dislocations.  This  decomposition  process  apparently  inhibits  the  mobility  of  1/2<331> 
dislocations  at  higher  temperatures  and  another  system,  { 101  }<1 1 1>,  becomes  operative  at 
1300cC  and  above.  [021]  crystals  have  been  tested  for  comparison  and  are  found  to  yield  at 
much  lower  stresses  on  the  easy  systems.  In  the  design  of  advanced  high  temperature  structural 
materials  based  on  MoSi2  the  large  plastic  anisotrc  ty  should  be  used  to  advantage. 
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Introduction 

Molybdenum  disilicide  (M0S12)  has  attracted  considerable  interest  in  recent  years  because  of  its 
potential  as  a  high  temperature  structural  material  due  to  its  good  oxidation  resistance  and 
strength  at  high  temperatures!  1].  It  is  brittle  at  low  temperatures  with  a  modest  fracture  toughness 
of  around  3  MPa  ml/2;  this  can  be  improved  by  a  factor  of  2  or  3  by  additions  of  Z1O2  or  SiC[  1  ]. 
MoSi2is  generally  reported  to  become  ductile  at  temperatures  above  ~1000°C.  However, 
Aikin[2]  reports  a  brittle-to-ductile  transition  temperature  of  1400°C;  it  is  likely  that  the  transition 
temperature  depends  on  the  silica  content  at  the  grain  boundaries[3]. 

Crystallography 

MoSi2  has  the  tetragonal  Cl  lb  structure,  space  group  I4/mmm,  with  unit  cell  parameters 
a=3.204A  and  c=7.848A.  Each  Mo  atom  is  surrounded  by  10  Si  atoms  at  a  distance  of  2.616A 
and  each  Si  atom  is  surrounded  by  5  Mo  atoms  and  5  Si  atoms  also  at  a  distance  of  2.616A;  the 
crystal  structure  is  illustrated  in  Figure  1 .  Elementary  dislocation  theory  suggests  that  mobile 
dislocations  should  have  Burgers  vectors  with  the  shortest  lattice  vectors  and  move  on  the  closest 
packed  planes{4].  Burgers  vectors  of  possible  perfect  dislocations  are  given  in  Table  I[5]. 


t afe? 


13.204A 


Figure  1  -  Tetragonal  unit  cell  of  MoSi2. 


Table  I  Burgers  Vectors  of  Possible  Perfect  Dislocations  in  MoSi2 


Burgers  Vector 

Ibl(A) 

Possible  slip  planes 

<100> 

3.204 

{Oil},  {013},  {010},  (001) 

1/2<1 1 1> 

4.531 

{HO},  {011} 

<110> 

4.531 

{ 1 10},  (001) 

1/2<331> 

7.848 

{ 1 10},  {013} 

[001] 

7.848 

{100},  {110} 

The  <100>  dislocations  have  by  far  the  shortest  Burgers  vectors  and  these  dislocations  are 
indeed  commonly  observed  in  deformed  MoSi2-  However,  other  dislocations  are  required  to 
fulfill  the  Von  Mises  criterion  in  polycrystalline  materials[6]  or  single  crystal  orientations  where 
the  Schmid  factor  is  zero  (e.  g„  [001]).  The  next  two  Burgers  vectors  in  Table  I,  1/2<1 1 1>  and 
<1 10>,  have  identical  magnitudes,  as  do  the  last  two,  1/2<331>  and  [001],  The  reason  for  the 
identical  magnitudes  is  that  the  c/a  ratio  in  MoSi2  is  essentially  exactly  ^6  and  the  { 1 10}  planes 

280 


V  -  •• 


■  .if*-".  •?.->!»..: r  • 


»>• 


have  hexagonal  symmetry,  as  illustrated  in  Figure  2.  (The  unit  cell  has  overall  tetragonal 
symmetry  because  the  AB  stacking  of  the  { 1 10}  planes  destroys  the  hexagonal  symmetry). 
1/2<1 1 1>  and  <1 10>  dislocations  have  both  been  reported,  although  the  latter  probably  occur  by 
dislocation  reactions[5, 6].  The  occurrence  of  1/2<331>  dislocations  has  also  been  documented, 
in  spite  of  their  long  Burgers  vectors[7, 8].  An  early  description  of  [001]  dislocations^]  has  not 
been  confirmed.  Table  I  also  gives  potential  slip  planes  for  each  of  these  dislocations  and  their 
spacings  are  listed  in  Table  Q. 


Figure  2  -  { 1 10}  and  { 103 }  planes  of  MoSi2-  Both  are  stoichiometric  and  {110}  has  hexagonal 

symmetry. 


Table  II  Spacings  of  Possible  Slip  Planes  in  MoSi2 


Slip  Plane 

Stoichiometric? 

Spacing(A) 

Possible  Burgers  Vectors 

UIO} 

Yes 

2.266 

1/2<111>,  <1 10>,  1/2<331>,  [001] 

{013} 

Yes 

2.026 

<100>,  1/2<331> 

{100} 

Yes 

1.602 

<010>,  [001] 

(001) 

No 

1.308 

<100>,  <110> 

{011} 

No 

0.988 

<100>,  1/2<111> 

Table  II  also  indicates  whether  the  plane  is  stoichiometric,  i.  e.,  whether  a  given  plane  contains 
atoms  in  the  correct  MoSi2  proportion  or  consists  of  alternate  layers  of  Mo  and  Si  atoms.  The 
choice  of  slip  systems  is  still  not  intuitively  obvious  from  Tables  I  and  II.  Dislocations  with 
<100>  Burgers  vectors  might  be  expected  to  glide  on  {013}  planes,  which  have  the  largest 
available  spacing,  followed  by  {010}  and  (001):  instead  they  choose  to  glide  on  {01 1 }  planes[6, 
10].  Dislocations  with  1/2<1 1 1>  Burgers  vectors  should  and  in  fact  do  glide  on  {110}  planes; 
we  report  below  that  they  may  also  glide  on  {01 1 }  planes  at  high  temperatures  for  [001]  crystals. 
Dislocations  with  1/2<331>  Burgers  vectors  have  available  to  them  the  widely  spaced 
stoichiometric  { 1 10}  and  {013}  glide  planes;  both  of  these  planes  have  been  reported  in  the 
literature[7],  although  recent  observations  on  [001]  crystals  deformed  at  1000°C  and  on 
polycrystalline  material  deformed  at  900°C  suggest  that  {013}  is  the  operative  slip  plane[8, 1 1], 
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Figure  3  shows  diagrams  of  some  likely  slip  systems  in  MoSi2  -  <01 1  }<100>,  { 1 10}<1 1 1>, 

{0l3}<331>  and  {01 1  }<1 1 1>.  As  will  be  shown  in  the  present  paper,  each  of  these  systems 
operates  in  different  regimes  of  orientation  and  temperature.  In  particular,  for  MoSi2  crystals 
with  the  [001]  orientation,  the  first  two  easy  systems  are  suppressed,  necessitating  the  operation 
of  other  systems.  Because  of  this,  MoSi2  is  highly  anisotropic  and,  as  first  shown  by  Umakoshi 
et  al[7],  [001]  crystals  have  a  much  higher  yield  stress.  Here  we  will  extend  these  measurements 
of  yield  stress  anisotropy,  using  transmission  electron  microscopy  to  unfathom  some  of  the 
mysteries  of  dislocation  behavior  in  MoSi2- 


[0U}<100> 


{ 1 10}  1/2<1 1 1> 


{013}  1/2<331>  {01 1 }  1/2<1 1 1> 


Figure  3  -  Some  possible  slip  systems  in  MoSi2. 


Single  crystals  of  MoSi2  were  grown  by  J.  Garrett  of  McMaster  University  using  the 
Czochralski  technique  at  a  rate  of  180  mm/h.  Specimens  were  oriented  by  the  Laue  back- 
reflection  x-ray  technique  and  cut  into  parallelepiped  compression  samples  1.5mmxl.5mmx5mm 
with  a  diamond  saw;  final  polishing  of  the  faces  was  with  1pm  grade  diamond.  The  compression 
axis  was  selected  to  be  the  hard  [001]  orientation  for  one  set  of  samples  and  a  soft  [021] 
orientation  for  another  set.  These  orientations  are  shown  in  the  stereographic  projection  in  Figure 
4  which  also  includes  the  poles  of  all  the  possible  slip  planes  and  directions.  In  addition,  one 
sample  was  10°  off  the  [001]  orientation  towards  [110].  Compression  testing  was  performed 
under  displacement  control  at  temperatures  from  1000  to  1600°C  using  one  of  two  rigs.  One 
compression  rig  had  alumina  rams  and  single  crystal  YAG  pads  and  was  operated  in  argon  with  a 
strain  rate  of  lO'V'.The  other  rig  was  made  of  thoriated  tungsten,  had  SiC  pads,  operated  in 
vacuum  and  gave  a  strain  rate  of  MHs*i.  TEM  thin  foils  were  prepared  using  standard  techniques 
and  examined  in  a  Philips  CM30  transmission  electron  microscope  operating  at  300kV  in  order  to 
characterize  the  dislocation  microstructures. 


Yield  stresses  for  all  of  the  crystals  tested  to  date  are  shown  plotted  against  temperature  in  Figure 
5;  included  are  data  for  the  two  orientations,  [001]  and  [021],  and  the  two  strain  rates,  10"4  and 
10"5s''.The  data  are  complicated  and  detailed  discussion  will  be  given  below.  However,  some 
general  observations  can  be  made  at  this  point.  Firstly,  the  [001]  specimens  are  an  order  of 
magnitude  stronger  than  the  [021]  specimens  (this  is  even  more  anisotropic  than  the  data  repotted 
by  Umakoshi  et  al[7]).  Secondly,  the  yield  stresses  decrease  steeply  with  increasing  temperature, 
except  for  complications  between  1000  and  1300°C  for  the  [001]  orientation  to  be  discussed 
later.  Thirdly,  the  yield  stresses  for  the  [001]  orientation  are  highly  dependent  on  strain  rate  with 
a  factor  of  two  or  more  difference  in  stress  level  between  1(H  and  lO-V;  such  a  strain  rate 
dependence  corresponds  to  a  stress  exponent  of  around  3. 
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Figure  4  -  Stereographic  projection  of  MoSi2,  showing  the  [001]  and  [021]  compression  axes 
and  the  poles  of  the  slip  planes  (filled-in  circles)  and  slip  directions  (squares). 


Figure  5  -  Yield  stress  plotted  against  temperature  for  two  orientations  and  the  two  strain  rates. 


Observations  on  Individual  Specimens 

fOOll  Specimen  Tested  at  1000°r  This  specimen  was  tested  at  a  strain  rate  of  lO-V.  It  yielded 
with  a  small  load  drop  at  700  MPa,  followed  by  increased  stress  and  further  load  drops  until  the 
load  limit  of  the  testing  machine  was  reached  at  a  stress  of  1400  MPa.  The  total  strain  was 


measured  after  the  test  to  be  only  0.3%  and  so  the  yield  stress  is  indicated  in  Figure  5  as  a  bar 
extending  from  700  MPa  at  the  first  load  drop  to  1400  MPa  at  the  load  limit.  Slip  lines  were 
detected  on  the  surface  corresponding  to  {013)  planes.  Dislocations  with  t/2<33l>  Burgers 
vectors  were  found  by  TEM  (see  below)  and  so  the  slip  system  is  concluded  to  be 
{013 }  l/2<33 1>.  This  system  has  a  Schmid  factor  of  0.39  for  the  [001]  compression  axis  while 
die  easy  (01 1  }<10Q>  and  { 1 10}  1/2<1 1 1>  systems  have  zero  Schmid  factors.  A  thin  foil  was 

cut  parallel  to  the  (103)  slip  plane  and  a  typical  area  is  shown  in  Figure  6.  A  g.b  analysis  was 
conducted  and  the  results  are  indicated  in  Figure  6. 


Figure  6  -  Dislocation  microstructure  in  the  (103)  slip  plane  of  [001]  MoSi2  deformed  at  1000°C. 

It  is  seen  that  the  microstructure  consists  of  dislocations  with  1/2[331],  1/2[1 11]  and  [110] 
Burgers  vectors.  The  1/2(331]  dislocations  mostly  lie  in  the  [331]  direction,  i.  e.,  they  are  screw 
dislocations.  Many  of  the  1/2[1 1 1]  and  [110]  dislocations  lie  in  pairs  along  the  [010]  direction 
which  are  connected  to  the  1/2[331]  screw  dislocations.  It  is  concluded  that  the  1/2(331] 
dislocations  decompose  by  a  reaction  of  the  type: 

1/2<331> — >  1/2<1 1 1>  +  <1 10>  (1) 

This  reaction  is  energetically  favorable  because  the  angle  between  the  Burgers  vectors  or  the 
product  dislocations  is  120°.  We  call  equation  (1)  a  decomposition  reaction  rather  than  a 
dissociation  reaction  because  all  of  the  dislocations  have  perfect  Burgers  vectors  and  no  faults  are 
involved.  The  highly  angular  nature  of  the  dislocations  in  Figure  6  with  dislocations  lying  along 
the  [331]  and  [010]  directions  indicates  that  glide  is  controlled  by  a  strong  Peierls  stress.  The 
decomposition  presumably  occurs  after  the  1/2[331]  dislocations  have  stopped  gliding.  The 
dislocation  products  tend  to  stay  in  pairs  because  they  have  low  mobility  even  though  they  repel 
each  other;  the  [1 10]  dislocations  have  a  zero  resolved  stress  acting  on  them  while  the  1/2(1 1 1] 

dislocations  have  a  zero  Schmid  factor  in  their  preferred  (110)  plane  and  must  have  a  very  high 

Peierls  stress  opposing  their  motion  in  the  (101)  plane.  Other  features  in  Figure  6  are  the 
prominent  rows  of  dislocation  loops  which  were  analysed  to  have  [100]  Burgers  vectors  and  lie 
along  the  [010]  direction.  This  is  shown  even  more  clearly  in  Figure  7  which  is  from  a  foil  cut 


perpendicular  to  the  slip  plane.  The  strings  of  loops  evidently  form  from  dipoles  and  we  envision 
the  following  series  of  steps  in  their  formation: 

1.  1/2133 1}  dipoles  form  by  self-trapping  of  dislocations  of  opposite  sign  lying  along  [010], 

2.  The  decomposition  reaction  (1)  occurs. 

3.  The  1/2[1 1 1]  dislocations  of  opposite  sign  annihilate  by  glide  on  the  (101)  plane  leaving  a 
[110]  dipole. 

4.  The  decomposition  reaction  [1 10]  — >  [100]  +  [010]  occurs  which  is  energetically  neutral. 

5.  The  [010]  dislocations  which  are  screw  in  character  glide  in  the  (101)  plane  to  annihilate 
and  leave  a  [100]  pure  edge  dipole. 

6.  The  [100]  dipole  undergoes  fluctuations  induced  by  pipe  diffusion  and  self-climb  to 
produce  a  string  of  loops  lying  along  the  [010]  direction. 

Note  that  this  process  involves  only  localized  diffusion  rather  than  bulk  diffusion  such  as  occurs 
at  higher  temperatures,  as  described  below. 


• 


Figure  7  -  [001]  MoSi2  deformed  at  1000°C  viewed  perpendicular  to  the  (103)  slip  plane. 


fOOl]  Specimens  Deformed  at  12Q0°C.  Specimens  compressed  at  this  temperature  showed  no 
signs  of  yielding  even  when  taken  to  the  limit  of  the  testing  machine  corresponding  to  a  stress  of 
1400  MPa,  as  indicated  by  the  arrow  in  Figure  4.  This  surprising  result  suggests  that  the 
mobility  of  the  1/2<331>  dislocations  decreases  with  increasing  temperature.  A  possible 
explanation  for  this  is  that  the  the  decomposition  reaction  (1)  occurs  before  a  significant  amount 
of  glide  can  occur.  As  pointed  out  before,  the  <100>  dislocations  have  no  resolved  stress  acting 
on  them  and  the  1/2<1 1 1>  dislocations  are  required  to  move  on  {011}  where  they  evidently 
experience  a  high  Peierls  stress.  It  is  also  worth  returning  to  the  observation  that  yielding  at 
1000°C  occurs  in  a  series  of  load  drops,  suggesting  that  1/2<331>  dislocations  nucleate  at  the 
surface  and  move  into  the  specimen  in  bursts.  The  nucleation  event  itself  may  be  inhibited  by  the 
decomposition  reaction  at  higher  temperatures,  thus  preventing  plastic  flow.  The  key  to 
understanding  this  behavior  is  that  the  1/2<111>  disl  ations  only  become  mobile  at 
temperatures  of  1300°C  and  above,  as  described  next. 

fOOll  Specimens  Deformed  at  1300  to  1600°C.  Specimens  compressed  in  the  high  temperature 
regime  yielded  smoothly  with  none  of  the  load  drops  characteristic  of  the  1000°C  test.  Figure  4 
shows  that  the  yield  stresses  are  very  high  but  decrease  rapidly  with  increasing  temperature  from 
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950  MPa  at  1300°C  to  300  MPa  at  1500°C  for  the  10-V  strain  rate  and  from  1500  MPa  at 
1400°C  to  600  MPa  at  1600°C  for  the  lfrV1  strain  rate.  Surprisingly,  slip  lines  could  not  be 
detected  on  the  surfaces  of  the  crystals  after  each  test,  implying  that  slip  occurs  on  a  fine  scale. 
Figure  8  shows  a  typical  microstructure  for  a  crystal  compressed  at  15Q0°C.  Dislocations  occur 
mostly  in  small-angle  tilt  boundaries  and  g.b  analysis  shows  that  the  Burgers  vectors  are  all 
either  <100>  or  <110>.  Thus  the  boundaries  are  on  {100}  or  {110}  planes  and  consist  of 
<10Q>  or  <1 10>  edge  dislocations  respectively.  However,  both  <100>  and  <1 10>  dislocations 
have  zero  Schmid  factors  for  the  [001}  compression  axis  and  so  they  must  have  formed  by 
dislocation  reaction.  In  view  of  the  observation  that  the  1/2<331>  dislocations  are  only  mobile  at 
temperatures  around  1000°C,  we  propose  that  deformation  is  being  produced  by  the  motion  of 
1/2<1 1 1>  dislocations,  most  probably  on  { 101 }  planes.  There  are  8  of  these  slip  systems,  all 
equally  stressed  for  the  [001]  compression  axis,  with  a  Schmid  factor  of  0.33.  The  <100>  and 
<1 10>  dislocations  then  arise  from  interactions  such  as 


1/2[111]  +  1/2(111] 

—>[100] 

(2) 

1/2(111]+  l/2[lli] 

-->[110] 

(3) 

Both  reactions  (2)  and  (3)  are  energetically  favorable  and  and  can  give  rise  to  sessile  edge 

dislocations.  For  example,  in  reaction  (2),  if  the  reacting  dislocations  lie  respectively  on  (101) 
and  (101),  then  the  product  [100]  dislocation  will  lie  along  [010];  these  are  therefore  pure  edge 
dislocations  which  can  then  climb  into  low  energy  tilt  boundaries  to  produce  the  observed 
microstructure. 


Figure  8  -  Microstructure  in  [001]  MoSi2  deformed  1%  at  1500°C  and  lCHs1,  (001)  foil. 


1021)  Specimens  Deformed  at  1000  to  1200°C.  Specimens  compressed  at  1000°C  were  always 
found  to  crack  before  yielding.  However,  at  1 100°C  and  above,  yielding  took  place  smoothly  at 
stresses  an  order  of  magnitude  below  those  for  [001]  crystals.  Slip  traces  were  detectable  and 
were  found  to  correspond  to  the  { 1 10}  slip  plane.  A  typical  dislocation  microstructure  is  shown 
in  Figure  9  for  a  [021]  crystal  deformed  1  %  at  1 100°C;  the  foil  was  cut  parallel  to  the  observed 
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(110)  slip  traces.  Two  sets  of  dislocations  were  identified  in  Figure  9  by  g.b  analysis:  the 
dislocations  in  one  set  have  a  1/2{1 1 1]  Burgers  vector  and  lie  along  [110],  corresponding  to  the 

expected  (110)  slip  plane;  the  others  have  a  [010]  Burgers  vector  and  lie  along  [101],  which 

means  that  they  arc  pure  edge  dislocations  with  a  (101)  slip  plane.  It  is  concluded  that  [021]  is  a 
suitable  orientation  to  activate  both  the  { 1 10}  1/2<1 1 1>  and  { 101  }<01G>  slip  systems.  The  i«tw 
has  a  lower  Schmid  factor,  implying  that  it  has  a  lower  critical  resolved  shear  stress,  as 
later. 


Figure  9  -  Mierostructure  in  [021]  MoSi2  deformed  1%  at  1 100°C,  lfrV,  (110)  foil. 


[Q211  Specimens  Deformed  at  1300  and  14Q0°C.  With  increasing  temperature,  a  greater 
proportion  of  <10Q>  dislocations  were  found  and  less  1/2<111>  dislocations.  A  typical 
microstructure  for  a  crystal  deformed  at  1300°C  is  shown  in  Figure  10.  The  dislocations  are 


Figure  10  -  Dislocation  Mierostructure  in  [021]  MoSh  deformed  1%  at  1300°C,  10-V1. 
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much  less  angular  than  at  1 100°C,  indicating  an  increase  in  the  amount  of  climb.  In  fact,  the 
(010]  dislocations  tend  to  lie  parallel  to  [100]  at  lJOOoC,  compared  with  (101]  at  1 100°C;  this 
could  mean  that  the  glide  plane  has  switched  to  (001)  at  the  higher  temperature  but  climb  seems  a 
more  likely  explanation  in  view  of  the  tilt  boundaries  that  are  produced  in  the  [001]  specimens  at 
the  same  temperature. 

Specimen  10°  off  fQOH  Deformed  at  140Q°C.  The  compression  axis  of  this  specimen  was  10° 
off  the  [001]  orientation  towards  [110]  and  was  prepared  in  order  to  test  the  sensitivity  of  the 
slip  behavior  to  the  exact  orientation.  The  specimen  was  tested  at  a  strain  rate  of  lO^s1  and 
yielded  at  a  stress  of  1200  MPa  followed  by  a  drop  in  stress  to  1000  MPa;  this  compares  with 
1500  MPa  for  the  exact  [001]  specimen  in  Figure  4.  A  typical  dislocation  microstructure  is 
shown  in  Figure  11.  All  of  the  dislocations  were  found  by  g.b  analysis  to  have  1/2[1 11] 
Burgers  vectors  (except  for  the  partial  dislocations  described  below).  They  lie  largely  along  the 

[110]  direction,  implying  that  the  slip  plane  is  (1 10).  The  Schmid  factor  for  the  (1 10)l/2[1 1 1] 
system  is  zero  for  an  exact  [001]  compression  axis  but  it  is  0.15  for  the  actual  axis  10°  off  [001]. 
Because  of  the  large  disparity  between  the  critical  resolved  shear  stresses  for  the  motion  of 

1/2<1 1  i>  dislocations  on  ( 1 10}  and  { 101 }  planes,  this  Schmid  factor  is  enough  to  activate  the 
easier  system  in  spite  of  the  low  resolved  stress  acting  on  it.  The  observation  of  partial 
dislocations  and  stacking  faults  in  Figure  1 1  is  unique  to  this  investigation;  attempts  were  made 
to  image  dissociated  dislocations  by  weak-beam  microscopy  in  all  the  previous  specimens, 
without  success.  The  partials  in  Figure  1 1  were  identified  by  g.b  analysis  and  the  following 
dissociation  reactions  were  found; 

1/2[1 1 1]  — >  1/3(001]  +  1/6[331]  (4) 

and 

1/2(1 1 1]  — >  1/6l301]  +  1/3(001]  +1/2[010]  (5) 


TF 


Figure  1 1  -  Dislocation  microstructure  in  MoSi2  oriented  10s  off  [001]  deformed  4%  at  1400°C 

Reactions  (4)  and  (5)  are  illustrated  in  Figure  12;  both  involve  a  decrease  in  energy  and  both  have 
faults  associated  with  them.  The  partials  in  reaction  (1)  have  Burgers  vectors  joining  Mo  and  Si 
atoms  and  so  the  fault  is  an  anti-phase  boundary(APB).  The  outer  partials  in  reaction  (5)  produce 
complex  stacking  faults.  In  addition,  both  of  the  dissociations  are  produced  by  climb;  for 
example,  the  APB  in  (4)  lies  in  the  (001)  plane  and  so  the  1/3(001]  partials  must  have  moved  by 
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climb.  These  dissociations  are  still  undo1  study  but  our  present  conclusion  is  that  they  occur  after 
the  1/2<1 1 1>  dislocations  have  become  immobilized  and  are  probably  unimportant  to  the  glide 
process. 


1/2<111>  ->1/6<331>+1/3<001>  1/2<111>  ->  1/2<01Q>  +  1/3<001>  +  1/6<301> 

Figure  12  -  Unit  cell  of  MoSi2  showing  the  partials  in  reactions  (4)  and  (S). 

Critical  Resolved  Shear  Stresses 

It  is  apparent  that  glide  occurs  under  various  circumstances  on  four  systems  -  (01 1  }<100>, 
{ 110}1/2<111>,  {013}  l/2<33 1  >  and  {011}  1/2<1 1 1>.  It  is  therefore  important  to  know  the 
critical  resolved  shear  stress  (CRSS)  for  each  of  these  systems  as  a  function  of  temperature,  in 
order  to  be  able  to  predict  the  slip  behavior  as  a  function  of  orientation.  CRSS  values  have  been 
calculated  from  the  yield  stresses  in  Figure  4  by  using  the  appropriate  Schmid  factor  and  the  slip 
system  inferred  from  the  TEM  investigations.  The  results  are  shown  in  Figure  13  where  CRSS  is 
plotted  against  temperature  for  the  four  slip  systems. 


TEMPERATURE  (°C) 

Figure  13  -  CRSS  versus  temperature  for  the  four  slip  systems  in  MoSi2 

Several  assumptions  have  been  made  in  calculating  the  CRSS  data  in  Figure  13: 

1.  For  the  [021]  orientation,  {01 1  }<100>  and  { 1 10}  1/2<1 1 1>  slip  are  equally  activated  by 
the  applied  stress  so  that,  because  {01 1  }<100>  has  the  lower  Schmid  factor,  it  has  the  lower 
CRSS. 


2.  Slip  on  the  [013}1/2<331>  system  only  occurs  around  1000°C  for  the  exact  [001] 
orientation  and  the  effective  CRSS  probably  increases  with  increasing  temperature  because  of  the 
instability  of  the  1/2<331>  dislocation. 

3.  At  some  temperature  between  1000°C  and  1300°C,  [Oil)  1/2<1 1 1>  slip  becomes  easier 
than  {013}  1/2<331>  slip  and  becomes  dominant  for  [001]  compression  at  higher  temperatures. 
The  data  in  Figures  4  and  13  illustrate  the  tremendous  plastic  anisotropy  in  MoSi2.  The  [001] 
compression  axis  is  much  stronger  than  any  other  orientation  but  it  is  essential  to  maintain  the 
orientation  to  within  a  few  degrees  to  avoid  activating  any  of  the  easy  systems.  This  is  true  not 
only  for  single  crystal  MoSi2but  also  for  polycrystalline  material  with  a  strong  [001]  texture 
produced  by  some  suitable  mechanical  or  melt  processing  technique.  This  is  a  preliminary  report 
and  the  investigation  of  the  mechanical  properties  and  slip  behavior  of  single  crystal  MoSi2  is 
continuing[12]. 
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Abstract 

MoSi2  intermetallics,  in  moaolithic  form  or  reinforced  with  SiC  particulates  and 
whiskers,  have  potential  application  in  future  gas  turbine  engines.  In  this  paper  we  have 
examined  the  creep  strengthening  mechanism  in  these  materials,  and  the  influence  of 
micros tructural  size,  the  distribution  of  SiC  reinforcements,  and  the  effect  of  stress  state 
within  the  temperature  range  of  1 100  to  1400°C.  The  matrix  grain  size  has  been  found  to 
have  a  significant  effect  on  creep  rate  for  grain  sizes  less  than  30  pm.  A  model  proposed  to 
explain  mis  behavior  suggests  that  intense  deformation  occurs  in  grain  comers  dining  the 
boundary  sliding  process.  Results  obtained  from  tension  and  compression  tests  indicate  that 
while  creep  by  dislocation  climb-glide  dominates  the  matrix  behavior  as  in  a  metallic 
material,  progressive  microcracking  within  the  reinforcement  phase,  the  associated  grain 
boundary  cavitation  and  glassy  phases  at  the  grain  boundary  can  introduce  a  weakening 
effect.  Studies  with  the  particulate  and  whisker  reinforced  materials  have  revealed  a 
reinforcement  aspect  ratio  effect  on  creep  strengthening. 

Introduction 

The  silicides  of  refractory  metals  such  as  Mo,  Nb  and  W  have  potential  as  high 
temperature  structural  materials  as  well  as  matrix  materials  for  composites  with  service 
capabilities  above  1000°C.  Of  these  materials,  molybdenum  disilicide  exhibits  excellent 
high  temperature  oxidation  resistance,  approaching  that  of  SiC,  because  of  the  formation  of 
a  protective  silica  film  [1-2].  In  spite  of  its  high  melting  point  (2030°Q,  at  ~1000°C  MoSi2 
begins  to  yield  and  exhibit  dislocation  motion  like  metals  do  [3].  At  an  even  higher 
temperature  (~1200°C),  the  yield  strength  of  MoSi2  drops  further  and  its  creep  resistance  is 
also  reduced  [4].  Ailrin  and  others  have  claimed  that  grain  boundary  Si02  (a  viscous  layer) 
is  responsible  for  lower  strength  of  these  materials  [5-6].  Consequently,  attempts  arc  being 
made  to  produce  clean  alloys  by  addition  of  Si02  removers  (e.g.,  C,  Er,  CaO,  etc.)  [7-10] 
and  to  improve  the  mechanical  properties  of  MoSi2  by  synthesizing  composites  with  hard 
ceramic  phases  as  well  as  ductile  metallic  phases  [10-12].  SiC  reinforcement  has  shown 
excellent  bonding  characteristics  with  MoSi2  [9],  and  it  also  rids  the  Si02  inclusions  from 
MoSi2  grain  boundaries  via  chemical  reaction.  Furthermore,  SiC  whiskers  have  been 
previous!/  shown  to  have  potential  for  creep  strengthening  of  MoSi2  [13-14].  It  was  also 
shown  that  grain  boundary  microcracks  can  be  presort  within  such  composites  [9],  thus 
suggesting  that  the  creep  behavior  might  be  a  function  of  the  imposed  stress  state  -  tensile 
vs.  compressive.  When  reinforcements  are  distributed  in  a  fine  scale  through  the 
microstructure,  they  can  change  the  grain  size  of  the  matrix  material  as  well.  The  objectives 
of  this  study  were  to  examine  the  effects  of  reinforcement  type,  damage,  and  the 
microstructural  scale  in  MoSi2  composites  containing  SiC  particulate  and  whisker 
reinforcements,  and  their  effects  on  tensile  and  compression  creep  behavior. 


MoSi2  powder  (-325  mesh)  from  Cerac  was  used  for  consolidating  monolithic  MoSi2- 
Particulate  and  whisker  reinforced  composites  were  prepared  by  mixing  MoSi2  powder 
respectively  with  powders  and  whiskers  of  SiC,  (20  vol%  in  each  case).  Table  1  lists  the 
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source  of  the  constituents  and  their  particle  size.  For  the  SiCp  composites,  a  slurry  milling 
approach  was  used  to  develop  a  homogeneous  intimate  mixture  of  tine  scale  constituents. 
In  the  case  of  SiC  whisker  reinforcement,  ultrasonic  blending  was  used  which  led  to  greater 
agglomeration  of  reinforcements  and  a  larger  interpaiticle  spacing.  The  powder  mixtures 
were  hot  pressed  in  a  graphite  die  at  1700°C  for  2  hours  under  28  MPa  pressure.  Hot 
pressed  billets  were  cut  and  a  portion  HIPed  at  1700°C  for  90  min  under  200  MPa  pressure. 
The  oxygen  content  of  the  monolithic  and  SiCp  composites  were  respectively  0.6  wt%  and  4 
wt%. 


TABLE  I. 

SIZE  AND  SOURCE  OF  MATRIX  AND  REINFORCEMENTS 


MATERIAL 

AVE.  PARTICLE  SIZE 

SOURCE 

MoSi2 

5pm 

Cerac,  Inc. 
Milwaukee.  WI 

SiCp 

0.7  pm 

RC.  Stark 
Germany 

SiCw 

0.5  pm  dia. 

Tateho  Chemical 

50  pm  length 

Japan 

Characterization  of  Microstructure 

The  optical  micrographs  of  MoSi2  and  the  two  composites  are  shown  in  Fig.  1.  Grain 
boundaries  were  revealed  in  cross-polarized  light.  The  average  grain  size  of  monolithic 
MoSi2  was  30  pm,  that  of  SiCp  reinforced  material  was  3  pm,  and  SiCw  reinforced  material 
was  7  pm.  The  monolithic  material  showed  small  spherical  Si02  particles  (not  a  continuous 
film)  on  the  grain  boundaries  and  a  small  amount  of  porosity,  the  total  volume  of  both  was 
approximately  5%.  Previous  work  with  high  resolution  TEM  showed  that  the  interface 
between  SiC  and  MoSi2  is  free  from  contaminants  without  a  special  orientation  relationship. 
The  reinforcement  agglomerates  were  always  located  on  grain  boundaries  and  a 
considerable  amount  of  void  formation  was  found  within  the  agglomerated  regions  (see 
Fig.  2).  The  void  density  was  approximately  6%. 


MoSlj 

Avg.  Grain  (to  »  30pm 


UoSl!-20S  SiCp 

Avg.  Grain  * era  *  3  pm 


MoSij-20%  StCw 
Avg.  Grab)  tin  »  7  pm 


Fig.  1.  Microstructures  of  hot-pressed  MoSi2  and  MoSi2/SiC  composites. 


Compression  Tests 


Rectangular  samples,  3  mm  x  3  nun  x  6  mm,  were  cut  from  the  billets  and  two  types  of 
compression  tests  were  conducted  in  the  temperature  range  of  1100-1400°C  by  pressing  the 
samples  between  rigid  SiC  platens  in  an  argon  environment  The  tests  woe  conducted  on 
an  Instrou  machine  fitted  with  a  Centorr  furnace  also  in  a  high  purity  argon  environment 
The  first  set  of  tests  were  step  strain  rate  tests  in  which  the  samples  were  first  strained  at  a 
strain  rate  of  KHs"1  to  a  study  level  of  stress,  followed  by  decremcntal  step  strain  rate 
tests.  Steady  stress  values  were  achieved  at  each  strain  rate  level  which  were  subsequently 
used  to  plot  log  (strain  rate)  vs.  log  (stress)  plots.  Constant  stress  creep  rests  were  also 
performed  by  subjecting  separate  samples  to  controlled  load  levels.  A  constant  stress  on  the 
creeping  specimen  was  maintained  by  increasing  this  load  with  continued  creep  strain  under 
the  assumption  of  constant  specimen  volume.  Cross  head  displacement  corrected  for 
machine  compliance  was  used  to  determine  sample  strain.  Normal  creep  curves  with 
primary,  secondary  and  tertiary  regions  were  observed.  Minimum  creep  rates  were 
determined  from  the  strain-time  plots,  and  plotted  as  a  function  of  stress. 

Tensile  Tests 


From  die  cylindrical  billets,  slices  were  cut  perpendicular  to  their  axes  and  a  gauge 
section  with  large  grip  tabs  was  fabricated  by  diamond  grinding.  The  specimen  cross- 
section  was  3  mm  x  3  mm  and  the  gauge  length  was  6  mm.  A  special  SiC  grip  was 
fabricated  to  pull  the  tabs  from  beneath  them  (i.e.  loading  on  edge  not  face).  Constant  stress 
creep  tests  were  conducted  in  a  manner  described  previously  for  the  compression  tests. 
Typically  several  load  levels  were  explored  from  each  specimen.  The  onset  of  tertiary  creep 
(or  fracture)  was  found  to  occur  at  much  smaller  strain  levels  and  more  abruptly  than  in 
compression. 


Fig.  2.  SEM  photograph  of  MoSi2/SiCn 
composite  showing  microvoids 
within  regions  of  SiCp 
agglomerates. 


> 
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Fig  3.  Step  strain  rate  and  creep 
test  results  for  MoSfc 
under  compression  and 
tension  loading  at  1200°C. 


F.xneri  mental  Results  and  BjagiMMD 


OmaBtiavarand  Mechanisms 

Figure  3  shows  strain  rate  vs.  stress  data  for  MoSfeat  1200°C  from  compression  creep 
and  step- strain  rate  tests  as  well  as  from  tension  creep  tests.  The  results  include  hot-pressed 
and  Hir'd  materials,  and  exhibit  some  degree  of  scatter.  An  average  curve  drawn  through 
the  compression  data  points  shows  a  stress  exponent  (n)  for  creep  of  about  4.3  at  high 
stresses  and  3.0  at  the  low  stresses,  which  is  indicative  of  dislocation  creep  [13-16].  Tne 
tension  data  shows  a  40-30%  weakening  relative  to  compression,  and  it  has  an  n  value  of 
2.7  (at  low  stresses).  The  lower  n  for  tension  may  be  a  result  of  concurrent  grain  boundary 
microcracking  which  was  observed  in  this  material  (Fig.  4).  Such  microcracking  in  the 
form  of  wedge  cracks  is  possibly  diffusion  assisted.  Fig.  3  shows  step-strain  rate  test  data 
for  1100°C  1300°C,  and  1400°C  as  compared  with  the  compression  curve  for  1200°C  from 
Fig.  2.  This  family  of  curves  clearly  illustrates  a  decreasing  n  with  increasing  temperature. 
However,  at  1 100  and  1200°C  (homologous  temperatures  of  0.60-0.63),  die  observed  creep 
behavior  fits  climb-controlled  creep  models  of  Weertman  [IS],  and  Weertman  and 
Weertman  [16]  and  also  viscous  glide  models  with  stress  exponents  varying  in  the  range  of 
3  to  4.3.  A  value  of  n  =  3  was  also  found  by  Umakoshi  et  al.  for  single  crystal  MoSi2ll7]. 
Transmission  Electron  Microscopy  of  dislocation  structure  of  specimens  deformed  at 


Fig.  4.  Intergranular  cracking  during 
tensile  creep  of  MoSi2  at  1200°C 
creep  strain  -  0.9%  at  30  MPa. 
Failure  occurred  when  the  sample 
was  loaded  to  100  MPa. 


Fig.  3.  Step  strain  rate  test  data  in 
compression  for  MoSi2  at 
several  temperatures, 
compared  with  the  curve 
for  compression  from  Fig. 
3.  Stress  exponents  (n)  at 
10-V1  are:  5.7  (1100°Q, 
3.8  (1200°C),  3.5  (1300°C) 
and  2.4  (1400°C). 


1300°C  indicated  the  formation  of  di (location  cells  and  subgrains  (Fig.  6)  as  further 
evidence  for  the  glide-climb  process.  Subgrain  size  was  in  the  range  of  0.5-0.2  tun  and  the 
dislocations  which  have  been  identified  with  this  structure  are  {0l0}<100>,  {Oil }<100>, 
[013}<100>,  (001  }<110>  and  ( 101 }  1/2<1 1 1>.  (These  results  are  from  H.  Rung  of  the 
University  of  Michigan)  All  of  the  high  temperature  data  from  Fig.  5  and  those  from  Refs. 
[13]  and  [18]  are  plotted  in  die  form  of  Zener-HoUomon  parameter  (Z  «  £  exp  «yRT)  in 
Fig.  7.  The  data  lie  in  a  narrow  band  exhibiting  an  activation  energy  for  creep  of  about  372 
kJ/mol.  This  latter  value  compares  with  433  kJ/mol  as  found  by  Sadananda  et  aL  [13]  and 
230  kJ/mol  of  Alman  et  aL[19].  The  two  segments  of  this  curve  show  values  of  n  ■  4.4  for 
the  higher  stress  range  and  n  -  1.7  for  the  lower  stress  range,  as  in  Ref.  [13],  The  material 
in  the  present  work  has,  however,  a  higher  strength  level  These  observations  strongly 
suggest  that  dislocation  climb-glide  creep  in  this  material  is  accompanied  by  grain  boundary 
sliding,  and  at  low  stresses  and  above  1300°C  sliding  is  possibly  accommodated  by 
diffusional  processes  and  occurs  concurrently  with  cavity  growth. 

The  effect  of  reinforcements  on  composite  strength  is  shown  in  Fig.  8.  Composite  test 
results  are  indicated  by  data  points  along  with  other  data  shown  by  curves.  A  significant 
weakening  relative  to  MoSfc  (solid  line)  was  observed  for  the  20%  SiCo  reinforced 


Fig.  6.  TEM  bright  field  micrograph 
of  MoSi2  deformed  at 
1300°C  in  compression 
which  shows  the  formation 
of  dislocation  cells  and 
subgrains.  (Photo  Courtesy 
of  R  Rung.) 


Fig.  7.  Zener-Hollomon  parameter,  t 
plotted  against  stress  for  all  ? 

compression  data  on  MoSi2  ¥ 

shown  in  Figs.  3  and  3.  The  o 
data  of  Sadananda  et  al.  [13]  '§■ 

and  Chang  and  Gibala  [18]  * 

are  included  for  R 

comparison.  A  lower  value  n 

of  n  occurs  at  stresses  below 
72  MPa. 


Strain  rate,  r1 


cor  ite.  SiCw  (20%)  produced  a  somewhat  lesser  weakening  effect  The  data  of 
Sa<  ia  et  ai.  [13]  is  cross-plotted  to  indicate  that  this  whisker-reinforced  material 

(fa  2d  at  Los  Alamos  National  Laboratory)  showed  substantial  strengthening  over 

mo.wuthic  MoSi2-  Furthermore,  the  data  of  Mason  and  Van  Aken  [20]  is  shown  for  their 
arc-melted  MoSt2-MojSi3  interlocking  script  micnxtructure  eutectic  composite.  This  also 
shows  strengthening  over  die  P/M  MoS»2  matrix.  The  values  of  n  for  the  composites  were 
not  significantly  different  from  that  of  the  matrix  and  were  in  die  range  of  3  to  3.4. 

Matria 

The  apparently  unusual  composite  weakening  effect  in  this  study  as  well  as  Ref.  [9] 
may  be  partly  rationalised  as  a  result  of  particle  agglomeration,  and  die  presence  of  voids  or 
damage  within  the  SiC  clusters.  However,  this  can  account  for  no  more  than  20%  loss  in 
creep  strength.  Possible  sources  for  the  lane  strength  discrepancy  might  then  be:  (i)  a 
greater  amount  of  grain  boundary  silica  leadrng  to  viscous  sliding  of  grains,  and/or  (ii)  a 
grain  sire  effect  (not  normally  expected  in  the  dislocation  creep  regime).  To  examine  these 
possibilities,  we  plotted  *='*  ng.  9  a  collection  of  strain  rate  vs.  stress  data  for  the  M0S12 
matrix  (without  reinf  <«.  *’>  for  various  grain  sizes  and  oxygen  content  from  a  number  of 
sources  [3,  10,  13,  .  ’  ].  e  P/M  material  data  from  Atkin  [3]  falls  on  present  data 
(solid  line),  and  his  supercL^i  XD-processed  M0S12  (extremely  low  oxygen)  [3]  shows 
slight  strengthening.  Sruiivt  n  ~nd  Schwartz  [18]  produced  fine  grain  MoSi2  (~  3  pm  g.s.) 
by  mechanical  milling  in  an  inert  environment.  With  only  0.13  wt%  oxygen,  the  strength  of 
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Fig.  8.  Step  strain  rate  and 
creep  test  results  in 
compression  (1200°C) 
for  MoSi2/20%SiC„ 
and  MoSi2/20%SiCw 
composites  (data 
points)  compared  with 
monolithic  MoSi2  from 
Fig.  3  and  from  Refs. 
13  and  20. 


KT3 


1IT4 

Fig.  9.  A  collection  of  strain  rate  ^ 
vs.  stress  data  for  MoSi2  ’• 
at  1200°C  —  solid  line  a?  io-* 
(30  pm  g.s.)  is  from  of 
Fig.  3.  Data  for  different  c 

grain  sizes  and  SiC>2  « 

content  (see  text)  are  from  k> 
Reft.  5, 10,13, 19  and  21.  « 

Closed  triangle  is  for  P/M 
MoSi2  from  Ref.  5.  10'7 
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their  material  is  found  to  be  an  order  of  magnitude  lower  than  that  of  our  M0S12  matrix 
material  which  contains  0.6  wt%  oxygen.  The  data  of  Alman  et  al.  [21]  is  also  for  a  grain 
line  of  about  3 pm.  The  oxygen  content  is  not  known  in  this  case,  but  die  line  joining  the 
last  two  data  points  exhibits  a  stress  exponent  of  about  3.1,  which  is  not  significantly 
different  from  that  of  the  matrix.  The  3  pm  grain  size  MoSfe  is,  however,  at  least  an  order 
of  magnitude  weaker  than  the  30  um  g.s.  material  investigated  in  this  work.  Furthermore, 
the  data  of  Sadananda  et  aL  [13]  snows  lower  creep  strength  in  comparison  to  that  from  the 
present  work  even  though  their  oxygen  content  (0.3-0.5  wt%)  is  lower  than  ours.  The  creep 
behavior  of  MoSfe  containing  13%  grain  boundary  SK>2was  previously  studied  [10]  which 
showed  weakening  by  about  80%,  out  not  by  an  order  of  magnitude.  This  curve  is  also 
included  in  Fig.  9  Tor  comparison.  Thus,  oxygen  (or  SK>2)  content  by  itself  may  not  be  the 
major  contributor  to  the  lowering  of  creep  strength  in  MoSi2-  Furthermore,  amen  SiC>2  is 
present  at  die  grain  boundary,  a  viscous  S1O2  layer  is  expected  to  produce  a  stress  exponent 
value  between  1  and  2,  which  is  significantly  less  than  what  is  observed  here.  Despite  one 
unusual  data  point  of  Sadananda  et  al.  [13],  Fig.  9  clearly  shows  an  overall  effect  of  grain 
size  on  creep  strength,  i.e.,  increasing  grain  size  leading  to  higher  creep  strength  without 
significantly  influencing  the  stress  exponent  The  additional  data  for  MoSia/wSfe  solid 
solution  alloy  [13]  indklues  that  even  with  refractory  additions  the  strengthening  achieved 
is  less  than  die  overall  grain  size  effect  It  must  be  emphasised  that  this  overwhelming  grain 
size  effect  on  creep  strength  is  found  primarily  in  the  dislocation  climb-glide  regime,  albeit 
in  concurrence  with  grain  boundary  sliding,  an  effect  which  is  not  commonly  recognized. 

To  investigate  the  universality  of  this  matrix  grain  size  effect  on  dislocation  climb- glide 
creep,  we  plot  in  Fig.  10  stress  for  a  Axed  strain  rate  as  a  function  of  grain  size  taken  from 
the  literature  [22-24].  A  number  of  intermetallic  alloy  systems  are  represented  at  a 
homologous  temperature  of  about  0.6,  within  die  climb-controlled  creep  (3.4  S  n  £  3.7) 
regime.  A  grain  size  dependence  is  visible  for  each  intermetallic  alloy.  Using  a  simple 
relationship  o  =  BdP,  where  o  is  stress  for  a  fixed  creep  strain  rate  e,  d  =  grain  size,  and  B 
=  a  temperature  dependent  constant,  the  grain  size  exponent,  p,  is  found  to  be  within  the 
range  0.43-0.76.  It  should  be  noted  that  similar  grain  size  dependence  at  0.5  Tm  was  found 
by  Barrett,  Lytton  and  Sherby  [23]  for  copper  for  grain  sizes  below  100  pm.  Here  also,  the 
effect  seems  to  become  smaller  for  grain  sizes  larger  than  100  pm. 

With  grain  size  dependence  of  the  matrix  behavior  in  mind,  the  creep  strength  for 
MoSi2  and  its  composites  at  e  *  lO'V1  is  plotted  in  Fig.  1 1  as  a  function  of  grain  size.  All 
composites  are  found  to  be  stronger  relative  to  their  own  matrices,  (i.e.,  for  the  same  grain 
size).  SiCw  reinforcements  appear  to  provide  greater  strengthening  relative  to  the  matrix 
than  either  SiCp  and  MosSi3.  The  efficiency  of  strengthening  expressed  as  (Ao/Om)/vf, 
where  Ao  =  strength  enhancement,  Om  =  matrix  strength,  vf  =  reinforcement  voi  fraction  is 
2  for  SiCp,  2.4  for  SiCw  (this  woik),  3.8  for  SiC*  [Ref- 13]  and  1.52  for  Mo$Si3.  The  lower 
strengthening  efficiency  of  SiCw  in  this  work  is  possibly  due  to  the  imcrostructural  damage 
present 


A  Creep  Dcfonnaflon  Model  fg  Mania 

A  simple  model  has  beat  developed  to  explain  the  grain  size  dependence  of  dislocation 
creep  rate.  The  basic  concept  was  proposed  bv  Gifkins  [26]  in  which  grain  boundary 
sliding  is  accommodated  by  triple-point  fold  formation.  Whether  or  not  folds  form, 
significant  stress  and  strain  concentration  can  be  present  near  triple  points  during  grain 
boundary  sliding.  Even  though  some  diffusional  stress  relaxation  [27-28]  can  occur  in  this 
region,  at  lower  temperatures  where  dislocation  creep  is  the  primary  deformation 
mechanism,  relaxation  is  incomplete.  In  ordered  in terme tallies,  the  grain  interior  can 
maintain  strong  directional  bonding  and  lower  diffiisivity  in  comparison  to  the  disordered 
grain  boundary  and  triple-point  comer  regions.  Fig.  12  schematically  shows  a  two- 
dimensional  grain  boundary  inclined  at  45°  to  the  compression  axis.  A  state  of 
compression,  resolved  into  shear  plus  biaxial  compression  when  applied  on  the  segment  of 
the  boundary,  will  lead  to  sliding  tendency  under  superimposed  pressure.  Deformation  of 
the  grain  comers  must  take  place  to  accommodate  any  sliding  which  can  occur.  Thus  the 
sliding  shear  rate,  f  oe  Efc.  where  «=  local  strain  rate  in  grain  comers,  which  is  greater 
than  that  within  grain  interior  due  to  a  stress  concentration  factor,  k.  The  dislocation  creep 
rate  in  grain  comers  can  follow  the  same  general  stress  dependence  as  the  grain  interior 
except  that  dislocation  sources  are  numerous  and  easily  activated.  Thus,  if  the  general  grain 
creep  law  is  given  by  =  Ao",  the  constant  A  can  lie  higher  and  stress  exponent  n  can  be 
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Fig.  10.  Creep  strength  at  constant 
strain  rate  as  a  function  of 
grain  size  for  a  variety  of 
mtermetailic  alloys  from 
Refs.  22,  23,  and  24  are 
compared  against  MoSi2 
data  (1200°C)  from  Fig.  9. 
(  T  h  *  homologous 
temperature;  for  Ti3Al  0- 
transus  is  used  for 
normalization.)  The  slope,  p 
(grain  size  exponent)  values 
are  shown. 


Fig.  11.  Stress  vs.  grain  size  data,  at  a 
strain  rate  of  lO'V 1  for 
monolithic  MoSi2  from  Fig.  10, 
compared  with  data  for  various 
composites  from  Fig.  8  for  the 
same  strain  rate. 
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Fig.  12.  Schematic  of  a  simple  model  of  creep  in  compression  showing  intense  deformation 
zones  in  grain  corners  which  control  the  rate  of  grain  boundary  sliding. 
Background  creep  in  the  grain  matrix  is  described  by  power  law:  e-  A  o®. 
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lower  for  the  triple-point  regions.  If  we  neglect  any  change  in  n,  but  consider  a  source 
enhancement  factor,  p,  die  local  strain  rate  in  the  comer  becomes 

efc=pA(ko)n=(pAk")o“  (D 

Since  grain  boundary  sliding  contribution  to  overall  strain  rate,  e^,  is  proportional  to 
sliding  shear  rate  y,  and  the  number  of  active  grain  corners  per  unit  volume, 

t  (nc  /d3)  «  etc  (nc  /d3)  (2) 

where  Nc  » the  number  of  active  corners/grain  (diameter  -  d). 

Substituting  Eq  (1)  in  Eq  (2),  the  total  strain  rate  can  be  given  by: 

e  =  Eg  +  Egfcg  =  Ac"  +  a  NcpAk“(on /d3)  (3) 

where  a«i  constant  of  proportionality.  Eq  (3)  can  be  expressed  in  a  simple  form  as 

e^A  +  Ai/d3)^  (4) 

where  the  constant  Aj  =  a  NcpAk“.  Thus,  die  creep  Eq  (4)  combines  a  strongly  grain  size 
dependent  part  with  a  grain  size  independent  part  in  an  overall  dislocation  creep  framework. 

Using  the  matrix  creep  data  for  3  pm  and  30  pm  grain  size  materials  from  Fig.  9,  the 
constants  A  and  Ai,  in  Eq  (4),  can  be  determined  and  then  die  strain  rate  vs.  stress  plots  for 
a  number  of  other  grain  sizes,  7  pm  and  18  pm  and  100  pm,  can  be  calculated  (linear  plots) 
as  shown  in  Fig.  13.  Composite  strength  data  (points)  from  Fig.  8  are  cross-plotted  in  Fig. 
13  to  demonstrate  strengthening  effect  in  each  composite.  This  extent  of  strengthening  can 
be  explained  by  existing  composite  creep  models  [29-30]. 

Damage  also  plays  an  important  role  in  composite  strength.  Pre-existing  voids  and 
microcracking  during  creep  can  decrease  the  strength  level  if  no  superimposed  pressure 
exists  on  the  grain  boundaries.  In  tensile  tests,  there  is  a  net  tensile  stress  component 
normal  to  the  grain  boundaries  aiding  in  the  boundary  opening  up  during  grain  stretching 
and  boundary  sliding.  The  strain  increment  from  this  provides  enhanced  creep  rate  as 
shown  in  Fig.  14  for  both  the  matrix  and  SiCp  reinforced  composite.  This  strength 
differential  effect  is  greater  for  composites  since  the  initial  damage  is  much  greater  for 
composites.  It  is  interesting  to  note  that  while  tensile  specimens  fail  with  virtually  zero 
creep  ductility,  under  compression  the  fine  grain  composites  can  undergo  significantly 
higher  creep  strain  than  MoSi2  matrix  before  fracture.  Thus,  grain  refinement  can  impart 
greater  toughness  at  the  expense  of  creep  strength. 

Conclusions 

1.  Monolithic  MoSi2  in  the  1 1 00-1 400° C  temperature  range  deforms  primarily  by 
dislocation  climb-controlled  creep,  with  concurrent  grain  boundary  sliding.  Creep  stress 
exponents  vary  between  4  and  2.  Sliding  is  accommodated  by  dislocation  creep  at  1 100 
and  1200°C,  and  diffusional  creep  at  higher  temperatures.  Dislocation  cells  and 
subgrains  form  during  primary  creep  at  higher  temperatures.  The  activation  energy  for 
creep  is  about  374  kJ/rnol. 

2.  A  grain  size  dependence  of  creep  strength  is  observed  for  grain  sizes  30  pm  and  less 
with  an  exponent  of  0.76  for  grain  size.  Thus,  creep  strength  increases  with  increasing 
pain  size,  eventually  saturating  around  100  pm  size,  a  behavior  common  with  other 
intermetaliics  and  some  meals. 

3.  A  dislocation  climb-glide  creep  model  with  concurrent  grain  boundary  sliding  which  is 
accommodated  by  intense  deformation  at  grain  comers  is  found  to  explain  the  observed 
grain  size  dependence. 


Kg-  13.  Calculated  strain  rate  vs. 

stress  plots  for  matrices 
with  different  grain  sizes 
(dashed  lines)  compared 
with  composite  data  for 
the  same  grain  sizes.  The 
solid  tines  are  for  3  and  30 
pm  g.s.  MoSh  are  from 
Fig.  9.  The  large  arrows 
indicate  the  extent  of 
composite  strengthening 
relative  to  matrix. 
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Fig.  14.  Strain  rate  vs. 

stress  data  for 
MoSi2/20%SiCp 
in  compression 
and  tension  at 
1200°C  compared 
with  similar  data 
on  monolithic 
MoSi2. 
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4.  Addition  of  SiCp  and  SiCw  reinforcements  to  MoSq  matrix  produce  creep  strengthening 
relative  to  the  matrix  present  within  the  composites.  However,  relative  to  coarse  grain 
matrix,  weakening  often  occurs  because  reinforcement  addition  can  cause  significant 
grain  refinement. 

5.  Creep  strengths  of  MoSi2  and  its  composites  are  lower  in  tension  than  in  compression 
because  tpin  boundaries  are  prevented  from  separating  readily  during  compression 
testing.  Composites  with  a  greater  flaw  density  within  reinforcement  regions  are  more 
sensitive  to  this  strength  differential  effect 
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Abstract 

A  planned  space  plane  will  fly  at  speeds  in  excess  of  Mach  10.  It  is 
estimated  that  the  surface  of  the  fuselage  will  be  subjected  to  a  very  high 
temperature,  2000K,  by  aerodynamic  heating.  High  performance  jet  and  rocket 
engines  for  the  space  plane  also  will  be  subjected  to  very  high  temperatures. 
Therefore,  the  surfaces  of  the  fuselage  and  engine  parts  should  have  a  proper 
thermal  barrier. 

Ceramics  as  thermal  barrier  coatings  on  a  metal  part  form  a  kind  of 
composite.  However,  if  an  ordinary  composite  is  heated,  internal  stresses  with  a 
sharp  peak  due  to  the  thermal  coefficients  difference  may  cause  cracks  or 
spalling.  If  we  eliminate  the  interface  by  gradually  changing  the  composition 
from  ceramic  to  metal,  the  internal  stress  will  be  reduced,  as  there  is  no 
stress  concentration  present.  Such  a  material  is  called  a  functionally  gradient 
material  (FGM). 

Science  and  Technology  Agency  (STA)  of  the  Japanese  Government  had  started 
a  5— year  national  project  to  develop  PGMs  since  1987.  Roughly  classified,  four 
processes;  i.e.,  gaseous,  powder  configuration,  spraying  and  self-propagating 
high  temperature  synthesis  (SHS)  were  applied  to  fabricate  FGMs  in  the  project. 
A  300  mm  square  panel  of  FGM  and  FGMs  with  several  curves  were  fabricated, 
and  the  project  successfully  ended  in  March  1992.  The  concept  of  FGM  can  also  be 
applied  to  fiber-reinforced  plastics,  electronics,  biomaterials,  etc.  New 
national  project  to  develop  energy  conversion  FGMs  will  be  started  in  April, 
1993,  by  STA. 


Introduction 

The  space  plane  will  be  designed  to  fly  from  Japan  to  Europe  or  U.S.A.  in  a 
few  hours.  Flying  path  is  not  decided  yet,  as  it  depends  on  the  performance  of 
the  materials  and  designing  of  the  plane.  It  is  expected  to  fly  at  speeds  of 
over  Mach  10  in  rather  dense  air,  and  fly  at  a  speed  of  Macb  25  in  a  vacuum 
orbit.  When  the  space  plane  is  flying  in  air,  the  speed  is  much  faster  than  a 
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Edited  by  N.S.  StotofT,  DJ.  Duquette  and  A.F.  Giamei 
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traditional  space  shuttle.  It  is  anticipated  that  the  fuselage  is  subjected  to 
intense  heat.  The  nose  cone  and  the  air  inlet  of  the  engine  of  a  space  plane  may 
be  exposed  to  2000 1C,  which  is  a  much  higher  temperature  than  that  encountered  by 
the  space  shuttle  (1700K).  No  monolithic  material  is  available  which  has 
sufficient  toughness  and  heat  resistivity  to  withstand  this  high  temperature. 

Generally  speaking,  ceramics  are  heat  resistive,  and  metals  are  tough  for  a 
structural  member.  Thus  thermal  barrier  of  ceramics  is  often  coated  or  stuck  on 
a  metal  member.  In  the  case  of  a  space  shuttle,  two  kinds  of  ceramic  tiles  are 
applied  on  the  fuselage,  forming  a  composite.  All  properties,  such  as  heat 
resistivity,  thermal  expansion  coefficient,  Young’s  modulus,  etc.  have  a  large 
discontinuity  at  the  interface  between  ceramics  and  a  metal  member  as  shown  in 
Fig.  l.a).  When  such  the  composite  is  heated,  thermal  stresses  with  sharp 
gradients  are  induced  at  the  interface  due  to  the  difference  of  coefficients  of 
thermal  expansion  (CTE)  between  two  different  materials.  The  stress  often  causes 
delamination  or  spalling  of  the  coated  ceramics.  It  is  well  known  that  ceramics 
tile  often  debond  from  the  fuselage  of  the  space  shuttle. 

At  such  elevated  temperatures,  no  traditional  beat  protective  system  is 

reliable  at  a  reasonable  stress  level  at  the  interface  as  described  above.  Then 

the  space  plane  should  have  a  proper  thermal  barrier  on  the  surface  of  the 
fuselage. 

A  shuttle  has  small  engines  on  board,  but  they  are  used  only  to  control  the 
position.  This  is  because  the  shuttle  is  launched  by  a  huge  rocket.  Then  the 

engines  on  the  shuttle  nee '.  not  to  be  used  at  severe  operating  condition.  In  the 
case  of  the  space  plane,  it  has  to  fly  by  itself.  The  turbo-jet  engine  will  be 

used  at  a  speed  of  up  to  Mach  4,  a  scram-jet  engine  is  used  at  a  speed  between 

Mach  4  to  Mach  7  and  a  rocket  engine  is  for  over  Mach  7.  Then  all  the  engine 
parts  such  as  turbine  blades,  combustion  chambers,  etc.,  will  be  subjected  to 

severe  condition.  Then  highly  heat  resistive  materials  should  be  applied  not 
only  to  the  fuselage,  but  also  to  the  parts  in  high  performance  jet-  and  rocket 
engines. 

Relaxing  the  stress,  which  is  introduced  by  the  difference  of  CTEs,  is  the 

most  essential  to  construct  the  space  plane.  If  we  eliminate  the  interface  by 

changing  the  composition  gradually  from  ceramics  to  metal,  every  property  will 
change  continuously  in  the  material.  Then  it  does  not  have  sharp  stress 
concentrations,  because  every  functionality  changes  continuously  as  the  internal 
composition  varies  gradually  from  ceramics  on  the  face  to  metal  on  back  side  as 
shown  in  Fig.  l.b).  Such  the  material  is  a  functionally  gradient  materials,  PGM. 
At  the  moment,  FGM  is  highly  promising  materials  for  the  space  plane.  Three  main 
groups  of  designing,  fabrication  and  evaluation,  cooperate  with  each  other. 

Designing  of  FGM  was  mainly  performed  by  Tokyo  Institute  of  Technology 
group  (1)  and  Dai  kin  Co.  group  (2).  The  procedure  is  as  follows;  At  first,  a 
thin  layer  (dz)  in  an  FGM  is  assumed  to  have  a  uniform  composition  as  shown  in 
Fig.  2.  As  the  illustration,  it  was  considered  that  a  ceramic-metal  gradient 
material  in  the  form  of  a  thin  plate,  in  which  compositional  graduation  occurs 
along  the  thin  layer  direction  (the  z-axis).  The  plate  is  now  assumed  to  be  in  a 
stationary  state  under  a  prescribed  thermal  gradient  field.  Thermomechanical 
analysis  of  the  plate  was  conducted.  Then  the  shape  of  the  dispersoids  is 
assumed  as  ellipsoid,  and  when  the  ratio  of  x  i  axis  and  X2(xs)  axis  is  changed, 
and  the  x  t  is  much  longer  than  the  others,  the  dispersoids  are  cylindrical.  If 
the  xi  axis  and  X2(x3)  arc  the  same,  the  dispersoids  arc  spherical,  and  if  the 
X|  axis  is  much  shorter  than  x2(x3),  the  dispersoids  are  platelet.  Besides  the 


shape  of  the  dispersoi  ds,  the  orientation  of  the  dispersoids  can  be  determined 
by  determining  the  axis,  if  need. 

Thus  the  properties  of  the  thin  layer  can  be  determined  from  the  properties 
of  constituent  materials  by  using  well  known  rule  of  mixtures. 

Assuming  that  the  constituents  of  FGM  compromise  phase  A(ceramic),  phase 
B(metal),  and  micro— pore,  the  fraction  volumes  for  constituents,  expressed  as 
Va,  Vb,  Vp  respectively,  satisfy  the  following  equation  as  shown  in  Fig.  3(a). 

Va  +  VB  +  Vp  =  1  (1) 

In  order  to  simplify  the  treatment,  the  nondimensional  parameter  is 
introduced  as  follows: 


Vb’=  VB  /  (VA  +  Vfi) 

As  shown  in  Fig.  3(b),  we  define  the  distribution  function 
non-dimensional  thickness  z. 


(2) 

for  Vb’  with 


Vb’  =  f(z)  = 


fo 


0  sC  ziz o 
Zo  £  Z£Z|  (3) 
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Then,  the  fractional  volumes  of  the  constituents  A  and  B  can  be  expressed 
as  functions  of  Vb’  and  an  independent  distribution  Vp,  as  follows: 


VA  =  (l  -  Vp)(i  -  Vb’) 
Vb  =  (1  -  Vp)Vb’ 

Estimation  of  Effective  Properties 


(4) 


In  order  to  calculate  the  temperature  distribution  and  the  thermal  stress 
distribution  in  the  PGM,  effective  material  properties,  such  as  the  thermal 
conductivity  A,  the  coefficient  of  thermal  expansion  a,  and  the  elastic 
constants  including  Young’s  modulus  E  and  Poisson’s  ratio  u,  for  intermediate 
compositions  of  the  PGM  are  required.  There  are  several  wavs  implemented  in  the 
system  for  estimating  the  effective  material  properties  of  the  intermediate 
compositions,  which  are  classified  into  two  different  categories,  that  is, 
heuristic  and  theoretical  approaches. 


Heuristic  Approach 

In  the  field  of  composite  materials,  different  types  of  rules  of  mixture 
have  been  proposed  theoretically  or  experimentally  with  respect  to  rather 
simpler  microstructures.  We  implemented  these  rules  for  the  required  material 
properties  baaed  upon  the  microstructure.  These  rules  are  all  expressed 
generally  in  the  following  fo.m: 


P(z)  =  VA(z)PA  +  Vs(z)Pb  +  Vb(z)Vb(z)Qab  (5) 

In  these  equation,  P  denotes  any  one  of  the  properties.  Pa  and  Pb 
correspond  to  the  basic  properties  of  each  cons titu tent  phase,  and  Qab  is  a 


function  of  Va,  Vb,  Pa,  P b  *nd  Vp. 
Micromechanical  Approach 


Esbclby  (3)  solved  the  general  problem  of  the  elastic  field  of  an 
ellipsoidal  inclusion  embedded  in  an  infinite  homogeneous  medium  (called  a 
“  matrix”  ). 

In  orticr  to  treat  practical  situations  of  composite  materials,  Wakashima  et 
al.  (4)  extended  Eshclby’s  equivalent  inclusion  method  for  a  single  ellipsoid  to 
the  case  of  numerous  inhomogeneity  having  many  different  shapes  (called 
“  fillers” ).  Wakashima  (5)  also  developed  the  generalized  Eshelby’s  approach 
which  can  calculate  thermo-elastic  properties  using  the  ellipsoidal  inclusion 
model.  This  approach  was  adopted  as  the  alternative  way  to  calculate  the 
effective  properties  of  intermediate  compositions  with  complex  microstructures. 

Let  the  fillers  in  the  PGM  be  modeled  with  an  ellipsoid  which  has 
independent  parameters  of  aspect  ratio  L  (=c/a)  and  orientation  angles  (0,<f>)  as 
shown  in  Fig.  4.  Then,  effective  properties  such  as  the  compliance  tensor  M  can 
be  obtained  from  the  following  equation. 

M  -  M*  =  £  Vr  (Mr  -  M„)  Br  (6) 

where  M  denotes  the  global  compliance  tensor.  The  subscript  o  refers  to  a  matrix 
phase  and  the  subscript  r  refers  filler  phases.  Br  denotes  the  phase  stress 
concentration-factor  tensor,  and  the  elements  of  Br  are  functions  of  ellipsoidal 
parameters  as  well  as  elastic  constants  of  matrix  and  filler.  Micro-pores  can  be 
considered  as  one  of  the  filler  phases. 

Fuzzy  Transition  in  Phase  Composition 

In  any  type  of  rule  of  mixture  or  micromechanical  constitutive  theory, 
there  exists  distinction  between  the  matrix  phase  and  the  filler  phase,  and 
these  phases  are  not  necessarily  interchangeable.  However,  it  is  not  clear  at 
what  fractional  volume  the  matrix  phase  changes  into  a  filler  phase.  Sometimes, 
the  microstrnctnre  changes  from  one  type  to  another  in  some  intermediate 
compositions.  To  overcome  this  uncertainty,  we  introduce  “  Fuzzy  Set  Theory”  for 
the  treatment  of  the  fuzzy  transition  in  phase  composition  and  microstructure. 

Consider  a  material  combination  of  A  and  B  in  which  there  appears  many 
different  microstructnres  ranging  i  (i=l  to  i ).  We  define  the  probable  effective 
properties,  such  as  the  global  compliance,  with  fuzzy  membership  functions  /xj  as 
follows: 


M  =  £  p.i  (Vb’)Mi 


(7) 


where  Mi  denotes  the  global  effective  properties  calculated  from  equation  6  for 
i-th  micro6tructure  at  the  value  of  Vb’.  Note  that  the  membership  functions  can 
be  controlled  by  the  position  of  microstructural  change  p.  and  by  the  width  d. 
(j=l  to  1-  i  )  as  shown  in  Rg.5.  *  ' 

For  example,  a  material  combination  of  zireonia  (Zr02)  and  nickel  (Ni)  is 
examined.  The  effective  material  properties  of  the  FGM  fabricated  by  plasma 
spraying  was  investigated  in  the  paper  (6),  in  which  spherical  particles  were 
assumed  as  the  microstructure: 


i.  Spherical  Ni  particles  embedded  in  the  Zr02  matrix. 

ii.  Spherical  Zr02  particles  embedded  in  the  Ni  matrix. 
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The  calculated  results  revealed  that,  except  for  effective  thermal 
conductivity,  the  effective  material  properties  display  almost  linear  variations 
with  the  volume  fraction  of  Ni  because  the  Qa  b  term  in  equation  5  had  little 
contribution.  The  effective  thermal  conductivities  calculated  for  the  two 
different  microttructures,  indicated  as  types  i  and  ii,  are  shown  in  Fig.  6(b). 

Here,  we  consider  the  probable  situation,  in  which  the  miocrostructure 
changes  from  the  type  i  to  the  type  ii  as  the  volume  fraction  of  Ni  increases: 

iii.  MJcrostructureal  transition  from  type  i  to  type  ii  at  pi=*0.5  and  the 

transition  width  di-0.4. 

The  membership  functions  for  the  two  different  microstructures  are  shown  in 
Pig. 6(a),  and  the  probable  effective  thermal  conduct!  vijea  calculated  from 
equation  7  are  plotted  in  Fig.6(b)  with  a  solid  line.  Because  the  higher  order 
membership  functions  are  employed,  the  effecticve  property  shows  quite  smooth 
transitions.  The  fuzzy  transition  parameters  herein  proposed  are  heuristic 
variables.  Therefore  extensive  experimental  investigations  should  be  carried  out 

for  a  variety  of  material  compositions  and  microstructures. 

Then  whole  properties,  including  internal  stress  of  FGM  can  be  estimated  by 
lamination  of  the  thin  layers  with  different  compositions.  If  we  vary  the 

compositional  gradient  in  FGM,  we  can  estimate  the  optimum  compositional 
gradient  to  mlnimlm  the  internal  stress.  The  information  of  the  optimum 
gradient  is  supplied  to  fabrication  group. 

Fabrication  and  Structures 

The  processes  adopted  to  fabricate  FGMs  in  the  project  can  be  classified 
into  four  groups:  gaseous  process,  powder  configuration  process,  spraying 

process  and  SHS  (Self-propagating  High  temperature  Synthesis)  process. 

Gaseous  Process 

In  the  case  of  the  gaseous  process,  PVD  (physical  vapor  deposition)  and  CVD 
(chemical  vapor  deposition),  the  grain  size  of  the  crystals  in  the  FGM  is 
submicron.  Then  throe  processes  are  suitable  to  form  a  thin  FGM.  We  can  obtain 
an  smooth  compositional  change  from  ceramics  to  metal,  even  total  thickness  is 
less  than  10  p m.  This  process  is  suitable  to  form  a  thin  FGM  which  might  be 
subjected  to  a  high  temperature  gradient,  as  the  deposition  rate  is  rather  slow, 
especially  in  PVD  process. 

PVD  process  Fabrication  of  PGM  was  carried  out  by  NRIM  group  (7)  and 
Sumitomo  Electric  Industries  Co.  group  (8).  An  HCD  (Hollow  Cathode  Discharge) 
type  instrument  was  used.  A  schematic  illustration  of  the  instrument  is  shown  in 
Fig.  7.  The  Ar  plasma  generated  by  high  DC  current  heats  the  source  metal  in  the 
water  cooled  copper  crucible.  Then  the  metal  evaporates  and  migrates  to  the 
substrate.  The  metal  vapor  can  be  ionized  by  the  Ar  plasma,  and  easily  forms  a 
ceramic  such  as  carbide,  nitride  or  oxide  by  introducing  reaction  gas  such  as 
hydrocarbon,  nitrogen,  or  oxygen,  respectively.  Deposition  rate  of  the  metal  or 
ceramics  depends  <m  electric  power,  vapor  pressure  of  the  metal  in  the  crucible, 
surface  area  and  temperature  of  the  metal.  In  the  case  of  Cr,  which  has  rather 
high  vapor  pressure,  deposition  rate  of  the  metal  or  its  compounds  is 
approximately  100  pm  an  hour,  and  30  pm  an  hour  for  Ti.  An  example  of  the  FGM 
structure  obtained  by  this  method  is  shown  in  Hg.  8.  No  interface  between  H 
and  TIN  can  be  observed  in  the  figure.  However,  we  can  understand  the  gradual 
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compositional  change  from  the  gradual  change  of  the  indentation  size  by  Knoop 

test. 


CVD  pfoceag  CVD  process  was  attempted  mainly  by  Tohokn  University  group  (9) 
and  Nippon  Oil  Co.  group  (10).  Tbe  experimental  set-up  is  illustrated  in  H*  9 
A  Sia4— CH4-H2  system  was  adopted  and  the  substrate  was  heated  in  a  hot-wall 
type  reaction  chamber.  The  SK34  reservoir  was  kept  at  293K  and  its  vapor  was 
carried  into  the  furnace  by  bubbling  hydrogen  carrier  gas.  The  gas  flow  rate  and 
the  ratio  of  SK24  to  CH4  were  controlled  by  a  program  controller.  The 
deposition  conditions  are  shown  in  Table  1.  The  deposition  temperature  (T«t«j>) 
was  selected  between  1673  to  1773K.  The  total  gas  pressure  (Ptot)  was  1.3  kft. 
Deposition  time  (U»p)  was  kept  at  9  ksec.  The  change  of  gas  composition  during 
deposition  is  shown  in  Hg.  10. 

The  specimen  obtained  by  deposition  at  1773K  and  1.3kPa  with  pattern  A  had 
many  pores  throughout  the  film.  The  specimen  resulting  from  deposition  at  1673K 
and  1.3kPa  with  pattern  B  had  pores  near  the  substrate.  A  plate-like  deposit 
having  a  compositional  gradient  from  C  to  SiC  was  fabricated  by  controlling  the 
Si C/C  ratio  in  the  gas  phase  during  deposition.  The  CVD  conditions  having  a 
compositional  distribution  resulting  in  minimum  thermal  stress  were  1773K  and 
1.3kPa  (pattern  B),  and  1673K  and  1.3kPa  (pattern  A).  Fig.  11  shows  a 
cross-sectional  profile  of  SiC/C  PGM  fabricated  at  1773K  and  1.3k Pa  (pattern  B). 
Though  the  structure  changes  to  the  thickness  direction.  Si  content,  which  means 
SiC  content,  increased  gradually  from  the  bottom  to  the  top  of  tbe  FGM. 

Powder  Configuration  Process 


This  process  is  classified  into  two  methods.  One  is  “  Direct  Method”  ,  in 
which  powder  mixtures  with  different  composition  are  piled  up  directly.  The 
other  is  “  Thin  Sheet  Method”  in  which  sheets  of  powder  mixtures  with  different 
composition  are  once  formed,  and  they  are  piled  up  in  tbe  compositional  order. 

Direct  method  This  method  was  performed  mainly  by  Tohoku  University  group  (11). 

In  the  case  of  powder  configuration  process,  the  grain  size  of  the 
crystals  in  an  FGM  depends  on  initial  powder  size.  A  step  PGM  is  usually 
obtained,  when  layers  with  various  composition  are  stacked  manually.  The 
thickness  of  FGM  of  more  than  10  mm  can  be  obtained  easily  by  this  process,  but 
the  size  of  panel  area  is  limited  by  tbe  hot-pressing  or  sintering  equipment.  At 
the  beginning,  it  was  difficult  to  obtain  a  thin  FGM  with  continuous 
compositional  change.  However,  a  very  thin  layer  can  be  recently  formed  by  using 
computerized  equipment,  then  compositional  change  became  practically  continuous. 
Simultaneous  sintering  by  using  laser  beam  during  preparing  powder  mixture  is 
also  attempted.  Sintering  balance  is  tbe  most  essential  for  sound  FGM,  as  proper 
sintering  temperature  for  metal  is  usually  lower  than  one  for  ceramics.  Then 
temperature  gradient  sintering  is  sometimes  required.  The  device  is  shown  in 
Hg.  12.  The  beam  emitted  by  the  YAG  (yttrium— aluminium-garnet)  laser  of  300W 
rating  is  passed  through  die  focusing  lens  to  regulate  the  beam  diameter,  then 
reflected  by  tbe  oscillating  mirror,  after  which  it  is  led  through  a  quartz 
glass  window  into  the  furnace  chamber,  to  irradiate  tbe  sample.  The  furnace 
chamber  is  equipped  with  a  molybdenum  heater  for  uniformly  pre-heating  the 
sample.  Also,  while  not  used  in  the  present  experiment,  tbe  furnace  can  as 
necessary  be  further  arranged  to  cool  the  sample  from  the  reverse  side. 

An  example  of  microstructure  cross  section  is  shown  in  Fig.  13.  No  cracks 
of  visible  size  are  observed,  which  is  indicative  of  quite  good  quality  sinter. 


Thin  sheet  lamination  method  This  method  wm  mainly  by  NKK  group 

(12).  The  flow  chart  of  the  thin  sheet  lamination  method  is  shown  in  Fig.  14. 

Surry,  mature  of  the  powders  and  the  organic  additives  such  as  binder, 

defloeenlaat,  plastic toe  and  solvent,  is  flattened  by  a  Made  to  form  a  sheet 
on  the  moving  film.  Appropriate  volume  fraction  of  the  organic  additives  in  the 
sheet  is  afanoet  proportional  to  the  surface  area  per  unit  volume  at  the  powder. 
This  process  is  called  as  “  doctor-blade  sheet  forming  process"  .  The  is 

controlled  by  adjusting  the  gap  between  the  edge  of  the  Made  and  the  Om.  The 

produced  sheet  is  called  as  *  great  shea"  . 

Two  methods  a re  used  to  form  a  multi— layer  sheet.  One  is  pressing  the 
sheets  with  different  composition,  which  are  formed  separately,  to  make  one 
body.  The  other  ia  piling  19  the  shinies  one  after  another  in  order  of 
composition. 

The  multi-layer  sheet  is  dried,  and  all  the  organic  additives  and  solvent 
were  vaporised  by  beating  to  723K  at  the  rate  of  5K/b  (dewaxing)  * 
sintering.  The  sheet  was  sintered  at  1623K  for  2  hours  in  Ar-10%H2  atmosphere 

To  avoid  the  dhtortioo  and  the  cracking  daring  dewaxing  mid  sintering,  .ne 
shrinkage  of  each  layer  at  the  ahem  should  be  equal.  In  Fig.  15,  the  Knew 
shrinkage  of  bodies  from  fine  Zr02  powder  (average  diameter  of  0.03  pm)  and  Ni 
powder  (4  pm)  are  shown  by  a  thick  Hoe.  A  coarse  powder  of  ZrOz  (15  pm)  is 
added  in  the  raw  material  to  control  the  shrinkage,  and  the  results  are  shown  in 
the  same  figure  by  thin  line*.  Fig.  16  is  the  micreatnictnre  of  PGM  produced 
according  to  this  idea.  However,  it  is  dear  that  the  body  made  from  the  coarse 
powder  have  more  porosity  than  one  without  the  coarse  powder. 


Fabrication  of  FGM  by  (praying  was  carried  ant  by  NRIM  group  (13)  and 
Nippon  Steel  Go.  group  (14).  The  former  group  adopted  “  Twin  torches  method"  and 
the  latter  adapted  *  One  torch  method”  .  %  17  shows  the  schematic  illustration 
of  the  twin  torches  method.  Ni— base  alloy  (Ni-O-Al— Y)  and  Zr02-baae  ceramic 
(Zr02— 8%Y 203,  by  the  name  at  8YSZ)  powders  with  particle  size  of  10  to  44  pm 
were  used  in  this  study. 

The  graded  coating  of  0.3  to  0.4  mm  thickness  woe  tried  with  the 
established  spraying  conditions  by  pee  experiment.  The  microstructures  at  graded 
coatings  are  shown  in  Hg.  18.  It  it  obvious  in  twin  torches  method  to  get  the 
graded  coatings  easily  by  programming  of  feeding  rate  of  each  powder. 

Pores  in  the  costing  may  decrease  the  tensile  strength  and  corrosion 
resistance  of  coating  but  some  extent  of  porosity  were  improve  the  thermal 
resistance.  So,  the  porosity  of  monolayer  coatings  of  Ni-Gr-Al-Y  and  8YSZ 
coatings  was  observed  by  buoyancy  meted.  The  results  revealed  that  almost  no 
recognizable  difference  in  porosity  of  Ni— Cr-Al— Y  coatings  as  for  the  change  of 
operating  current  and  powder  feeding  rate  in  this  experiments  (these  values  are 
apparent  values).  Porosity  of  8YSZ  coating  slightly  decrease  with  increase  of 
operating  current,  but  there  is  no  difference  in  regard  to  the  change  of  powder 
feeding  rate. 

Fine  grain  size  in  FGM  is  obtained,  when  the  initial  pooler  is  fine. 
However  smallest  size  of  the  powder  is  limited  by  capability  of  feeding  to  the 
spraying  torch,  as  too  foie  powder  is  difficult  to  feed.  Approximately  0.3-1  mm 
of  thickness  can  be  obtained  easily.  This  process  can  be  applied  to  obtain  a 
large  area  size  of  a  panel.  Simultaneous  sintering  by  using  laser  beam  during 
spraying  is  dn  attempted. 


SHS  Process 


Fabrication  of  PGM  by  this  method  was  perforated  mainly  by  Osaka  university 
group  (15)  and  GIR1  Tohoku  group  (16).  In  the  case  of  SHS  process,  large  heat  is 
generated  during  chemical  reaction  to  form  TIC  from  Ti  and  C  or  DBa  from  Ti 
and  B.  The  reaction  was  initiated  by  electric  ignition.  Such  heat  is  the  driving 
force  of  sintering.  HIP  or  hydrostatic  pressing  was  applied  to  eliminate  pores 
during  sintering.  Ni  to  TIC  and  Cb  to  TIB*  FGMs  are  obtained  by  this  process. 

la  the  case  of  die  TIC,  it  generates  a  high  formation  energy  of  185  kJ/moi, 
which  gives  the  adiabatic  combustion  temperature  (T»g)  reaching  to  its  melting 
point  of  3343K.  The  Ni  addition  can  dilute  the  reaction  beat  and  reduce  the  T,g. 
Fig.  19  shows  the  variation  of  T*g  as  a  function  of  Ni  content.  Solid  line  is 
the  thermodynamically  calculated  temperature  and  open  dicks  are  the  measured 
ones.  A  good  coincidence  between  theoretical  and  measured  temperatures  means 
that  the  combustion  reaction  propagated  in  a  adiabatic  state.  The  T«g  is  a 
useful  parameter  to  control  the  mkrostractere,  although  it  does  not  correspond 
to  the  reaction  temperature  at  the  combustion  sintering  because  the  ignition 
agent  supplies  additional  exothermic  heat.  The  T«g  under  pre-heating  condition 
can  be  easily  calculated.  The  addition  of  HC  ceramic  powder  is  a  useful  way  to 
control  the  nucrostroctuie  without  changing  the  composition.  It  can  act  not  only 
to  reduce  the  reaction  temperature,  but  to  prevent  grain  growth  of  TIC.  When  the 
reaction  temperature  exceeded  the  boiling  point  of  Ni  (3000K),  the  sintered  body 
frequently  included  large  pores.  On  the  other  hand,  the  combustion  synthesis 
hardly  occurred  when  Ni  content  was  higher  thaw  50  wt%,  but  fine  TIC  crystals 
were  formed  in  the  Ni  matrix,  which  was  probably  caused  by  precipitation  from 
the  Ni  sedation  at  the  cooling.  Baaed  on  these  experiments  on  densification  and 
microstructure  control  for  non— graded  TiC-Ni,  the  test  samples  erf  PGM  were 
fabricated.  20  shows  the  green  composition,  microstructure  and  elements 
distribution  for  an  PGM  of  HC— IB,  which  eleven  layers  of  reactant  with  a 
thickness  of  1  nun  were  laminated  to  100%  Ni.  Different  contents  of  DC  powders 
were  added  to  each  layer  to  keep  T«r  constant  at  1600K  for  Ni  compositions  less 
than  80  wt%.  The  structure  considered  of  small  and  uniform  size  DC  grains 
through  the  PGM,  but  the  Ni  phase  diffused  to  the  surface  of  DC  side.  The 
compositional  change  was  being  optimised  to  withstand  a  surface  temperature 
change  through  PGM  of  1000K.  Computer  aided  design  using  heat  transfer  and 
thermal  stress  analyses  was  being  conducted  to  optimize  the  PGM  structure  for 
high  temperature  use. 


Evaluation  Method  and  Properties 

Important  properties  of  PGMs  are  strength  and  heat  resistivity.  We  have  to 
know  tiie  properties  of  every  elemental  part  in  FGM  to  decide  an  optimum 
structural  or  compositional  graduation. 

Mechanical  Properties 

Mechanical  properties  were  measured  mainly  by  Tohoku  University  group  (17) 
and  MEL  (Mill)  group  (18).  The  strength  of  one  part  is  different  from  the  other 
part,  aa  the  structure  in  an  PGM  is  not  uniform.  If  internal  stress  exceeds  the 
failure  strength  at  a  certain  part,  the  PGM  will  be  broken.  Then  we  have  to  know 
the  strength  of  every  part.  In  the  case  of  metal  and  ceramics,  there  are 
established  testing  methods  to  check  the  strength.  We  usually  use  tensile  test 
for  metal,  and  bending  test  for  ceramics.  It  is  dttflcult  to  compare  both  data 
each  other.  However,  there  are  ceramics  part  and  metal  part  in  one  body  of  an 

310 


FGM.  Then,  it  should  be  established  that  a  new  method  which  can  decide  the 
strength  of  whole  range  from  brittle  ceramics  to  ductile  metal.  Takahashi  and 
Hashida  developed  a  new  “  smaS  punch  test  (SP-Test)r  ,  which  can  decide  fracture 
strength  and  Young’s  modulus.  Originally,  small  punch  (SP)  testing  procedure  has 
been  developed  for  the  evaluation  of  ductik  brittle  transition  temperature  on 
radiation  damage  for  fusion  reactor  structural  steels  and  material  degradation 
in  power  plant.  The  specimen  is  uniformly  fastened  between  the  upper  and  lower 
die. 

Ia  this  project,  the  SP- test  h  mortified  So  obtain  good  repnxtocibiUty  for 
FGMs.  A  schematic  illustration  of  the  MSP— testing  equipment  is  shown  in  Pig.  21. 
The  sample  ahte  ia  10  mm  x  10  mm,  mid  the  thtakneas  ia  0.5  to  1.0  mm.  The  sample 
is  supported  by  the  ring  shape  lower  die.  Loud  is  applied  to  foe  sample  by  foe 
upper  puncher.  The  deflection  of  the  sample  during  foe  teat  was  detected  by  a 
high  accurate  transducer  which  is  connected  at  foe  bottom  of  foe  AlaOs  rod.  An 
example  of  foe  MSP- teat  is  shown  ia  Hg.  22.  As  shown  in  foe  figure,  absorbed 
energy  decreased  monotonkally  as  increasing  ceramic  content. 

It  is  very  difficult  to  obcerve  the  internal  stress  in  POM  directly.  X-ray 
technique  or  ultrasonic  method  are  not  useful,  at  foe  constitution  and  structure 
in  an  POM  are  inhomogeneous.  Thai  estimation  by  using  FEM  method  was 
adapted.  An  example  of  the  results  is  shown  hi  Hfr  23.  The  internal  stress  in 
the  PGM  is  obviously  less  than  one  in  the  directly  joined  sample. 


Thermal  properties  were  observed  mainly  by  Tohoku  University  group  (19), 
Shizuoka  University  group  (20)  and  NAL  (21). 

Laser  shot  test  for  thermal  shock  resistance  and  measurements  of  thermal 
properties  such  at  thermal  conductivity,  thermal  expansion  coefficient  and  so  on 
are  carried  out  by  evaluation  group. 

A  schematic  illustration  of  thermal  diode  testing  device  is  shown  in 
24.  Irradiation  time  was  controlled  by  using  the  chopper.  Thermal  shock  failure 
was  detected  by  using  AE  during  irradiation.  An  example  of  foe  results  is  shown 
in  Table  2.  NFGMs  (Non-PGMs)  suffered  cracks  or  debonding,  while  foe  FGM  did 
not. 

Thermal  stability  la  also  important,  as  an  PGM  is  thermodynamically  non¬ 
equilibrium  because  of  heterogeneous  structure.  On  that  point  of  view,  NRIM 
group  carried  out  to  reveal  die  thermal  stability  at  PGMs  (22-23).  The  stability 
is  influenced  by  its  structure,  which  can  be  roughly  ■>i««Mwi  into  two  types. 
One  of  them  consists  of  sub-micron  crystals,  which  are  often  found  in  FGMs  by 
gaseous  processes.  The  other  type  has  larger  crystals  than  ova  1  /an,  which  is 
obtained  by  processes  using  powders  for  starting  materials  such  as  powder 
metallurgy,  SHS  and  plasma  spraying  process.  In  die  forma  case,  it  was  revealed 
that  fine  size  and  random  orientation  of  the  crystals  were  moat  essential  to 
improve  the  stability.  While  less  porosity  was  important  for  latter  type.  It  was 
also  revealed  that  the  substrate  metal  without  affinity  to  the  elements  in  FGM 
was  preferable  (7). 

Ail  processes  succeeded  to  fabricate  flat  FGMs  at  30  mm  in  diameter  by  the 
end  of  March,  1990.  On  the  bases  of  the  results,  we  also  succeeded  in 
fabricating  an  FGM  panel  of  300  man  square,  an  PGM  with  a  curved  surface,  as  a 
hemisphere  with  50  nun  in  diameter  and  a  pipe  of  10  mm  in  diameter  and  200  mm 
long  by  the  aid  of  Mach,  1992.  The  large  panel  it  assumed  to  apply  to  the 
fuselage.  The  bemiapliae  with  50  mm  in  diameter  is  for  the  nose  cone  of  space 
plane  and  the  pipe  or  half  of  a  pipe  la  toe  leading  edge.  Sometime,  we  need  to 
apply  a  cooling  panel  at  the  back  of  the  FGM.  A  cooling  panel  la  joined  at  die 
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back  of  aa  POM  by  brazing.  In  the  case  of  a  pipe  and  half  of  a  pipe,  POM  it 
fanned  on  a  cooling  pipe.  Sometime,  we  cannot  apply  a  cooling  system.  These  ROMs 
have  been  aapoaad  to  rocket  rombuarion  gaa  far  heat  resistance  test  tiaisliting 
the  real  environment,  which  revealed  higher  heat  resistivity  than  ordinal  TBC. 

Thermal  hdpe  of  SiC/C  POM  nader  cyclic  was  alao  carried  oat 

Decnaas  of  the  effective  thermal  conductivity  ofSiC  NPOM  and  SiC/C  POM  was 
observed  after  30  to  40  cycles  of  heating  and  cooling.  This  was  caaaed  by 
vertical  cracking  which  was  observed  in  the  SC  NPOM.  This  cracking  thought  to 
be  doe  to  the  thermal  stress  nader  cyclic  heath*.  On  the  other  hand,  SiC/C  POM 
did  not  suffer  such  crocking  under  the  rone 

Large  as—  Denting  by  Xenon  lamp  and  exposing  ROMs  in  rocket  combustion 
gas  ate  also  carried  out  by  NAL  group.  Afi  data  indicate  the  PGMs  are  nroch  more 
highly  heat  resistive  than  trotStional  thermal  barriers. 


fa  a  case  of  a  plastics  with  FRP  (fiber  reinforced  plastics)  skin, 
ddaaaination  is  the  mo at  serious  problem.  The  imtinn  can  be  rimMMiwt  by 
gradual  change  of  volume  fraction  of  reinforcements  at  the  interface. 

fa  the  case  of  electronics  field,  ROMs  cun  be  applied  to  joining  of 
electrodes  or  sensors.  For  example,  temperature  or  Bow  rate  of  hot  liquid  or 
hot  gaa  in  a  pipe  is  often  required.  Usually  ceramics  insulator  is  applied 
between  electrodes  and  the  pipe.  However,  thermal  cycle  by  flowing  of  hot  fluid 
may  cause  a  gap  between  them.  The  gap  can  be  eliminated  by  n«me  PGM.  The 
PGM  can  be  applied  in  n  sensor— buSt— in— mount,  which  is  tough  to  thermal 
cycling.  The  sensor  is  useful  to  detect  deformation  or  temperature  of  the 
surface  of  certain  hot  container  such  aa  n  boiler. 

If  —  POM  is  applied  to  porcelain  tooth,  it  may  have  a  strong  and  compact 
core,  and  porous  and  bio-compatible  ceramics  on  tins  surface.  Then  tissue  will 
grow  into  the  pores.  Synthetic  bones  may  have  the  rimflar  structure. 

The  concept  of  PGM  is  useful  not  only  in  the  field  of  thermal  stress 
relaxation  but  abo  in  other  various  fields  m  described  above.  The  PGM  is 
applicable  to  every  parts  which  may  have  problems  due  to  interface. 
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Fig.  9  Scbeaatic  diagraa  of  the  CVD  apparatus 
1.82  gas  2.  CM  gas  3.aass  floa  neter 
4.  prograa  controller  5.  SiCU  reservoir 
6.  const,  teap.  bath  7.  heater 
8.  pressure  regulator  9.  reaction  chaaber 
10.  aork  coil  11.  pressure  gauge 

12.  optical  pyroaeter  13.  substrate 
14.  graphite  heater  15.  puap 

(Ref.  9) 


Table  1  CTO  conditions  for  SiC/C  PM  (Ref.  9) 

Deposition  temperature  fT),  K :  1673  1773 
Total  gas  pressure  (P„).  kPa:  1.3 
Gas  flow  rate  lO^m^sec'1 


Deposition  time  (t^. 


:  0  to  1.7 
:  6.7  to  1.3 
:  0  to  3.0 
ksec :  9 


C-substrate 
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Fig.  10  Change  of  the  ratio  of  Si/C 

in  gBS  phase  vs.  depositor!  tiae 


Fig.  11  Cross  section  of  SiC/C  FGI 
obtained  by  CVD 
(upper: stractural  change 
(lower: compositional change  of  Si 
(by  I.  Sasaki  and  T.  lirai) 
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Fig.  12  Device  of  teaperature  gradient  sintering 
by  laser  bee*  irradiation  (Eef.  24) 


Fig.  13  Sectional  aicrostructure  of 
PSZ/lo  graded  FGM  sintered 
under  teaperature  gradient 
by  laser  irradiation. 
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Fig.  14  Flow  chart  of  thin  sheet  laaination  aethod  CBef.  12) 


FiC.  16  Micro* tructure  of  FGM. 

Fig.  15  Belationahip  between  shrinkage  The  thickness  of  each  ccapoeition  was 

*°Iuae  traction  of  Zr02  reccaaeuded  by  desisting  group,  (lef.  12) 

(A:4ve.  diaaeter-0. 03d  a.  B:Ave.  dia.  =15*i  a)  (Bef.  12) 
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Fig.  1?  Schematic  illustration  of  twin  torches 
aethod  for  graded  coating  (Kef.  13) 


Fig.  18  Structure  of  Mi-Cr-Al-T/PSZ  FM 
by  twin  torch  nethod 
/  Ai-Cr-Al-Y:  800A,  PSZ:  1200A  1 
I  Gas  floe  rate:  45f  /ain 
V  Spraying  angle:  71  deg.  i 

(Kef.  13) 
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Coapoaition  body  licroatructure  Mi  Ti 
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(Bef.  15)  Ti4C 


Fig.  20  Structure  and  eleaent  distribution  of 
the  TiC-Mi  FGi  with  o-100*  coapoaiition 
Tbe  Tad  sas  controlled  at  1600s  through 
the  body  by  adding  TiC  ponder.  (jef  15) 
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Fig.  21  Schematic  diagrsa  of  BSP  test 
at  very  high  temperature 
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Fig.  23  Calculated  internal  stress  between 
Zr02  and  SBS304 
a)  direct  joint,  b)  FGM 
(by  A.  Kawasaki  A  g.  Tatanabe) 
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Fig.  24  Experimental  setup  for  laser  heating  test 
(Ref.  19) 


Tabic  2.  Thermal  Shock  Test  for 


SiC/C  Composites 
(by  Y.  Hirai.  H.  Takahashi  A  coworkers) 
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Critical  Aspects  in  the  Development 


of  Creep  Resistant  Super  alloys  &  Intermetalllcs 


M.  Nazmy 

Materials  Technology  Dept. 
ABB  Power  Generation  Ltd. 
Baden,  Switzerland 


Abstract 

A  major  thrust  in  the  development  and  use  of  gas  turbines  is  the  efficiency  through  better 
life-cycle  management  as  well  as  by  using  higher  turbine  entry  temperature  The  continuous 
effort  of  developing  improved  creep  resistant  nickel-base  superalloys  has  been  driven  by  the 
need  of  achieving  higher  turbine  entry  temperature.  The  possibility  of  further  development  in 
the  nickel-base  superalloys  field,  to  achieve  larger  jumps  in  the  temperature  capability  of 
these  alloys,  is  getting  smaller  by  approaching  the  incipient  melting  in  nickel-base  alloys.  The 
emergence  of  intermetaliics  class  of  materials  gives  a  new  dimension  for  the  development 
process  of  creep  resistant  materials.  This  paper  will  present  and  discuss  the  limitations  in  the 
development  of  creep  resistant  nickel -base  superalloys  taking  into  consideration  the  possible 
strengthening  mechanisms  and  the  relevant  requirements  for  the  applications  The  prospects 
of  developing  creep  resistant  intermetaliics  suitable  for  gas  turbine  applications  will  be 
investigated  in  the  light  of  the  state-of-the-art  and  the  inherent  advantages  and  limitations  of 
such  class  of  materials 


Critical  Issues  in  the  Development  of  High  Temperature  Structural  Materials 
lidiied  by  N'.S.  StotofT,  D  J.  Duquette  and  A.F.  Gkmes 
The  Minerals,  Metals  &  Materials  Society,  1993 


Increased  operating  temperatures  and  improved  efficiencies  are  primary  goals  in  the 
continuing  development  of  aircraft  and  tana  based  gas  turbines.  A  more  efficient  turbine  is 
required  to  achieve  lower  fuel  consumption.  Higher  turbine  inlet  temperature  and  increaeed 
stage  loading,  with  fewer  operative  stages,  result  in  fewer  parts,  shorter  engine  lengths  and 
reduced  weight  (1).  The  continuous  effort  of  developing  mxcoved  creep  rri iterant  nickel- 
base  superalloys  has  been  driven  by  the  need  of  achieving  higher  turbine  entry  twnpernturei. 
The  possibility  of  further  development  in  the  nickel-base  auperaOoys  field,  to  achieve  huger 
jumps  in  the  temperature  capability  of  these  alloys,  is  getting  smafier  by  approaching  the 
incipient  melting  of  these  alloys.  Additional  limitations  ere  pertly  due  to  ariero'  .rjctunl 
effectiveness  of  the  strengthening  mechanisms  with  increased  temperatures,  rtoceeaing 
limitations  include  the  maximum  size  of  the  component  that  can  be  manufactured  in  single 
crystal  (SC)  and  directionally  solidified  (DS)  forms.  An  obvious  physical  limitation  for  afi  of 
the  nickel-base  super-alloys  is  the  continuous  increase  of  density  with  increasing  the 
temperature  curability  due  to  the  alloying  with  heavy  refractory  elements 
The  intermetalhc  class  of  materials  emerged  as  a  candidate  to  replace  nickel-base  superalloys 
in  specific  applications  due  to  intrinsic  advantages  for  intermetallics  Such  advantages  can  be 
physical  such  as  lower  density  or  higher  melting  point.  The  application  of  intermetallics  as 
replacement  of  superalloys  is  faced  with  a  number  of  limitations.  These  limitations  can  be 
related  to  processing  intermetallics  or  to  sensitivity  to  environmental  effects  in  some  cases  or 
their  unusually  lower  ambient  ductility  and  lower  fracture  toughness  in  other  cases. 

In  the  present  paper  the  critical  issues  and  prospects  in  the  further  development  of  nickel- 
base  superalloys  and  the  limitations  for  the  development  of  potential  candidates  of 
intermetallics  will  be  presented  and  discussed. 


Development  of  Creep  Resistant  Nickel-Base  SuoeraDovs 

Mkre-  and  MagaffiPKtta  sJandBaBte 

A  typical  conventionally  cast  (CC)  nickel-base  superalloy  exhibits  -mm  equiaxed  grain 
structure  and  consists  of  an  FCC  solid  solution  strengthened  matrix  y  with  precipitated  y1 
particles.  The  y*  precipitates  have  an  ordered  FCC  structure  and  are  coherent  with  the 
surrounding  matrix.  In  addition  to  the  y*  particles,  the  CC  nickel-base  superalloys,  contain 
different  types  of  carbides  located  on  the  grain  boundaries  as  well  as  inside  the  grains.  A  full 
account  on  the  detailed  microstructure  characteristics  and  the  role  of  the  different 
microstructural  constituents  in  the  strengthening  mechanisms  of  the  alloy  is  given  elsewhere 
(2).  Creep  and  thermal  fracture  in  both  wrought  and  cast  alloys  that  have  equiaxed  grain 
structures  are  always  associated  with  grain  boundaries  that  are  transverse  to  the  applied 
stress.  Versnyder  and  co-workers  reasoned  that  by  controlling  the  grain  shape  to  reduce  the 
density  of  transverse  grain  boundaries  i.e.  by  producing  elongated  grains  parallel  to  the 
stress  axis,  grain  boundary  fracture  might  be  inhibited  and  ductility  increased  (3).  The 
approach  of  DS  was  applied  to  nickel-base  alloys  by  Versnyder  and  Guard  who  showed  a 
correlation  between  the  elongated  structure  and  improved  high  temperature  mechanical 
properties  (4). 

Although  the  principal  motivation  for  the  development  of  DS  was  to  control  the  grain 
morphology  of  superalloys,  the  process  also  influences  several  other  microstructural 
characteristics.  Thus,  a  sharp  crystallographic  texture  is  obtained  due  to  dominance  of  the 
fast  growing  <100>  crystal  orientation  parallel  to  the  direction  of  solidification.  The 
dendrites  are  similarly  aligned. 

After  it  has  hero  realized  that  the  creep  rupture  life  is  controlled  by  the  volume  fraction  of 
fine  y1,  work  on  SC  was  resumed  (S).  In  CC  high-strength  superalloys,  even  when  heat 
treated  very  close  to  the  incipient  melting  temperature,  y*  is  only  partially  solutioned,  i.e. 
substantial  amounts  of  coarse  as-cast  y-y1  eutectic  remain.  Thus,  the  melting  point  limitation 
actually  hinders  realization  of  the  full  strengthening  potential.  The  SC  structure  allows  the 
removal  of  grain  boundary  strengthening  elements  such  as  B,  Ilf,  Zr  and  C,  which  results  in 
an  appreciable  increase  of  the  incipient  melting  point  of  the  alloy  (6). 


The  mechanical  alloying  (MA)  process  was  developed  to  produce  complex  nickel-base 
superalloys  strengthened  with  oxide  particles  (ODS)  (7).  The  process  consists  of  repeated 
fracturing  and  rewelding  of  powder  particles  by  the  application  of  high-energy  compressive 
impact  forces.  The  process  is  usually  carried  out  in  lugh~«aergy  stirred  ball  trails  (7).  The 
mechanically  alloyed  powder  is  placed  in  a  container  and  then  hot  extruded.  The  last  step  in 
processing  consists  of  zone  annealing,  i.e.  annealing  in  a  steep  temperature  gradient,  die  hot 
extruded  material.  The  resulting  product  is  a  recrystallized  barstock  with  large  elongated 
grain  structure.  The  MA  nickel-base  alloys  exhibit  strong  textures  (7).  For  example,  MA 
6000  exhibits  a  <1 10>  texture  (7). 
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The  high  temperature  creep  strength  of  nickel-base  superalloys  depends  on  such  factors  as 
solid  solution  hardening  of  the  matrix,  grain  boundary  strengthening  by  carbides  and  most 
importantly,  on  the  ability  of  precipitates  of  the  ordered  phase  to  impede  dislocation  motion. 
Dislocations  must  overcome  y1  particles  by  one  of  a  variety  of  mechanisms  These 
mechanisms  are  namely:  cutting  the  precipitates,  looping  between  by  Orowan  mechanism  or 
by  diffusion  controlled  climb  (8,  9).  The  operative  mechanism  will  then  depend  on  stress, 
temperature  and  the  dispersion  parameters,  i.e.  size,  spacing  and  morphology  of  the  / 
particles.  It  has  become  a  normal  procedure  to  represent  creep  data  for  most  materials  over 
a  wide  stress  range  by  the  power  law  relationship: 


e  =  A  on  exp  (-Q/RT)  (1) 


where  e,  ct,  T,  R,  A,  n  and  Q  are  the  steady  state  creep  rate,  applied  stress,  temperature,  gas 
constant  and  empirically  determined  constants  respectively.  For  microstructurally  complex 
materials  such  as  nickel-base  superalloys,  the  analysis  of  creep  data  by  using  equation  (1) 
yields  values  of  n  »  4  and  Q  »  Qsd  (self-diffusion  activation  energy).  Hence,  various 
investigators  have  proposed  tne  use  of  effective  stress  term  i.e. 
(a  -  aQ)  where  oQ  is  a  measure  of  the  inherent  resistance  of  the  material  to  dislocation 
motion,  in  equation  (1)  (10).  Hence,  the  proposed  equation  is: 


e  =  A'  (o  -  cr0)m  exp  (-Q7RT)  (2) 


where  A’  is  constant,  m  is  a  constant  of  the  value  ~4  and  Q'~QSD  Stevens  and  Flewitt 
presented  an  extensive  analysis  of  creep  data  for  the  nickel-base  superalloy  IN738,  using  the 
concept  of  effective  stress  (1 1).  They  reported  that  at  850°C  and  high  stress  >315  MPa  the 
dislocations  may  overcome  /  particles  by  cutting  whereas  at  low  stress  by-pass  of  the  / 
precipitates  involves  diffusion-controlled  climb  (11). 

The  principal  creep  strengthening  mechanisms  in  DS  superalloys  are  the  same  as  in  the 
conventionally  cast  alloys.  Since  the  creep  fracture  of  superalloys  with  equiaxed  grain 
structures  is  generally  associated  with  grain  boundaries  normal  to  the  applied  stress,  hence,  a 
reduction  in  density  of  the  transverse  grain  boundaries,  by  DS  process,  will  enhance  the 
creep  rupture  ductility  and  life  (12). 

Several  investigators  have  established  that  creep  rupture  of  strengthened  nickel-base 
superalloy  single  ciystals  is  strongly  orientation  and  temperature  dependent,  even  at 
orientations  lower  than  15  degrees  from  <100>.  In  particular  it  has  been  shown  that 
although  the  <001>  oriented  crystals  have  excellent  creep  resistance,  the  highest  stress 
rupture  lives  are  attained  with  crystals  whose  orientations  are  close  to  <1 1 1>  (13). 

The  high  temperature  capability  of  the  MA  class  of  alloys  is  due  to  the  stable  oxide 
dispersion  particles  as  well  as  to  the  large  elongated  grain  structure  exhibited  by  this  class  of 
alloys  (7). 

The  MA  nickel-base  ODS  superalloys  exhibit  a  unique  creep  behavior,  i.e.  threshold  stress 
high  creep  stress  exponents  and  high  activation  energy  values  (14).  These  anomalies  have 
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been  rationalized  by  describing  the  strew  dependence  of  the  creep  rates  in  toms  of  an 
effective  stress  (14).  Transmission  electron  microscopy  on  crept  oxide  dispersion 
strengthened  superalloys,  revealed  dislocation-particle  configurations  which  suggest  that  an 
attractive  interaction  may  exist  Has  effect  of  attractive  interaction,  between  oxide  particles 
and  dislocations  in  MA  nickel-base  superaDoys,  has  been  used  to  model  the  threshold  stress 
for  dislocation  climb  (IS).  Recently,  it  has  been  reported  that  creep  properties  of  the  alloy 
MA  6000  exhibit  a  strong  orientation  dependence  (16). 

1  presents  the  results  on  creep  rupture  strength  of  different  DS  nickel -base 
superalloys  as  compared  to  CC  IN738LC  In  this  figure  one  can  observe  the  advantage  in 
creep  strength  of  the  DS  IN792  over  that  of  CC  IN738LC  as  well  as  the  improved  creep 
strength  of  DS  CM247LC  over  both  alloys.  In  figure  2.  the  creep  rupture  strength  of  the 
MA  760  ODS  superalloy,  SC  CMSX4  and  the  base  line  of  CC  IN738LC,  are  presorted.  The 
creep  advantage  of  the  SC  alloy  over  the  CC  IN738LC  is  obvious  as  well  as  the  improved 
unique  creep  properties  of  the  MA  760  at  lower  stress  range. 
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Figure  1  -  Rupture  stress  vs.  temperature  of  Ni-base  superalloys 


Figure  2  -  Rupture  strength  of  SC  &  ODS  alloys 
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The  muttKamengooel  development  approach  is  preaented  in  2  In  principle,  die 

chemudy  mo^catoneOT^^pp^^ttAaace  the  creep  propertiee  through  aohd  eokition 

A  recent  trend  in  aBoy  design  u  the  Re  addition  for  further  enhancement  of  dm  creep 
strength  (17).  It  ie  known  that  Re  partitions  mainly  to  die  matrix,  retards  coaracoing  of  die  y* 
and  increases  rfy  misfit  In  this  study.  Re  was  found  to  be  an  eanedaBy  potent  and  mammy 
solid  solution  strengthening  agent  to  achieve  ultra  high  strength  levels.  Figure  4  presents  a 
comparison  between  the  creep  rupture  properties  of  DS  CM247LC  and  DS  CM186LC 
which  contains  3%  Re  (18)  The  improved  creep  strength  of  the  Re-containing  CM186LC  is 
dear. 


High  Laval  of  Balanced  Propertiea 
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Figure  3  -  Alloy  development  approach 
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Figure  4  -  Effect  of  Re  on  creep  strength  ofDS  Ni-base  superailoys 
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For  industrial  application  of  radcd-base  supcraBoys,  the  hot  oorroswo  resistance  is 
ooesidared  to  bo  mportant  for  spocific  components.  Unfortunately,  any  enhancement  in  the 
creep  strength  is  accompanied  by  a  corresponding  degradation  in  corrosion  resistance.  This 
is  due  to  the  need  to  reduce  the  chromium  level  of  the  alloy  in  order  to  replace  it  with  other 
strengthening  dements,  Figure  5  shows  how  the  creep  strength  varies  with  the  aBoy 
resistance  to  hot  corrodon.  The  balance  between  corrodon  resistance  and  creep  strength  is 
considered  a  limitation  to  forther  improvement  in  the  creep  strength  or  nicketbase 
superalloys. 


Depth  of  attack;  Burner  rig  (pm) 


Figure  5  •  Relationship  between  creep  strength  and  corrosion  resistance  for  Ni-base 
superalloys 


The  y  solvus  temperature  and  the  incipient  melting  in  nickel-base  superalloys  are  considered 
the  second  limitation  for  their  application  at  higher  temperatures.  Figure  6  presents  the 
incipient  melting  of  different  alloy  compositions.  The  process  of  SC  and  DS  of  gas  turbine 
blades  is  relatively  complex  and  it  involves  adjusting  crucial  parameters,  such  as  growth  rate 
and  thermal  gradient,  in  order  to  obtain  the  desired  structure  (19).  Process  modeling  has 
been  a  useful  tool  not  only  in  understanding  the  solidification  but  also  to  optimize  its 
parameters.  The  real  problems  in  this  process  modeling  are  tipically  transient,  three- 
dimensional  and  nonlinear  in  character  and  may  involve  fluid  flow  and  stress  analysis.  With 
fine  meshes  required  for  accuracy,  such  problems  can  quickly  take  on  the  character  of  a 
grand  challenge.  Tins  situation  represents  a  technology  barrier.  The  size  of  the  component  to 
be  cast  in  SC  or  DS  form  is  limited  by  the  high  temperature  strength  of  the  ceramic  mold  as 
well  as  by  the  dimensions  of  the  casting  facility.  The  second  factor  may  be  overcome  by 
designing  of  a  new  larger  facility,  however  the  available  ceramic  materials  have  limited  high 
temperature  strength. 

In  the  cate  of  MA  ODS  superalloys,  the  limitation  in  applying  them  to  different  components 
is  the  maximum  cross  section  that  can  be  extruded.  The  extrusion  ratio  used  for  such 
materials  ranges  from  8  to  12.  Hence,  one  can  easily  find  out  that  the  extrusion  forces  and 
the  original  cross  section  required  to  produce  cross  sections  suitable  for  gas  turbine 
components  are  getting  unrealistically  high 

The  other  limiting  factor  for  MA  supe  alloys  is  the  zone  annealing  step.  In  this  process  one 
should  attain  a  minimum  temperature  grad;«it  and  at  a  specific  minimum  temperture  across 
foe  zone  annealed  crow  section  (7).  Since  the  maximum  attainable  surface  temperature  is 
limited  by  the  incipient  melting  of  the  material,  hence  there  is  a  maximum  cross  section  that 
can  be  properly  zone  annealed.  Tins  processing  limitation  hinders  the  application  of  ODS 
MA  superalloys  to  usual  sizes  of  gas  turbine  components. 


Figure  6  •  Incipient  melting  temperature  of  CC,  DS  &  SC  alloys 


Development  of  Creep  Resistant  Intcrmeteiks 


In  the  past  ten  years,  a  sizable  number  of  intermetallics  have  been  studied  for  several 
applications  (20,  21).  At  the  time  bong,  only  few  of  these  intermetallics  can  be  defined  as 
real  potential  candidates  for  applications  in  tuibomachinery. 

These  intermetallics  are  y-HAl-baae  alloys  and  NiAl  and  to  a  lesser  extern  MoSi2  Table  1 
gives  a  summary  of  their  physical  and  mechanical  properties 


Table  I  Properties  of  Candidate  Intermetallics 


Alloy 

Structure 

Modulus 

fGPal 

Melting  Point 

ra 

Density 

TiAl 

Lin 

175 

1460 

3.9 

NiAl 

b2 

189 

1640 

5.9 

Cll 

359 

2030 

6.3 

The  improved  creep  properties,  based  on  density  corrected  stresses,  of  y-TiAl  base  alloy  Ti- 
48Al-2Cr-2Nb  as  compared  with  that  ofIN738LC  are  shown  in  figuoLZ  (22). 

The  creep  strength  capability  of  alloyed  NiAl  single  crystals  has  been  shown  by  Daroiia  and 
is  illustrated  in  fom*  *  (23).  The  stresses  in  tins  figure  are  not  corrected  for  density,  hence 
the  corrected  stresses  win  show  the  creep  advantage  of  alloyed  NiAl  over  Rend  80 
superaDoy 

In  the  case  of  MoSi2,  the  creep  strength  of  the  monolithic  material  is  not  good  at  high 
temperature.  Nevertheless,  the  composite  versions  may  have  a  creep  strength  advantage  as 
reported  recently  by  Sadananda  et  al.  (24). 


Figure  7  •  Density  corected  creep  properties  of  both  structures  of  Ti48Al-2Cr-2Nb 
as  compand  with  IN738LC 


Figure  8  •  Tensile  stress  rupture  properties  of  NiAI  intermetallics  compared  with 
superaHoy  Rene  80  (ref.  23) 


The  optimum  oxidation  and  corrosion  behavior  of  the  material  is  an  important  factor  to  be 
considered  for  its  applications  at  high  temperature.  The  oxidation  behavior  of  a  large  number 
of  intermetaDic  systems  have  been  summarized  by  Meier  (25). 

The  oxidation  behavior  of  y-TiAl  was  studied  by  Meier  et  al.  (26).  They  reported  good 
oxidation  resistance  i.e.  ability  to  form  an  AI2O3  layer,  for  y-TiAl  up  to  approx.  800°C, 
depending  on  the  aluminum  content.  Oxidation  resistance  of  y-TiAl  can  be  further  improved 
by  alloying  additions  such  as  Nb  (27).  The  corrosion  behavior  of  y-TiAl  at  800°C  as 
determined  in  burner  rig  tests,  has  been  found  to  be  comparable  to  the  corrosion  resistant 
nickel-base  superalloys  1N739  and  IN738LC  as  shown  in  feme  9. 

It  has  been  reported  that  the  NiAI  intermetallics  exhibited  good  oxidation  resistance  up  to 
approx.  1200%,  a  temperature  which  is  higher  than  the  application  range  for  mckeMiase 
superalloys  (26,  28).  The  hot  corrosion  behavior  of  unalloyed  and  alloyed  NiAI  have  been 
reported  by  Daroiia  (28).  He  pointed  out  that  the  corrosion  behavior  of  NiAI  can  be 
substantially  improved  by  chromium  and  yttrium  addition. 
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In  the  case  of  MoSir,  the  oxidation  and  corrosion  behavior  has  been  reported  to  be  exccficnt 
by  virtue  of  its  ability  to  form  a  protective  layer  of  SeC>2-  Nevertheless^  MoSty  can 
(foin&sgrsste  catastropMcafly  (pest)  during  oxidation  at  temperatures  V*  600°C.  Recently, 
Meechtcr  has  proposed  that  die  'pest*  effect  can  be  avoided  if  the  MoSt2  intermetatbc  is  not 
exposed  to  oxygen  for  long  times  in  the  immediate  vicinity  of  500“C  or  if  all  wrfhees  are 
covered  by  a  S1O2  layer  formed  by  high  temperature  preoxidatioe  (29). 


Figure  9  -  Hot  corrosion  test  (Burner  rig)  of  selected  Ni-base  and  intermetallic  alloys 


Ambient  ductility  is  required  for  reducing  local  stresses  at  notches  and  other  inhomogenities 
The  y-TiAl  base  mtenata  do  not  exhibit  low  temperature  ductility  of  the  same  level  as  for 
the  known  nickel-base  superalloys  as  presented  in  figure  11.  Daroiia  has  reported  that  with 
the  appropriate  microalloying,  the  ambient  ductility  of  SC  NiAl  can  be  enhanced  in  the 
<110>  direction  (23).  In  figure 10  the  maximum  reported  ductility  for  SC  NiAl  is  also 
shown  for  companson.  From  tins  comparison  with  nickel-base  superalloys,  it  is  apparent  that 
one  has  to  implement  a  relatively  refined  design  procedures  for  the  structural  parts  to  be 
manufactured  from  iutermetaOics.  This  is  in  order  to  determine  exactly  the  minimum  level  of 
ductility  required  for  critical  locations 
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Figure  10  •  RT  tensile  ductility  of  selected  Ni-base  and  intermetallic  alloys 
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Unfertuaataiy,  MoS»2  exhibits  brink  fracture  at  ambient  temperature  to  approx.  900°C 
Hence,  the  only  posribOity  to  uae  this  material  in  Mructural  parts  is  by  rracroatructural 

He  fracture  toughness  (Kjc)  of  time  ntermeteffica,  as  shown  in  <*¥■*»  11  is  reiativeiy 
tower  than  that  fir  known  tacrei  base  saperaBoys  (30, 31)  and  can  be  considered  one  of  the 
important  fanitationa  fix  their  development. 


Figure  1 1  -  Fracture  toughness  at  RT  of  intermetalHcs  compared  with  CO  IN738LC 


As  well  known,  lower  values  of  threshold  stress  intensity  range  (AK^  and  Kjc  mean  high 
sensitivity  of  the  materials  to  defects  and  discontinuities  in  the  structure.  This  is  considered  a 
limitation  in  applying  these  intermetallics,  e.g.  monolithic  M0&2,  to  high  temperature 
components.  Inis  brittle  behavior  of  such  intermetallics  makes  it  essential  to  resort  to 
structural  toughening  by  ductile  phases. 

The  size  factor  can  be  fee  hunting  factor  for  applying  alloyed  SC  NiAl  to  industrial  gas 
turbine  size  components.  As  has  been  reported  in  literature,  fee  SC  NiAl  should  be  grown 
and  then  processed  to  usable  components  e.g.  blade  shapes  (23).  It  is  not  feasible  at  the 
moment  to  grow  SC  larger  than  few  inches.  Hence,  large  industrial  gas  turbine  components 
of  10"  to  20"  in  length  cannot  be  manufactured  in  fee  near  future  from  SC  intermetallic 
NiAl. 


CgBtiwfow  gad  BtsammaSatiau 

For  nickel-base  superalloys: 

-  Their  use  will  be  limited  to  components  feat  can  be  processed 
from  SC  and  DS  forms  and  see  material  temperature  of  maximum 
1100°C. 

-  Process  modeling  can  improve  fee  cost  effectiveness  of  fee 
casting  process  Ixit  will  not  help  to  drastically  change  the 
maximum  castable  size. 

•  The  compositional  balance  to  offer  a  compromise  between  corro¬ 
sion  and  creep  resistance  dictates  that  the  primary  requirement 
should  be  specified  i.e.  corrosion  vs.  creep  strength. 
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For  y-TiAi,  NiAJ  and  MoSi2  interawUUtcs 

•  Design  capability  should  be  emphasized  to  construct  with  low 
diKtinty  low  fracture  toughness  materials. 

-  The  y-TiAl  can  be  used  to  the  knit  of  its  oxidation  resistance 

i.e.  approx  800°C-900°C  The  main  weight  saving  advantage  can 
be  made  use  of  in  the  rotating  components  to  replace  nickel-base 
superalloys. 

-  The  SC  NiAl  is  limited  to  small  components  due  to  casting  tech¬ 
nology  limitations 

-  For  MoSi2  the  "pest"  effect,  low  temperature  ductility  and 
fracture  toughness  are  the  main  limitations  for  the  use  of  this 
material  Materials  toughening  and  preoxidation  can  be  consi¬ 
dered  as  viable  means  to  improve  the  possibility  of  materials 
applications. 


The  stimulating  discussion  with  M  Staubli  and  C.  Noseda  and  their  help  in  preparing  this 
paper  aregreafly  appreciated.  The  financial  award  granted  by  the  Engineering  Foundation  is 
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Abstract 


A  brief  review  is  presented  of  the  creep  and  creep  fracture  behaviour  of  a  range  of 
multi-phase  ceramic  systems.  Three  main  classes  of  material  are  considered, 
ranging  from  soft  ceramic  matrices  reinforced  with  strong  particles  such  as 
whiskers,  through  metal  infiltrated  ceramic  compacts,  to  glass  bonded  ceramics. 
Thus  a  wide  range  of  matrix  volume  fraction  from  90  to  1  %,  is  considered.  The 
creep  resistance  is  seen  to  depend  generally  on  that  of  the  soft  phase,  and  on  the 
rheological  influence  of  the  hard  phase.  At  intermediate  volume  fractions,  network 
formation  plays  a  major  role.  The  creep  fracture  behaviour  in  all  classes  of  material 
shows  two  regimes  -  at  high  stress,  failure  is  due  to  a  single  dominant  crack 
emanating  from  a  flaw;  while  at  low  stress,  generalized  damage  is  seen.  A  modified 
Monkman-Grant  relationship  is  often  found,  suggesting  that  increasing  creep 
resistance  is  the  main  route  to  improved  lifetime  at  high  temperatures. 
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Introduction 


The  aim  of  this  paper  is  to  review  our  understanding  of  the  processes  which  control 
creep  and  creep  fracture  in  multi-phase  ceramic  materials.  Attention  will  be 
focussed  throughout  on  systems  in  which  a  hard  reinforcing  phase  is  embedded  in 
a  softer  matrix.  Such  systems  include  ceramic  materials  to  which  particulates  (in 
the  form  of  particles,  whiskers  or  platelets)  have  been  added,  ceramic  powder 
compacts  which  have  been  infiltrated  by  a  matrix  phase,  and  ceramic  systems  which 
during  processing  produce  a  soft  (usually  amorphous)  matrix.  Thus  the  matrix  phase 
can  occupy  a  wide  volume  fraction  range  from  near  100%  down  to  about  1%. 
Because  of  space  limitations,  the  treatment  given  here  is  somewhat  selective,  and 
only  representative  materials  from  each  class  of  composite  discussed  will  be 
presented.  The  discussion  of  creep  phenomena  is  especially  brief  as  a  separate 
review  in  this  area  will  appear  shortly  [1].  Likewise,  only  selected  references  to  the 
available  literature  will  be  offered.  A  number  of  reviews  wh».h  treat  related  topics 
have  been  prepared  in  recent  years,  and  the  reader  may  obtain  further  details  in 
certain  areas  by  reference  to  these  [1-8]. 


Microstructural  Classes 

The  discussion  of  creep  and  fracture  behaviour  will  be  based  upon  a  division  of 
materials  into  four  microstructural  classes.  The  distinction  developed  below  is 
somewhat  arbitrary,  but  there  are  several  features  which  distinguish  each  class.  We 
start,  as  a  point  of  reference,  with  pure  ceramic  materials,  i.e.  those  which  do  not 
contain  amorphous  or  extensive  second  phase  regions,  focussing  on  the  well 
documented  behaviour  of  alumina.  We  will  then  consider  systems  which  contain 
discrete  second  phase  particles  (primarily  whiskers),  fabricated  by  mixing  two 
powders  and  sintering,  with  or  without  external  pressure  (class  I).  The  most  studied 
material  in  this  class  is  alumina  reinforced  with  silicon  carbide  whiskers,  although  a 
wide  variety  of  similar  systems  have  been  recently  developed.  The  volume  fraction 
of  the  hard  phase  in  such  systems  is  usually  low  (up  to  about  30  vol%),  and  the 
particles  are  generally  only  in  point  contact  with  one  another.  Materials  obtained  by 
infiltration  into  a  powder  compact  produce  composites  with  a  higher  volume  fraction 
of  the  hard  phase  (of  order  50  vol%,  class  II),  and  in  which  particles  make  facet-to- 
facet  contacts.  The  most  important  example  in  this  class  is  siliconized  silicon 
carbide.  This  material  is  made  by  infiltration  of  a  SiC  powder  compact  by  liquid 
silicon.  The  silicon  penetrates  the  contacts  between  particles,  thus  providing  a  thin 
silicon  film  along  each  SiC-SiC  interface.  Finally,  we  will  consider  materials  in  which 
the  hard  phase  occupies  a  very  large  volume  fraction  (greater  than  90%),  with  the 
particles  bonded  together  by  a  soft  phase  (class  III).  Most  silicon  nitride  ceramics 
fall  within  this  class.  These  materials  are  typically  sintered  (with  or  without  the  aid 
of  external  pressure),  using  oxide  and/or  nitride  additives  which  form  a  liquid  phase 
and  thus  promote  densification.  On  cooling,  all  or  part  of  the  liquid  forms  a  glass 
which  coats  the  silicon  nitride  particles.  The  glass  exists  in  two  forms.  An 
equilibrium  [9]  film  of  nanometre  scale  thickness  persists  along  boundaries  between 
crystalline  phases.  For  materials  with  a  grain  size  of  about  1  // m,  this  occupies  0.1- 
0.3  vol%  of  the  composite.  Any  excess  glass  occupies  larger  pockets,  either  in 
wedge  shaped  regions  between  grains  or  as  grain-sized  regions  throughout  the  body. 


There  are  two  important  thresholds  in  volume  fraction  which  need  to  be  considered 
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in  understanding  the  rote  of  second  phase  additions  on  mechanical  behaviour.  The 
first  is  the  percolation  threshold,  the  volume  fraction  at  which  a  network  of  touching 
particles  extends  throughout  the  solid.  For  spherical  particles  this  occurs  at  about 
18  vol%.  For  anisotropic  particles  (i.e.  whiskers  or  platelets)  percolation  occurs  at 
substantially  lower  volume  fractions.  Thus  the  class  I  materials  straddle  this 
threshold.  The  second  threshold  occurs  when  one  can  no  longer  pack  additional 
particles  into  a  given  volume  without  modifying  their  shape.  For  spherical  particles 
of  uniform  size  this  is  given  by  the  random  close  packing  model,  with  a  volume 
fraction  of  about  68%'.  As  one  approaches  this  threshold  the  contacts 
betweenparticles  change  from  predominantly  point-to-point,  which  allows  for  particle 
rotation  during  flow,  to  primarily  facet  contacts,  in  which  the  deformation  process 
within  the  facet  boundary  regions  controls  the  composite  properties.  Thus,  while 
class  I  and  II  materials  can  be  densified  by  sintering  of  the  soft  phase  alone,  in  class 
III  materials  it  is  the  hard  phase  which  must  sinter. 


(a)  (b) 

Fig.  1:  A  schematic  illustration  of  the  important  microstructural 
features  of  (a)  class  I  and  (b)  class  III  materials.  Class  II  materials 
contain  some  features  of  both. 


Of  course,  this  division  of  materials  into  distinct  classes  represents  an 
oversimplification.  More  complex  microstructures  are  possible  in  which,  for 
example,  a  low  volume  fraction  of  whiskers  are  added  to  a  class  III  material  (such 
is  the  case  with  SiC-whisker-reinforced  SiaN«)  [10,11].  Alternatively,  siliconized 
silicon  carbide  can  be  produced  with  a  high  volume  fraction  of  SiC  through  the 
addition  of  graphite  powder  which  reacts  with  silicon  during  processing  and  leads 
to  a  bimodal  size  distribution  [12,13].  Nonetheless,  this  provides  a  useful  way  of 
classifying  and  distinguishing  the  creep  and  fracture  behaviour  of  microstructurally 
different  types  of  composites. 


*  Larger  volume  fractions  can  be  obtained  however,  if  powders  of  substantially 
different  sizes  are  mixed  together. 
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In  many  two- phase  materials,  the  softening  temperature  of  the  individual  phases  is 
sufficiently  different  that  one  can  assume  that  only  one  phase  deforms  while  the 
harder  phase  remains  essentially  elastic.  To  a  first  approximation  at  least,  this  is  the 
case  with  aM  of  the  systems  under  consideration  here.  Thus  the  creep  response  of 
the  composite  depends  primarily  on  that  of  the  softer  matrix  phase.  However,  this 
response  is  modified  considerably  by  the  rheological  influence  of  the  non-deforming 
particles.  If  the  particles  are  assumed  to  be  uniformly  distributed  and  non-interacting 
(i.e.  no  network  formation),  then  the  response  can  be  modelled  by  considering  an 
isolated  particle  embedded  within  the  matrix  material.  For  a  linear  viscous  matrix 
(which  might  be  either  a  glass  or  a  crystalline  solid  undergoing  dtffusional  creep), 
this  behaviour  has  been  modelled  by  Dryden  et  at.  [14],  assuming  a  spherical  particle 
sitting  in  a  spherical  shell  of  matrix  material.  This  model  is  appropriate  at  low 
volume  fraction  0,  below  the  percolation  threshold,  in  which  case  it  yields  the 
Einstein  limit  for  the  effect  of  particles  on  fluid  viscosity, 


-3-  -  1  ♦  Z5*  (1) 

fl. 

where  n  is  the  effective  viscosity  of  the  composite  while  n„  is  that  of  the  viscous 
phase.  This  predicts  only  a  modest  increase  in  creep  resistance,  about  25%  for 
0-10%.  This  model  is  also  effective  at  high  volume  fractions  when  the  particles 
can  no  longer  flow  past  each  other  but  can  only  approach  one  another  by  squeezing 
the  viscous  medium  which  separates  them.  In  this  limit  the  model  predicts  an 
effective  viscosity  given  by 


JL  =  10-8 

1.  (I"*)3 


(2) 


While  this  simple  model  overestimates  the  absolute  magnitude  of  the  viscosity 
increase,  as  predicted  by  a  more  exact  model  [14],  it  does  contain  the  essential 
physics  of  the  problem  and  predicts  the  correct  dependence  on  0.  This  suggests 
that  the  viscosity  is  a  sensitive  function  of  the  volume  fraction  of  the  viscous  phase. 
A  careful  analysis  of  these  models  however,  indicates  that  1-0  should  be  thought 
of  as  the  "effective"  matrix  volume  fraction,  given  by  the  thickness  of  the 
interparticle  soft  layer,  normalized  by  the  grain  size.  In  other  words,  the  excess 
matrix  material  which  occupies  pockets  throughout  the  structure  do  not  significantly 
affect  the  creep  response,  although  they  do  affect  creep  fracture,  as  discussed 
below.  We  therefore  see  that  for  a  normalized  thickness  of  0.1%,  as  suggested 
above  for  silicon  nitride,  the  effective  viscosity  of  the  composite  will  be  about  10 
orders  of  magnitude  greater  than  that  of  the  viscous  matrix  phase. 

For  intermediate  volume  fractions  this  approach  is  inadequate.  Instead  we  need  to 
recognize  the  role  which  a  percolative  network  of  non-deforming  particles  plays  in 
the  creep  of  the  matrix.  This  problem  has  yet  to  be  modelled  adequately.  However, 
to  a  first  approximation  we  can  recognize  that  as  the  body  deforms  the  network 
must  deform  also.  This  occurs  by  rigid  body  motions  (both  translations  and 
rotations)  as  the  matrix  deforms  around  the  particles.  If  the  matrix  deforms  by  a 
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diffusional  process,  then  the  appropriate  length  scale  for  diffusion  is  Increased  from 
the  grain  size  of  the  matrix  material  to  that  appropriate  to  the  network.  This  is  at 
least  as  large  as  the  dominant  length  scale  of  the  reinforcing  particles.  For  whisker 
or  platelet  reinforced  materials  this  can  lead  to  an  increase  in  the  diffusion  length  of 
about  one  order  of  magnitude.  Since  grain  boundary  diffusion  scales  inversely  as 
the  third  power  of  diffusion  distance,  this  suggests  that  a  strength  increase  of  about 
3  orders  of  magnitude  can  be  anticipated  for  this  process. 


Single  Phase  Materials 

The  creep  behaviour  of  single  phase  ceramics  such  as  alumina  has  been  well 
documented  (2,3].  In  the  current  context  we  need  merely  note  those  characteristics 
which  distinguish  It  from  that  of  the  composite  systems.  For  example  it  has  been 
established  that  the  creep  rate  in  alumina  is  independent  of  the  loading  direction  (i.e. 
tensile  or  compressive)  (15].  Creep  curves  show  a  relatively  short  lived  primary 
( *  1  %  strain  in  tension)  followed  by  a  well  defined  steady-state  regime,  observed 
in  both  tensile  and  flexure  geometries  [15].  The  stress  exponent  for  creep  varies 
between  1  and  2,  with  the  higher  exponents  being  more  common  for  fine  grained 
( <■ 1  //m)  materials.  This  is  suggestive  of  creep  controlled  by  grain  boundary  sliding 
processes  leading  to  superptastic  behaviour,  and  indeed,  fine  grained  aluminas  are 
known  to  be  superplastic  down  to  a  relatively  low  temperature  (e.g.  1250°C 
[15,16]. 


Creep  Strengthening  in  Ceramic  Composite 

Log  (normalized  creep  rate)  “y*temt 


Fig.  2:  The  creep  rate  of  a  range  of  composites,  normalized  by  the 
creep  rate  of  the  matrix  phase  is  plotted  as  a  function  of  the  volume 
fraction  of  the  non-deforming  phase 


Class  I  Composites 


We  wiH  consider  here  only  SiC-whieker-reinforced  Al203.  In  common  with  the 
matrix,  these  materials  exhibit  a  well  defined  steady  state  regime  during  creep. 
Analysis  of  the  data  is  complicated  somewhat  by  the  effect  of  the  whiskers  on 
processing  which  leads  either  to  the  use  of  different  sintering  additives  and 
processing  conditions  in  the  composites  and  the  whisker-free  materials,  and/or 
differences  in  matrix  grain  size.  The  difficulty  in  densifying  these  materials  is  of 
course  direct  evidence  for  the  formation  of  whisker  networks,  as  noted  by  Lange 

[17] .  Despite  these  concerns,  some  general  conclusions  can  be  reached  about  the 
creep  of  these  materials.  First,  recent  results  have  shown  that  the  stress  exponent 
for  creep  is  between  1  and  2  at  low  stresses  (i.e.  the  same  as  that  of  the  matrix 
itself),  and  rises  with  increasing  stress  due  to  the  onset  of  cavitation  during  creep 

[18] .  There  appears  to  be  very  little  improvement  in  creep  resistance  for  whisker 
loading  less  than  about  10%.  This  is  consistent  with  the  model  quoted  above  (see 
eq.  1 )  for  non-interacting  particles.  For  higher  whisker  loadings,  the  creep  resistance 
increases  by  about  100  times  and  is  then  insensitive  to  volume  fraction.  This  is 
shown  in  Fig.  2,  in  which  the  effect  of  reinforcement  on  matrix  creep  resistance  is 
shown  for  a  range  of  composite  systems. 


Class  II  Composites 

Higher  volume  fractions  can  only  be  achieved  by  using  equisxed  particles  and 
modified  processing  routes,  as  in  siliconized  silicon  carbide.  The  creep  resistance 
of  this  material  is  characterized  by  a  marked  creep  symmetry  (i.e.  the  creep  rate  at 
a  given  stress  is  much  higher  in  tension).  At  high  stresses  cavitation  is  important 
in  tension  while  in  compression,  creep  is  controlled  by  deformation  within  the  SiC 
particles  themselves.  At  low  stresses  neither  of  these  processes  is  seen.  Instead, 
the  creep  asymmetry  is  associated  with  the  viscous  squeezing  process.  Models  for 
viscous  flow  [14]  do  indeed  predict  a  difference  in  the  creep  response  in  tension  and 
compression.  Moreover,  the  reduction  in  creep  rate  predicted  by  the  models  for  a 
normalized  Si  layer  thickness  of  about  0.01,  which  is  about  10'7,  is  broadly 
consistent  with  the  experimental  data  (see  Fig.  2).  However,  additional  effects 
related  to  nature  of  dilational  flow  may  also  be  important  as  recently  proposed  by 
Wiederhorn  and  Fuller  [81. 


Class  III  Composites 

Silicon  nitride  can  be  thought  of  as  a  glass  matrix  composite  containing  between  90 
and  99  vo!%  of  #-Si,N4  particles.  The  creep  resistance  of  these  materials  is  8-10 
orders  of  magnitude  greeter  than  that  of  the  glass  itself  (see  Fig.  2),  which  is  broadly 
consistent  with  the  model  for  viscous  flow  presented  earlier.  Moreover,  the  marked 
creep  asymmetry  also  suggests  the  presence  of  viscous  flow.  The  clearest  evidence 
for  this  process  is  found  in  a  study  of  a  Y203-Al203  doped  material  in  which  the 
creep  rate  is  found  to  decrease  dramatically  as  the  glass  is  squeezed  from  between 
boundaries  under  compression  [19].  However,  a  gradually  decreasing  strain  rate  is 
a  commonly  observed  feature  in  silicon  nitride  creep  studies  [8].  Reference  to  eq. 
(1)  suggests  that  creep  strengthening  of  class  III  materials  can  be  achieved  by 
increasing  the  viscosity  and  reducing  the  volume  fraction  of  the  glassy  phase. 
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Improvements  of  this  nature  over  the  pest  decade  roughly,  have  led  to  about  a  10* 
improvement  in  creep  strength  for  silicon  nitride  ceramics,  and  it  remains  likely  that 
further  improvements  can  be  achieved. 


Damage  Processes 

Damage  processes  have  received  less  attention  than  creep  itself  in  multi-phase 
ceramics.  In  some  cases  this  is  simply  a  reflection  of  how  recently  materials  have 
been  developed.  Most  of  our  knowledge  of  whisker-reinforced  ceramics  for 
example,  has  been  developed  since  about  1 965,  and  creep  studies  of  these  systems 
have  been  undertaken  only  in  the  last  2-3  years.  That  creep  should  be  studied 
before  creep  fracture  is  dear.  First,  the  former  is  much  easier  to  undertake,  and 
since,  at  least  to  a  first  approximation,  these  materials  obey  a  Monkmen-Grant  type 
of  relationship,  lowering  the  creep  rate  is  the  key  to  extending  lifetime  also. 

In  general,  the  creep  fracture  of  all  of  the  materials  considered  here  occurs  by  a 
process  involving  crock  propagation,  often  accompanied  by  generalized  damage  in 
the  form  of  grain  boundary  cavitation.  In  many  materials  two  distinct  regimes  are 
evident.  At  high  stresses  (and  lower  temperature)  failure  occurs  by  slow  crack 
growth  with  the  development  of  a  single  dominant  crack  and  very  little  unconnected 
damage.  This  regime  is  connected  with  a  very  high  stress  exponent  for  creep  life 
(typically  of  order  50),  i.e.  a  distinct  threshold  stress  for  failure  is  observed.  At 
lower  stresses,  a  multitude  of  microcracks  is  observed  which  eventually  link  up  to 
cause  failure.  A  much  lower  stress  exponent  is  observed  in  this  regime,  close  to 
that  for  creep  itself,  thus  leading  to  Monkman-Grant  behaviour.  This  is  exemplified 
by  a  relationship,  valid  over  a  wide  range  of  applied  stress  and  temperature,  between 
the  steady  state  strain  rate  and  the  time  to  failure  of  the  form 


ir  tf=  C HO  (3) 

where  CM  is  the  Monkman-Grant  constant  and  is  approximately  equal  to  the  failure 
strain  unless  primary  creep  is  extensive.  For  true  Monkman-Grant  behaviour  the 
exponent  m  should  equal  one,  in  which  case  both  the  stress  exponents  and  the 
activation  energies  are  the  same  for  creep  and  fracture.  This  leads  one  to  conclude 
that  the  same  mechanism  governs  both  processes.  In  many  instances  however, 
while  a  single  curve  is  obtained  for  a  range  of  temperatures  (thus  indicating  a 
common  activation  energy),  the  exponent  deviates  from  one.  This  suggests  that  a 
different  mechanism  but  with  the  same  temperature  dependence  governs  creep  and 
fracture.  This  is  possible  for  example  if  creep  is  due  to  core  diffusion-controlled 
dislocation  climb,  while  fracture  is  controlled  by  grain  boundary  diffusion-controlled 
cavity  growth.  Thus  care  must  be  exercised  in  interpreting  the  mechanistic  basis  of 
the  Monkman-Grant  relationship. 

In  both  failure  regimes,  cracks  nucleate  at  flaws  in  the  material.  In  many  instance 
these  are  quite  different  from  the  flaws  that  lead  to  failure  during  fast  fracture 
testing  at  lower  temperatures.  Indeed,  the  critical  flaws  may  not  even  exist  in  the 
material  as  it  enters  service,  but  can  develop  as  a  result  of  environmental 
degradation.  An  example  of  such  behaviour,  a  pit  developed  on  the  surface  of  a 
silicon  nitride  flexure  bar  is  shown  in  Fig.  3. 
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Fig.  3:  A  pit  (about  40  /mt  wide)  has  developed  on  the  surface  of  a 
silicon  nitride  flexure  bar  by  oxidation  during  creep.  Such  pits  can  act 
as  failure  origins  [20]. 


Single  Phase  Materials 

The  creep  fracture  behaviour  of  pure  alumina  has  been  extensively  studied  in  recent 
years  [15.16,21].  A  typical  stress  rupture  plot  is  shown  in  Fig.  4,  which  clearly 
shows  the  transition  from  slow  crack  growth  to  the  generalized  damage  regime. 
This  is  accompanied  by  a  marked  increase  in  ductility  from  less  than  1  %  to  about 
10%.  Above  the  transition  only  a  single  crack  is  ever  observed,  while  below  it  many 
microcracks  are  found  on  the  surface  of  both  flexure  and  tensile  specimens.  These 
are  nucleated,  in  this  material,  in  regions  which  have  undergone  abnormal  grain 
growth.  Such  regions  abound  in  hot-pressed  aluminas  due  to  incomplete  mixing  of 
sintering  aids,  and  range  from  single  large  grains  to  large  clusters  of  such.  As  the 
stress  decreases  diffusional  accommodation  makes  crack  nucleation  more  difficult. 
Thus,  the  size  of  the  clusters  which  can  nucleate  cracks  increases,  and  the  crack 
density  actually  decreases.  This  is  accompanied  by  a  rapid  increase  in  ductility  and 
truly  superplastic  behaviour  is  observed,  even  at  temperatures  as  low  as  1200°C. 
However,  even  in  this  high  ductility  regime,  it  is  not  possible  to  rationalize  creep 
fracture  data  in  terms  of  cavity  growth  models.  Instead  failure  is  controlled  by  crack 
propagation  in  a  creep-relieved  C'  stress  field  [16]. 


Class  I  Composites 

This  class  of  material  is  typified  by  the  Al20,/SiC  system,  in  which  SiC  whiskers  are 
added  to  alumina  matrices  with  volume  fractions  ranging  from  5  to  30%.  Creep 
fracture  studies  to  date  have  involved  flexure  testing  only.  As  shown  in  Fig.  5,  for 
20  vot%  SIC,  the  two  fracture  regimes  mentioned  above  are  found  only  at 


temperatures  in  excess  of  1200°C  [22].  The  fracture  surfaces  and  damage 
morphologies  in  both  regimes  are  simitar  to  those  seen  in  pure  alumina.  The 
development  of  a  threshold  at  1 100°C  and  below  can  be  attributed  to  crack  blunting 
due  to  environmental  interactions  involving  both  the  oxidation  of  the  SIC  whiskers 
and  reactions  between  SiC  and  alumina  [22].  In  summary,  it  appears  from  the 
limited  data  so  far  avatebie,  that  creep  fracture  in  whisker  reinforced  oxides  is 
simitar  to  that  in  the  matrix  materials  themselves,  although  the  stresses  required  to 
produce  failure  in  a  given  time  are  Increased . 


Fig-  4:  A  stress  rupture  plot  for  hot-pressed  alumina  at  1 250°C.  The 
high  strength  data  is  collected  In  flexure,  while  the  longer  term  failures 
are  the  result  of  tensile  testing.  Since  the  high  stress  failures  allow 
insufficient  time  for  relaxation  the  strength  is  independent  of  stress 
state  [15]. 
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Fig.  5:  A  stress  rupture  plot  for  alumina  reinforced  with  20  vol%  SiC 
whiskers.  Slow  crack  growth  controlled  failure  is  observed  at  ail 
temperatures,  with  the  appearance  of  a  generalized  damage  regime  at 
1200°C  [23]. 
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When  the  volume  fraction  of  the  reinforcement  rises  to  about  50%,  then  a  well 
percolated  network  of  second  phase  particles  is  developed  such  that  inter  particle 
contacts  not  only  involve  touching  comers  but  shared  faces.  Such  is  the  case  for 
example  with  siliconized  silicon  carbide.  Thus  many  SiC-SiC  boundaries  are  found 
with  relatively  thin  (i.e.  10-100  nm)  films  of  silicon  between  them  [241.  These 
highly  constrained  regions  are  the  primary  sites  for  damage  in  such  materials 
[24,25].  This  material  cavitates  readily  and  several  quantitative  studies  of  damage 
have  shown  that  the  level  of  damage  (e.g.  area  fraction  of  cavities  on  a  polished 
plane)  increases  linearly  with  strain  beyond  an  incubation  strain  [24,26].  In  fact,  the 
cavitated  volume  fraction  is  almost  equal  to  the  strain  leading  some  authors  to 
suggest  that  the  tensile  strain  is  due  almost  entirely  to  that  produced  by  cavity 
growth  [27].  White  this  requires  that  all  of  the  cavities  grow  on  facets  normal  to  the 
tensile  stress  and  thus  contribute  only  to  the  strain  in  the  tensile  direction  (a 
somewhat  extreme  assumption),  this  behaviour  does  suggest  that  cavitation  is 
controlled  by  deformation  and  that  cavity  growth  contributes  substantially  to  the 
tensile  strain,  and  thus  to  the  creep  asymmetry  noted  in  these  materials.  This 
explains  the  strong  Monkman-Grant  behaviour  observed  in  this  system,  as  illustrated 
in  Fig.  6.  This  plot  shows  that  the  time  to  failure  and  steady  state  strain  rate  are 
well  correlated  over  a  range  of  temperature  and  stress.  Note  however,  that  the 
exponent  is  not  one  but  closer  to  1.2,  i.e.  creep  has  a  stronger  stress  dependence 
than  does  fracture. 


Fig.  6:  The  time  to  failure  is  correlated  to  the  steady  state  strain  rate 
over  a  range  of  temperature  through  the  Monkman-Grant  relationship 
with  an  exponent  of  1.2.  The  material  is  Sohio  KX01,  a  Si-SiC 
composite  containing  about  67%  SiC  particles  [28]. 


Class  III  Composites 

We  now  turn  to  ceramic  systems  in  which  a  large  volume  fraction  of  hard  particles 
is  held  together  by  a  small  amount  of  a  binder  phase.  The  prototypical  example  of 
this  class  of  material  is  the  silicon  nitride  family.  A  large  body  of  creep  rupture  data 
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has  been  coBected  on  a  range  of  silicon  nitride  materials.  The  most  studied  material 
is  Norton  NC-132,  a  hot  pressed  material  containing  MgO  as  the  additive  [4,29]. 
Quinn  has  used  this  data  to  develop  a  fracture  mechanism  map  which  differentiates 
the  regimes  of  stress  and  temperature  in  which  failure  occurs  either  by  slow  crack 
growth  of  by  generalized  damage  [29,30].  This  is  shown  in  Fig.  7.  This  behaviour 
is  then  broadly  similar  to  that  observed  in  other  ceramic  systems.  However,  the 
slow  crack  growth  regime  persists  out  to  longer  times  in  these  materials,  and  thus 
relatively  little  data  is  available  on  the  generalized  damage  regime  (referred  to  on  the 
map  as  "creep  fracture"),  even  in  the  most  heavily  studied  systems. 
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Fig.  7:  A  fracture  mechanism  map  for  an  MgO-doped  hot-pressed 
silicon  nitride.  This  map  summarizes  the  results  of  about  1,000 
flexural  tests  over  a  wide  range  of  temperature  and  stress  [4]. 

The  development  of  this  class  of  materials  over  the  last  twenty  years  has  led  to  an 
decrease  in  the  volume  fraction  of  the  glassy  phase  and  an  increase  in  its 
refractoriness.  Thus,  early  materials  (such  as  NC-132  )  were  prone  to  the 
development  of  microcracks  from  wedge  shaped  amorphous  regions.  These  were 
replaced  by  materials  with  Y20,  and  Al20s  as  additives.  These  materials  can  be 
densified  without  external  pressure  and  produce  a  more  refractory  amorphous  phase, 
thus  raising  the  temperature  for  the  onset  of  creep  fracture  [20].  However,  the 
relatively  large  volume  fraction  of  glass  (about  8-10  vol%)  still  leads  to  wedge 
cracking,  making  these  materials  also  susceptible  to  slow  crack  growth.  More 
recently  this  problem  has  been  relieved  by  eliminating  AI2Os.  The  resulting  materials 
need  to  be  HIPed  or  hot  pressed,  but  much  lower  glass  contents  (on  the  order  of  3 
vol%)  can  be  achieved.  In  these  materials  cavities  can  form  along  the  silicon  nitride 
junctions.  The  appearance  of  these  cavities  is  similar  to  that  observed  in  some  pure 
materials  such  as  alumina.  Cavity  formation  and  propagation  in  these  regions  is 
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highly  constrained  thus  leading  to  longer  creep  lives  (27),  although  with  reduced 
ductility. 

Despite  die  changes  in  damage  tolerance  and  ductility  brought  about  changes  in 
processing,  the  greatest  improvement  in  creep  IHe  is  due  to  enhanced  creep 
resistance  through  the  Monkman-Grant  relationship.  Wiederhorn  and  Fuller  18)  have 
recently  shown  that  the  creep  rupture  data  for  a  wide  range  of  silicon  nitrides  fall  on 
almost  die  same  curve  (Fig.  8).  However,  materials  denstfied  with  YjO,  alone 
generally  show  about  a  10*  decrease  in  strain  rate  for  a  given  stress  as  compared 
with  an  MgO-doped  material  of  a  decade  ago  (8).  They  therefore  exhibit  much 
longer  lives  for  a  given  stress  and  temperature.  The  scatter  in  failure  time  of  about 
one  order  of  magnitude  represents  differences  in  creep  ductility  brought  about  by 
differences  in  processing  and  microstructure  (i.e.  more  damage-tolerant  and  flaw-free 
materials).  It  is  interesting  to  note  that  the  most  recent  materials  fall  to  the  left  of 
the  scatter  band,  suggesting  these  materials  have  generally  lower  failure  strains. 
While  this  is  secondary  to  lifetime,  it  suggests  that  such  materials  may  be 
susceptible  to  enhanced  crack  growth  from  large  defects  and  may  be  prone  to  cyclic 
fatigue  damage  at  elevated  temperatures. 


1  10  100  1000  10000 
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Fig.  8:  The  Monkman-Grant  relationship  is  obeyed  by  a  wide  range  of 
silicon  nitride  ceramics  containing  different  sintering  aids  and  using  a 
range  of  processing  routes.  The  variability  in  lifetime  using  this  plot 
covers  about  one  order  of  magnitude,  indicative  of  the  variation  in 
creep  ductilities  [8].  For  original  references,  see  original  paper  (8). 

An  additional  feature  of  this  class  of  materials  is  the  instability  of  the  amorphous 
phase.  In  particular,  glass  in  larger  pockets  is  particulary  susceptible  to 
devitrification  [20].  This  can  affect  both  the  creep  resistance  and  damage  tolerance 
of  the  material.  In  some  systems  devitrification  is  nearly  complete  and  the 
composition  of  any  remaining  glass  is  substantially  more  refractory  than  the  initial 
glass.  In  this  case  the  creep  resistance  is  dramatically  improved  and  by  virtue  of  the 
Monkman-Grant  relationship  the  creep  life  extended.  This  is  the  case  for  example 
with  glass-bonded  aluminas  in  which  devitrification  leads  to  a  100-fold  increase  in 
lifetime.  In  some  materials  however,  devitrification  is  incomplete.  This  occurs  for 
some  sintered  silicon  nitrides  in  which  the  glass  composition  is  close  to  that  for  a 
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stable  glees.  In  the  YjOj-AIjOj-SIO,  system  for  example,  a  stable  glass  exists  at  a 
composition  of  about  1 : 1 :4.  in  Kyocera  8M220  for  example  we  have  found  that  the 
glass  reaches  this  composition  when  about  1/3  of  the  glass  remains.  Thus  full 
devitrification  is  not  possible  in  this  system  (Fig.  9).  Moreover,  the  creep  resistance 
of  this  material  is  essentially  unchanged  by  devitrification.  This  is  because  there  is 
ample  glass  in  large  intergranular  pockets,  while  creep  is  controlled  by  the  thickness 
and  viscosity  of  the  glass  in  intergranular  films.  Thermodynamic 
considerations{9,20]  suggest  that  this  win  be  unchanged  by  devitrification  in  the 
pockets.  The  result  of  this  process  is  unchanged  creep  resistance  accompanied  by 
a  loss  of  damage  tolerance  provided  by  the  large  glass  pockets.  Thus  in  this  system, 
devitrification  leads  to  a  dramatic  reduction  of  creep  life  (by  more  than  a  factor  of 
10,  Fig.  10).  This  example  makes  clear  that  while  Monkman-Grant  behaviour  gives 
guidelines  on  the  control  of  lifetime  through  creep  resistance  there  are  additional 
factors  which  play  an  important  role  in  the  fracture  behaviour  of  these  materials. 


Fig.  9:  The  Y203-Alj03-Si0j  phase  diagram  showing  the  composition  of 
the  intergranular  pockets  in  Kyocera  SN220  before  and  after  annealing 
(400  hrs.  at  1250°C). 


Conclusions 

In  this  brief  review  of  the  creep  and  creep  fracture  behaviour  of  a  range  of  multi¬ 
phase  ceramic  systems,  one  can  see  how  the  creep  resistance  changes  dramatically 
as  the  volume  fraction  of  the  hard  phase  is  increased.  A  range  of  strategies  have 
been  developed  in  which  creep  resistance  is  improved  by  both  increasing  the  creep 
resistance  of  the  softer  matrix  phase  and  by  decreasing  the  volume  fraction  of  this 
phase.  Thus  small  volume  fractions  of  a  hard  phase  have  been  added  to  relatively 
strong  matrices  such  as  alumina,  while  large  volume  fractions  of  a  hard  phase  are 
needed  when  a  soft  matrix  such  as  a  glass  is  used.  Dramatic  improvements  in  creep 
resistance  of  such  systems  have  been  achieved  in  recent  years.  While  differences 
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in  details  exist  amongst  the  materials  considered,  the  damage  mechanisms  exhibited 
by  a  wide  range  of  composites  are  broadly  similar.  At  high  stresses  cracks  are 
nucleated  at  large  flaws  in  the  most  highly  stressed  region  of  the  structure.  The  lack 
of  additional  damage  suggest  that  once  nucleated,  cracks  propagate  rapidly  leading 
to  failure.  Below  a  transition  stress,  the  development  of  generalized  damage  is 
found.  A  much  lower  stress  exponent  for  failure,  comparable  to  that  observed  for 
creep  itself  is  found.  Cracks  are  still  nucleated  at  flaws,  but  these  are  now  often 
generated  during  service.  Failure  in  this  regime  generally  obeys  the  Monkman-Grant 
relationship.  However,  as  improved  processing  leads  to  increased  creep  resistance 
and  lifetime,  this  is  often  accompanied  by  a  loss  of  ductility.  This  may  lead  to  an 
increased  susceptibility  to  high  temperature  fatigue. 


Praannael  1  lng  llm*  (hr) 

Fig.  10:  The  creep  life  of  Kyocera  SN220  at  1200°C,  as  a  function  of 
the  annealing  time  (also  at  1200°C)  prior  to  creep.  A  24  hour  anneal 
is  sufficient  to  dramatically  reduce  the  creep  life  (at  64  MPa  for 
example,  by  about  160  hours). 
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Abstract 

One  of  the  critical  issues  in  many  covalently  bonded  ceramics  such  as  SijN4  is  that  of  grain 
boundary  control.  Grain  boundaries  can  be  engineered  to  avoid  retention  of  the  intergranular 
glassy  phases  which  form  as  a  result  of  sintering  with  oxide  densifying  additives.  Long-range 
research  on  intergranular  glassy  phases  and  glass  crystallization,  using  high  resolution 
characterization,  has  led  to  a  sintering  process  that  forms  intergranular  crystalline  rare-earth 
Hisiliraumt-  The  resulting  "composite"  is  not  100%  crystalline  at  grain  boundaries,  but  shows 
great  improvements  in  high  temperature  flexural  strength  (retention  of  -90%  of  the  room 
temperature  strength  at  1300°  C)  as  well  as  oxidation  and  creep  resistance  compared  to 
conventional  silicon  nitrides,  without  adversely  affecting  room  tenperature  fatigue  behavior. 
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Introduction 


To  achieve  more  efficient  research  towards  the  improvement  of  materials,  it  is  necessary  to 
understand  the  relationships  between  synthesis  and  processing-structure  (characterization) 
properties  and  performance  by  iterative  theory  and  experiment  Processing  determines 
microstructure  and  chemical  distribution  of  components  and  impurities,  which  in  turn  greatly 
influence  most  of  the  mechanical  properties  desirable  for  high  temperature  applications.  In  the 
case  of  many  ceramics  whose  bonding  characteristics  require  processing  with  sintering  aids  to 
achieve  densiffcation,  the  resulting  materials  often  contain  residual,  glassy  phases  at  grain 
boundaries  (Fig.  1).  S^Na  is  a  typical  example  (Fig.  2a).  These  phases,  depending  on 
composition,  viscosity,  etc.,  deteriorate  mechanical,  electrical  and  magnetic  properties  (Fig.  1). 
A  basic  understanding  of  such  intergranular  and  interphase  interfaces  is  therefore  essential  if 
improvements  in  performance  are  to  be  achieved.  A  program  towards  this  end  has  been  under 
way  at  Berkeley  for  some  IS  years.  In  the  course  of  this  program,  techniques  were  developed 
for  high  resolution  electron  optical  characterization  of  intergranular  phases  [1,2] 
(morphologies,  composition),  studies  of  crystallization  of  glasses  [3,4],  and,  finally, 
successful  processing  to  obtain  mostly  crystalline  intergranular  phases  [5].  Similar  efforts 
have  been  made  by  other  researchers  (references  6-14).  However,  Ac  use  of  the  heavy  RE 
lanthanide  oxides  (Sm  — »  Yb)  has  received  little  attention  outside  our  current  research.  Such 
problems  are  not  limited  to  ceramics,  as  the  case  of  aluminum  alloy  intergranular  embrittlement 
illustrates  (Fig.  2b).  This  paper  summarizes  our  current  micros  true  tural  research  [5,15,16]  and 
fatigue  studies  [17]  in  Sijhfy.  In  all  materials  studied,  sintering  with  RE  oxide  additives  has 
been  successful  in  obtaining  RE2Si207  crystalline  grain  boundary  phases. 
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Figure  1  -  Schematic  diagram  illustrating  some  generic  problems  of  properties,  both 
mechanical  and  electronic,  associated  with  grain  boundary  phases  developed  during 
processing. 
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Figure  2  -  (a)  Lattice  image  of  Si3N4  hot-pressed  with  AI2O3  and  MgO,  showing  glassy  phase 
at  grain  boundaries  and  triple  point  (Ref.  1,  courtesy  J.  Am.  Ceram.  Soc.) 
(b)  Aged  Al-Zn-Mg  base  alloy  to  maximize  tensile  strength;  the  intergranular 
precipitate-free  zone  (PF2)  is  responsible  for  embrittlement  (courtesy  J.  Inst 
Metals).  Such  structures  were  responsible  for  die  catastrophic  failure  of  die  first 
comet  jet  aircraft,  Le.,  before  the  concepts  of  fracture  toughness  were  developed. 


The  mawriah  processing  and  testing  procedures  used  table  work  remraariaed  here  are  given  in 
detail  in  references  4, 11,  IS  and  la.  rnr  prnaies lug  ailti  ihti  ram  rinti  oxides  controlled 
cooling  through  1400°  C  from  the  staleaaf  temperature  (1600°  Q  results  in  almost  complete 
crystallisation  to  form  the  REjSijOj  crystalline  phase  at  the  grata  boundaries.  The  choice  of 
additives  is  based  00  the  phase  diagram  wok  of  Lange  [7,18].  We  assome  that  da;  phase 
relations  for  SigNs  -  YjC>3  -  SiOj  am  atattilariy  obtained  ia  die  other  system  SijKs  -  REfeQ3  - 
Si02,  where  RE  itacmts  Y,  Sss,  Od,  Dy,  Er,  and  Yb  cunentiy  aader  study.  Hgnre  3 
illustrates  the  compatibility  diagram  for  the  SijN4  -  S1O2  *  RB2O3  -  RE2S12O7  phases.  The 
only  RE-contatatac  phase  stable  with  respect  to  S1O2  (die  oxidation  product  of  SijNs)  is 
EB2SQO7.  The  ratios  of  Si02 :  RE3O3  used  for  sintering  aids  to  farm  RE2S12O7  are  obviously 
2 :1  and  a  volume  faction  of  -4X2,  as  given  at  the  SfcNs  -  REaSfeOr  de  line,  is  chosen  so  as  to 
"cover*  all  grata  boundaries.  Figure  3  also  illustrates  the  tread  in  properties  found  using  Y2O3 
-  Si02  as  sintering  aids  and  illustrates  the  need  to  control  compositions  very  carefully. 
Previous  researchers  have  used  Y2Q3  ■  AI2O3  sintering  aids  [6],  but  later  work  [4,5]  indicated 
that  the  glassy  phase  was  stabilised  by  partitioning  of  A1  and  N  during  crystallization  Fig.  4). 


Si3N4 


5102 


Rare  Earth  Dlsllicate:  a/b  •  0.5 


20  mol.  %  RE2S1207:  x/y  -  0.2 


Figure  3  -  Isothermal  section  of  the  SfcNs  -  SiQ*  -  REaSijOy  -  RE2O3  phase  diagram 
illustrating  grain  boundary  design. 


Thus,  AI2O3  has  been  eliminated  as  an  additive  in  our  subsequent  research.  However,  even 
macroscopically  low  levels  of  impurities  (<  200  ppm  Fe  +  Ca  +  Al)  in  our  Ube  S13N4  starting 
powder  can  concentrate  in  the  glass.  When  this  occurs,  stable  low-melting-point  glass  layers 
can  remain.  Calcium  seems  to  be  particularly  deleterious  in  this  regard.  The  detection  of 
impurities  thus  requires  careful  high  resolution  electron  microscopy  and  spectroscopic 
analyses. 


Figure  5- 


Note  the  large  upcct  ratio  of  matrix  gi 
(ref.  S,  courtesy  J.  Am.  Oenun.  Soc.). 
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Figure  S  shows  the  bright  field  election  micrographs  of  the  sintered  products  using  the  six  RE 
oxides  indicated.  High  aspect  ratio  grains  of  SqNs  are  surrounded  by  die  REiSi^  phase 
(dark  contrast)  shown  at  higher  magnification  in  Figure  6.  The  disilicate  phases  were 
characterized  by  x-ray  and  election  diffraction  [5J.  These  high  aspect  ratio  matrix  grains  are 
important  in  crack  deflection,  and  such  materials  gave  reasonably  good  Kjc  fracture  toughness 
values,  e.g.,  -  8  MPaVm  in  compact  tension  tests.  The  diffuse  dark  field  images  in  Figures  7 
and  8  show  that  some  residual  glass  remains  at  grain  boundaries,  and  at  the  interfaces  between 
RE2Si207  crystal  phases  and  Si3Ns  at  triple  points.  Preliminary  analytical  electron  microscopy 
indicates  these  glassy  regions  contain  several  frirmir  impurities,  notably  Ca.  Thus,  whilst  it 
has  been  proposed  from  thermodynamic  arguments  [191  that  a  thin  glassy  layer  will  always  be 
present,  it  appears  that  impurities  (from  the  SijN4,  S1O2  and  RE2O3  starting  powders)  also 
play  an  important  role  in  glass  retention.  Although  such  glasses  are  often  only  two  to  three 
molecular  layers  thick,  their  viscosity  and  thus  composition  could  still  be  the  limiting  factor  in 
high  temperature  mechanical  behavior  and  perfhrmunre 

Figure  9  shows  typical  microstructures  and  microchemical  analyses  of  the  "traditionally" 
sintered  SijNa  using  Al203:Y203  sintering  aids,  usually  [6]  in  the  ratio  2:5.  The  diffuse  dark 
field  shows  there  is  a  glassy  phase  separating  all  Si3N4,  and  the  only  crystalline  region  is  the 
Y-rich  (but  Al-containing)  oxynitride  phase  at  triple  points.  The  residual  glass  appears  to  be 
mostly  silica  [4]  and  separates  all  crystalline 


Since  it  is  possible  to  achieve  99%  theoretical  densii 


will  be  greatly  enhanced. 
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Figure  6  -  Higher  magnification  TEM  showing  dark  (absorption)  contrast  at  all  grain 
boundaries  and  tiipk:  junctions.  The  intergranular  phase  is  YbjSizO?  in  this  case. 

CryafMtlan  1300  °C,  •  hr 


Figure  7  -  As  Fig.  6,  showing  large  crystals  of  die  (RE)2Si2C>7  phase,  but  in  the  diffuse  dark 
field  (DDF)image  a  thm  glassy  layer  is resolved  at  grain-grain  boundaries.  The  DF 
image  (right)  is  taka  using  a  disilicate  reflection.  It  is  seen  that  the  crystalline 
pharn  has  nucleated  and  grown  rapidly  at  die  expense  of  the  matrix,  and  that  die 
silicate  ohase  is  mostly  in  a  single  crystalline  condition.  (Courtesy  M.  CSnibulk.) 


Figure  8  •  Bright  fietd-DDF  pair  showing  that  even  at  triple  points  there  is  also  glassy  phase 
between  the  matrix  and  duiUcatephaaea.  Impuritiea,  eapedally  Ca,  are  detected  in 
theae  glaasea  by  x-ray  microanalyria  (EDS)  in  the  TEM.  (Courtesy  B. 
Goraehaaen.) 


cue,  as  shown  in  Figure  10,  foe  Si3Ns  sintered  with  Si02  and  YbjOj.  It  should  be  noted  that 
91*  of  the  room  temneetlui-  strength  is  retained  up  to  1300°  C  This  is  to  be  compered  to 
SijNs  sintered  with  Y2O3  and  AI2O3,  which  fails  to  retain  strength  beyood  -1000°  C.  The 
latter  behavior  is  now  known  to  be  doe  to  glassy  intergranular  phases  of  relatively  low 
viscoshy,  as  shown  by  Figure  9.  That  is,  the  properties  of  the  sintered  compact  are  determined 
by  the  grid*  boundary  phase  rather  than  by  SI3N4  itself.  StrengtiHetnperature  results  similar  to 
that  of  Figure  10  were  found  for  the  other  RE-sintered  compacts  [16].  These  flexural  strength 
Haf  were  obtained  nan#  standards  and  procedures  set  by  the  U.S.  Army  Materials  Technology 
laboratory  [20],  It ktoportanttospec^thet^ng  conditions  because the  flexural  strengths 
of  ceramics  depend  on  sped  men  sue,  porosity,  defects,  etc.  This  is  the  reason  for  the 
differences  in  the  room  temperature  strength  data  m  Figure  10. 


Figure  10  -  Hot  of  flexural  strengths  from  23°  C  to  1300°  C.  Standard  deviations  are  ~10% 
and  ~ 5 %  of  mean  strengths  at  25°  C  and  1300°  C  The  curve  which  shows  a 
marked  decrease  in  strength  >  1000°  C  is  for  AI2O3  -  Y2O3  sintered  materials. 
(Courtesy  M.  Cimbulk.) 


The  creep  strain  versus  time  behavior  showed  a  continuously  decreasing  creep  rate.  This  has 
also  been  reported  for  SigN*  by  others  [14,21-26].  Steady-state  creep  conditions  are  attained 
only  after  70  hours.  Figure  11  shows  the  creep  strain  rate-applied  stress  data,  which  are 
similar  for  all  the  materials.  The  creep  exponents  are  small  and  correspond  to  creep 
mechanisms  involving  grain  boundary  cavitation.  This  hu  been  verified  by  fractographic 
analyses  [16].  These  creep  rata  are  amongst  the  lowest  reported  in  the  literature.  The  creep 
behavior  is  strongly  dependent  on  the  residual  glass  phase  distribution  and  morphology,  and 
on  the  oxidation  behavior  (section  2.3).  Oxidation  initiates  at  glassy  phases  with  impurity 
diffusion  to  the  surface.  This  results  in  "purification,"  increased  viscosity,  and  even 
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devitrification  of  the  glass.  Cavitation  occurs  at  the  glassy  interfaces  with  diffusive  mass 
transport  causing  cavity  growth  at  the  expense  of  REjSijOj.  Although  coalescence  of  cavities 
occurs,  microcrack  formation  was  not  observed  [16], 


Figure  11  -  Plot  of  "steady  state”  creep  strain  rates  with  applied  stress  at  1400°  C  in  air.  Creep 
exponents  arc  given  in  the  inset  (Courtesy  J.  Am.  Ceram.  Soc.) 


Oxidation 

The  RE  oxide-sintered  materials  were  oxidized  in  air  at  1400°  C  for  over  200  hours;  details  arc 
given  in  reference  15.  The  results  in  Fig.  12  show  that  tire  kinetics  are  parabolic  with  a  rate 
constant  of  from  3.3xl(H  (Er2Si2C>7  -  S13N4)  to  6.1xl(H  (Gd2Si2C>7  -  Si3N4).  The  data 
indicate  that  a  diffusional  process  corresponding  to  motion  of  RE3*  ions  is  the  rate  controlling 
iactor. 

During  oxidation,  disilicates  crystallize  at  the  surfaces  in  morphologies  depending  on  crystal 
structures  determined  from  x-ray  analyses  [15].  Figure  13  shows  die  results  of  scanning 
electron  microscopy  studies.  The  observations  are  consistent  with  previous  results  showing 
that  outward  diffusion  of  cations  and  inward  diffusion  of  oxygen  results  in  a  compositional 
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tndksiit  beneath  the  surface  oxide  layer.  This  condition  results  in  a  parabolic  oxidation 
behavior  [26-28].  The  effect  is  not  due  to  a  protective  oxide  film. 
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Figure  12  -  Hot  of  oxidation  rates  (specific  weight  gain)  at  1400°  C  (after  ref.  15). 


The  importance  of  die  existing  disilicate  phase  and  the  devitrification  of  residual  glass  is 
significant  in  these  materials,  since  the  oxidation  rates  are  better  by  about  a  factor  of  xiO  than 
previously ^  reported  for  Si3N4  prepared  with  "conventional"  oxide  sintering  aids  (e.g., 
references  26-28).  The  data  of  Figure  1 2  indicate  that  the  relative  rates  of  oxidation  are  roughly 
proportional  to  the  eutectic  temperatures  of  die  RE2O3  -  Si(>2  systems,  indicating  that  a  lower 
viscosiy  residual  amorphous  phase  results  in  a  higher  rate  of  oxidation,  as  the  rate-limiting 
step  is  diffusion  of  additive  and  impurity  cations  through  the  amorphous  phase  to  the 


Fatigue 

Although  much  attention  has  been  paid  to  toughening  ceramics,  fatigue  behavior  can  be  an 
“rieed  tantrag.  condition  for  use  of  ceramics  under  cyclic  loading  conditions. 
Pauskardt  et  al.  [29]  indicate  that  the  threshold  stress  intensity  for  fatigue  crack  propagation  in 
ceramics  is  on  the  order  of  one-half  of  the  corresponding  KjC  values.  Current  work  [17]  on 
KE203  sintered  S13N4  «  consistent  with  this  observation.  Very  little  difference  in  fatigue 


Figure  15  -  Fatigue  fractured  surfaces  imaged  by  scanning  electron  microscopy,  showing 
intergranular  failure  in  RE2O3  sintered  samples  (courtesy  B.  Comelissen). 
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behavior  at  room  temperature  is  noted  between  RE2O3  sintered  Si3N4  and  “conventional” 
S13N4  containing  appreciable  amounts  of  residual  intergranular  glass.  An  example  is  shown  in 
Figure  14.  Stable  crack  propagation  under  cyclic  loads  could  be  terminated  by  holding  at  the 
maximum  load,  proving  that  true  fatigue  rather  than  an  environmentally-assisted  cracking 
mechanism  was  responsible  for  the  observed  crack  growth.  The  exponent  m  in  the  classical 
Paris  power  law  equations  [30]  generally  varies  from  24  to  28,  consistent  with  results  for  other 
ceramics  [31].  The  results  of  Figure  14  can  be  understood  by  considering  that  fatigue  fracture 
propagation  in  Si3N4  is  mostly  intergranular  (Figure  15),  and  that  amorphous  material  is 
retained  at  the  boundaries  between  SijhU  grains  (Figure  8)  even  after  bulk  crystallization.  The 
immediate  crack  tip  environment  is  therefore  not  altered  significantly  compared  to  conventional 
Si3N4.  Compact-tension  fracture  toughness  tests  of  fatigue-cracked  specimens  yielded  Kic 
values  of  ~8  MPaVm. 

These  fatigue  studies  will  continue  with  efforts  to  carry  out  comparison  testing  on  well- 
characterized  glassy  Si3N4  at  room  temperature,  and  similar  tests  on  crystalline  “composites”  at 
higher  temperatures. 


Conclusions 

The  results  of  sintering  silicon  nitride  with  heavy  rare-earth  oxides  to  produce  stable  RE2Si20; 
crystalline  phases  at  grain  boundaries  are  very  encouraging.  Greatly  improved  high 
temperature  strength,  creep  and  oxidation  resistance  have  been  achieved.  Long  range  research 
has  resulted  in  the  ability  to  “tailor"  or  "engineer"  grain  boundaries.  Initial  results  of  fatigue 
behavior  show  no  detrimental  effects  of  the  intergranular  crystalline  phase  on  fatigue  behavior. 
The  research  is  continuing,  with  emphasis  on  optimizing  the  sintered  microstructures  and  more 
controlled  fatigue  experiments,  especially  at  high  temperatures. 
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Introduction 


The  objective  of  this  paper  is  to  review  our  current  understanding  of  the  fatigue  behavior 
of  nickel  base  superalloys,  and  to  compare  their  behavior  with  that  of  ordered 
interme  tallies.  Such  comparisons  are  useful  in  helping  to  determine  whether  in terme tallies 
can  successfully  replace  superalloys  in  applications  that  may  be  fatigue  limited.  However, 
there  is  a  much  larger  data  base  available  for  superalloys,  inasmuch  as  studies  of  fatigue 
behavior  of  intermetallics  have  lagged  investigations  of  monotonic  behavior.  Further, 
superalloys  are  multiphase  alloys  with  large  volume  fractions  of  one  or  more  strengthening 
precipitates,  while  the  intermetallics  that  have  been  studied  to  date  are  typically  single 
phase  or  two  phase  with  only  a  small  volume  fraction  of  the  second  phase.  Nevertheless, 
some  useful  guidelines  for  improving  fatigue  lives  and  fatigue  crack  growth  resistance  of 
both  superalloys  and  intermetallics  have  been  developed  and  are  described  in  this  review. 
The  fatigue  behavior  of  intermetallic  matrix  composites  also  will  be  described  briefly  in 
this  paper. 


Overview  of  Supcrallov  Behavior 


High  rvcle  Fatigue 

High  cycle  fatigue  (HCF)  is  not  considered  to  be  a  predominant  failure  mechanism  in  gas 
turbines,  since  it  typically  involves  a  resonance  condition  which  is  easily  designed  away. 
Therefore,  relatively  few  studies  have  been  carried  out  on  the  influence  of  metallurgical 
variables  on  HCF.  A  recent  study  of  HCF  behavior  of  P/M  Astroloy  confirmed  that  y ' 
size  has  virtually  no  effect  on  HCF  life  at  2S°C  even  though  strength  is  increased 
appreciably  (1).  This  is  somewhat  surprising,  since  in  a  stress-controlled  test  the  yield 
strength  should  affect  crack  initiation.  When  the  data  were  normalized  for  yield  strength, 
the  coarse  y '  produced  a  higher  endurance  ratio,  about  0.7  compared  to  about  0.5  for  fine 
y ',  see  Fig.  1.  In  most  cases,  HCF  endurance  ra  ios  relative  to  yield  stress  at  25°C  are 
of  the  order  of  0.55-0.6,  as  shown  in  Table  I  (2).  Therefore,  when  comparing  different 
alloys,  HCF  resistance  will  increase  with  increasing  strength  (3).  As  temperature  increases 
to  72S°C,  the  endurance  ratio  of  Astroloy  rises  steadily,  to  a  maximum  value  of  1.0  for 
coarse  y  • ,  also  shown  in  Fig.  1.  These  value*  are  still  lower  than  for  intermetallics  a; 
comparable  temperatures,  as  seen  in  Table  I  and  as  will  be  discussed  later. 

Cyclic  Hardening  and  Low  Cycle  Fatigue 

Nickel-base  superalloys  are  characterized  by  planar  slip,  due  to  a  combination  of  shearable, 
coherent  y '  or  y '  •  precipitates  in  a  low  stacking  fault  energy  Ni-Cr-X  matrix.  Coarse 
planar  slip  is  favored  by  small  y '  size,  large  grain  size,  low  temperature,  low  inelastic 
strain  and  high  strain  ,'ates  (4).  Cyclic  hardening  is  lowest  in  the  underaged  or  peak  aged 
conditions.  Cyclic  hardening  followed  by  softening  is  noted  both  in  y  *  and  y  • 1 
strengthened  superalloys  such  as  Nimonic  PE  16  (5)  and  IN  718  (6,7)  respectively  and  in 
several  single  phase  intermetallics  (8)  (Ni3Al,  FeCo-V,  Ni3Fe);  however,  one  intermetallic 
in  which  appreciable  cyclic  softening  has  not  been  seen  is  NiAl  (9,10). 

Apart  from  effects  on  cyclic  hardening,  coarse  planar  slip  associated  with  peak  aged 
superalloys  lead  to  early  crack  initiation.  For  the  peak  aged  condition  the  maximum  shear 
measured  in  any  slip  band  can  be  three  to  four  times  higher  than  for  underaged  or 
overaged  conditions,  due  to  rapid  softening  of  peak  aged  material. 
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The  low  cycle  fatigue  behavior  of  polycrystaliine  PE16  has  been  studied  at  room 
temperature  as  a  function  of  y '  particle  size  and  total  strain  amplitude  (S).  The  cyclic 
hardening  response  was  very  dependent  on  strain  amplitude,  with  a  much  smaller 
dependence  upon  y  •  particle  size,  see  Fig.  2  (S).  Similarly,  the  Coffin- Manson  plots  are 
not  significantly  affected  by  aging  condition. 

Unlike  HCF,  where  strength  is  the  most  important  factor,  LCF  behavior  is  controlled  by 
ductility.  Thus  the  most  ductile  alloys  display  long  lives  in  LCF,  while  the  strongest  alloys 
are  the  most  resistant  to  HCF  when  the  data  are  plotted  on  the  basis  of  total  strain  range 
(3). 

Table  I  High  Cycle  Fatigue  (HCF)  Data,  T=25°C,  R*0  (2^23) 


Alloy 

°y» 

Aluminides 

Ni-24A1  HIP 

1.79 

Fe-24A1  (DO3) 

0.84 

Fe-24A1  (B2) 

0.76 

Ti-25Al-10Nb-3V-lMo 

0.83 

Ti-25-llNb 

0.8S 

TiAl 

0.80  (R=-l) 

NiAl+0.28a%Fe  (400°C) 

1.7 

NiAl+0.28a%Fe  (550°C) 

1.2 

Superalloys 

Waspaloy 

037 

Udimet  700 

0.60 

Mar  M  200 

0.55 

Astroloy 

0.45-0.6 

Astroloy  (550°C) 

0.6-0.9 

Titanium  Alloys 

Ti-24%V 

0.71 

Ti-32%V 

036 

Ti-6A1-4V  (B- Annealed) 

0.45 

Crack  Propagation 

Fatigue  crack  propagation  is  a  critical  factor  in  the  selection  of 
superalloys  for  turbine  disks,  due  to  the  severe  consequences  of  failure  arising  from  a  small 
flaw.  Extensive  experimental  work,  therefore,  has  been  carried  out  on  nickel  base 
superalloys.  For  relatively  high  values  of  crack  growth  rates  the  data  are  well 
characterized  by  the  Paris-Erdogan  equation: 

da/dN  =  AAKm  (1) 

where  A  and  m  are  material  constants  dependent  upon  frequency,  temperature  and  load 
ratio,  R.  Certain  trends  in  the  crack  growth  behavior  of  commercial  superalloys  have  been 
reported.  Crack  growth  rates  tend  to  decrease  with  increasing  strength  (11)  and  increasing 
grain  size  (12).  The  influence  of  strength  is  to  be  expected  since  fatigue  crack  growth  tests 


CUMULATIVE  PLASTIC  STRAIN. 


Fig.  1  Influence  on  temperature  Fig.  2  Cyclic  response  curves  for 

on  HCF  lives  of  P/M  Astrolqy  the  UA,  PA,  and  OA  conditions  of 

normalized  by  yield  stress.  Nimonic  PE  16  as  a  function  of 

Y '  size  ■  1/rm  (1).  cumulative  plastic  strain  tested  at 

Aet/2=0.60  and  2.60  pet.  UA=under- 
aged,  PA = peak  aged,  OA=ove raged  (5). 


are  usually  conducted  under  stress  control  conditions.  The  explanation  for  the  effect  of 
increased  grain  size  is  not  so  clear;  some  researchers  suggest  that  increased  surface 
roughness  and  consequent  closure  effects  are  responsible,  while  others  dte  factors  such  as 
slip  reversibility  (13)  and  lower  average  strains  in  the  critical  process  zone  at  the  crack  tip 

(14) .  The  most  detailed  investigation  of  micros tructural  effects  have  been  carried  out  on 
Waspaloy,  an  alloy  with  a  relatively  low  volume  fraction  (25%)  of  coherent  y  '  precipitates 

(15) .  These  studies  have  shown  that  coarse  grained  material  is  more  resistant  to  crack 
growth  than  fine  grained  material,  independent  of  precipitate  size.  The  influence  of 
precipitate  size  is  not  as  clear,  but  there  is  a  tendency  for  reduced  crack  growth  rates  with 
decreasing  precipitate  size. 


Temperature  effects  on  crack  growth  rate  are  very  significant,  with  both  creep  (16,17)  and 
environmental  interactions  playing  a  role  at  elevated  temperatures  (16,18). 

Crack  growth  studies  on  single  crystals  show  that  the  rate  of  growth  is  dependent  on  the 
relative  orientations  of  the  load  axis  and  the  direction  of  crack  propagation.  Fatigue 
cracks  propagate  along  {111}  in  MarM  200  (19),  but  may  also  propagate  along  {001}  in 
MarM  002  at  elevated  temperatures  (20). 

A  recent  study  of  fatigue  crack  propagation  in  the  single  ciystal  alloy  Renl  N4  was  carried 
out  on  [001]  and  [110]  oriented  samples  in  the  range  21°C  to  1093°C  (21).  Temperature 
had  no  significant  effect  on  growth  rates  at  or  below  927°C,  but  at  1038°  and  1093°C  the 
growth  rates  were  about  lOx  higher,  as  shown  in  Fig.  3  (21).  At  21°C  cracks  propagated 
along  {111}  planes  at  low  AK,  but  for  AK>-30MPam1^  a  less  crystallographic  mode  was 
observed.  At  all  temperatures  cracks  followed  a  path  through  the  matrix  or  the  y/y  ' 
interface,  rather  than  through  the  y '  particles. 


370 


da  <tN  vs.  AK 


AK  (MPasm) 


Fig.  3  The  effect  of  temperature  on  the  fatigue  crack  growth  rate 
(R=0.i)  of  single  crystal  superalloy  Ren<  N4  (21). 


Table  1  (2,22^3)  shows  that  whereas  superalloys  display  endurance  ratios  of  0.55-0.6  at 
room  temperature,  intermetallics  show  much  higher  ratios,  in  one  case  reaching  1.79.  At 
50<rC  an  endurance  ratio  of  0.98  was  reported  for  P/M  Ni-24at%Al  in  the  HIP  + 
extruded  condition,  tested  in  air  (22).  Recent  work  on  NiAl  polycrystals  doped  with 
0.28a%Fe  showed  that  the  endurance  ratio  at  400°C  (below  the  brittle  to  ductile  transition) 
was  about  1.9  while  at  550“C  (above  the  brittle  to  ductile  transition)  the  ratio  was  about 
1.5,  see  Fig.  4  (23).  By  comparison,  Udimet  700  has  an  endurance  ratio  of  only  0.6  (24). 
The  high  endurance  ratios  of  intermetallics  at  both  room  and  elevated  temperatures  arises 
from  the  very  rapid  cyclic  hardening  in  these  alloys,  which  tends  to  delay  crack  initiation. 
However,  many  intermetallics  (e.g.  TijAl,  TiAl,  Fe3Al)  display  very  rapid  crack 
propagation,  so  that  failure  may  soon  follow  the  initiation  of  a  crack.  This  may  explain  the 
very  poor  high  cycle  fatigue  resistance  of  a2  alloys  compared  to  IN  100  at  650°C,  see  Fig. 
5  (25).  Even  when  a2  is  reinforced  with  continuous  SiC  fibers,  IN  100  is  superior. 


Low  cycle  fatigue  studies  are  difficult  to  carry  out  with  many  intermetallics  due  to  lack  of 
appreciable  tensile  ductility.  Nevertheless,  the  LCF  behavior  of  several  high  temperature 
intermetallics,  including  Ni3Al,  NiAl,  Ti3Al  and  TiAl,  has  been  reported. 

NijAl  polvcrvstals.  Strain-life  data  for  Ni3Al  alloy  IC-218  (Ni-l6.5a%A1-8Cr-0.4Zr-0.lB) 
prepared  by  hot  extrusion  of  powders,  are  shown  in  Fig.  6  (2).  Note  that  the  LCF 
performance  of  IC-218  is  superior  to  that  of  several  other  structural  alloys,  including  steels 
and  Ti-6A1-4V,  especially  at  high  strain  amplitudes.  These  results  were  attributed  to  high 
tensile  ductility  of  the  fine  grained  microstructure  and  good  crack  growth  resistance  of  a 
similar  Ni3Al  alloy,  IC-221  (34). 


*•  v  *.'•  1*- 


V  ' 

. .  ’’SL.  • 


*" '  .  ~ ..  .. .  ■ 
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2.5 


*  Astroloy,  coarse  y,  823K 

*  Astroloy,  coarse  y,  923K 
O  Astroloy,  fmeY,  823K 

*  Astroloy,  futey\  923K 
X  NijAl+B,  HIP+ Extruded,  773K 


□  NiAl-0.28Fe,673K 

■  NiAl-0.28Fe,  823K 

■  NiAI-0.28Fe,  928K 


Number  of  cycles  to  failure,  Nf 


Fig.  4  High  cycle  lives  of  P/M  Astroloy  Ni3Al + B  and 
NiAl+0.6%Fe  normalized  for  yield  stress  (1,22,23). 


Fig.  5  High  cycle  fatigue  of  continuous 
T13AI  composites  reinforced  with  SCS  6 
fibers,  compared  to  superalloy  IN  100, 
650°C,  0.2Hz,  R*0.  MMC-L  is  longitudinal 
MML-T  is  transverse  orientation  (25). 


Fig.  6.  Comparison  of  LCF  behavior  of 
NijAl  alloy  IC-218  with  several 
commercial  alloys  (2). 
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NiAl  Pnlvcrvxtak  Recently  there  have  been  several  reports  of  LCF  behavior  of  NiAl. 
Lerch  and  Noe  be  (9,26)  have  compared  the  fatigue  behavior  of  powder-processed  (P/M) 
and  cast  +  extruded  (C+E)  polycrystals  of  equiatomic  NiAl.  Two  temperature  regimes 
were  selected:  above  and  below  the  ductile  to  brittle  transition  temperature.  At  room 
temperature  a  Coffin- Manson  plot  was  obtained  for  C+E  material  (9).  The  data  obeyed 
the  equation  A  e .  =  0.003Nf"°^4  .  The  influence  of  processing  technique  and  environment 
on  the  fatigue  life  at  727*C  also  was  investigated.  At  low  temperatures  cyclic  hardening 
is  continuous  to  failure  and  fracture  always  initiated  at  fabrication  defects  (e.g.  inclusions 
or  pores).  At  72TC  NiAl  displayed  higher  fatigue  lives  than  superalloys  on  a  strain  range 
basis,  see  Fig.  7  (27),  but  had  shorter  lives  on  a  stress  range  basis.  Interestingly,  C+E 
material  was  superior  to  the  P/M  alloy  based  on  strain  range,  but  was  inferior  based  on 
stress  range.  However,  when  the  P/M  samples  were  tested  in  strain  control  at  727°C  in 
lxUr6  torr  (  Pa)  vacuum,  lives  improved  by  a  factor  of  three.  Fig.  8  (27),  so  that  lives  were 
comparable  to  those  of  C+ E  samples  at  high  strain  ranges. 

Cullers  and  Antolovich  (28,29)  report  that  powder  processed  Ni-49.5a%Al  displays  cyclic 
hardening  at  600  and  700K  that  resembles  the  room  temperature  behavior:  i.e.  hardening 
is  continuous  until  final  fracture  and  there  is  little  stable  crack  growth.  (At  1000K,  on  the 
other  hand,  a  maximum  in  hardening  was  noted  by  Noe  be  and  Lerch  (27)  after  a  few 
cycles  followed  by  slight  cyclic  softening  until  failure).  Lives  increased  substantially 
between  600  and  700K,  but  considerably  less  than  expected  from  the  large  increase  in 
monotonic  ductility  that  occurs  over  the  same  temperature  range  (29).  At  1000K,  on  the 
other  hand,  lives  increased  by  about  100  times  relative  to  room  temperature  for  a  plastic 
strain  range  of  0.2%  (26). 

NiAl-single  crystals.  Bain  et  al  (30)  have  studied  the  cyclic  deformation  of  <001  >  single 
crystals  of  Ni-49.9Al-0.1Mo  at  298  and  1033K.  At  the  higher  temperature,  fatigue  lives  of 
the  single  crystals  were  nearly  identical  to  those  for  polycrystalline  stoichiometric  NiAl,  and 
the  Coffin-Manson  relation  was  obeyed. 


PlMUc 


strain 


rang*. 


Fig.  7  Comparison  of  NiAl  and  super-  Fig.  8  Fatigue  life  of  polyciystalline 
alloy  fatigue  life  (27).  NiAl  at  1000K  (27). 


Smith  et  al  (10)  have  provided  preliminary  room  temperature  fatigue  data  for  <121> 
oriented  equiatomic  single  crystals.  At  room  temperature  single  crystals  as  well  as 
polycrystals  harden  and  fracture  with  little  or  no  stable  crack  growth. 

At  high  temperatures,  e.g.  1000K,  the  fatigue  lives  of  <  100  >  oriented  NiAl  single  crystals 
in  air  resemble  those  of  P/M  polycrystals  (Fig.  7  (27).  However,  fracture  mechanisms  are 
dissimilar  in  the  two  materials.  In  single  crystals,  cracks  initiated  and  propagate 
approximately  parallel  to  the  loading  direction  until  aosslinking  occurs,  just  prior  to 
failure.  In  poly  crystals,  on  the  other  hand,  cracks  grow  intergranularly. 

Crack  Initiation 

A  variety  of  crack  initiation  sites  is  observed  in  polycrystalline  interme tallies.  Crack 
initiation  at  25°C  is  intergranular  in  wrought  Fe^Al  (31)  and  C-t-E  NiAl  (9).  In  the  latter 
case  specific  crack  initiation  sites  (e.g.  voids)  always  were  observed.  The  same  defects  do 
not  influence  cracking  in  this  material  at  1000K,  probably  because  of  the  high  ductility 
above  the  brittle  to  ductile  transition  temperature  of  about  773K  (27). 

In  most  other  reported  cases  in  polycrystals  crack  initiation  is  along  slip  bands  (e.g. 
FeNi3V  and  NijAl+B  at  room  temperature  and  Ni3Al+B  and  NiAl  at  elevated 
temperatures  (32).  However,  some  intergranular  cracks  also  were  observed  in  NiAl  at 
700°K  (28).  Also,  cracks  initiated  at  casting  pores  in  a  directionally  solidified  Ni3Al  alloy 
(56). 

Single  crystal  studies  have  shown  that  persistent  slip  bands  form  readily  in  Ni3Al  (33)  and 
NiAl  (10),  with  intrusions  and  extrusions  developing  after  a  few  hundred  cycles.  The 
development  of  surface  damage  in  these  and  other  intermetallics  such  as  FeCo-V  and 
NijFe  closely  resembles  that  seen  in  conventional  metals  such  as  copper  and  iron  (32^3) 
as  well  as  superalloys  (17).  However,  internal  substructures  are  different  in  the 
intermetallics. 

Crack  Propagation 

Ni3Al  Alloys.  We  have  carried  out  detailed  studies  of  crack  propagation  in  two 
aluminides,  a  Ni3Al  base  alloy,  IC-221  (34,35)  and  Fe3Al  (36).  In  both  alloy  systems 
environmental  effects  are  very  important:  for  Ni3Al  due  to  oxygen  and  for  Fe3Al  due  to 
moisture  and/or  hydrogen.  Crack  growth  rates  for  Ni3Al  alloys  as  well  as  other  Ll2  alloys 
are  lower  than  for  nickel-base  superalloys  at  room  temperature  and  at  60(FC,  see  Fig.  9 
(34).  Also,  crack  growth  rates  increase  with  increasing  temperature  in  spite  of  a  rise  in 
flow  stress  over  the  same  temperature  range.  Crack  tip  embrittlement  tty  oxygen  seems 
to  be  a  major  factor,  although  creep  processes  also  influence  growth  rates  at  temperatures 
above  about  700°C  (34,35).  Crack  growth  rates,  da/dN,  increase  with  decreasing  frequency 
in  both  vacuum  and  air  for  alloy  IC  221  (Ni-9w%Al-8%Cr,1.8%Zr,0.02%B)  at  800°C  but 
tbe  rates  always  are  higher  in  air  (35).  While  increased  growth  rates  at  low  frequency  in 
vacuum  are  indicative  of  a  creep  effect,  the  higher  growth  rates  in  air  undoubtedly  reflect 
a  contribution  of  environmental  embrittlement  Intergranular  fracture  occurs  in  air  at  all 
test  frequencies,  while  transgranular  fracture  is  noted  in  vacuum.  Secondary  cracking  is 
enhanced  at  lower  frequencies,  suggesting  that  diffusion  of  oxygen  is  required  for  such 
cracks  to  appear. 


FejAl  Alloys.  Although  FesAl  alloys  are  not  Intended  for  service  above 
about  500°C,  it  is  instructive  to  use  this  sytea  to  illustrate  the  potent 
effects  of  ordering  and  of  external  environments  on  the  crack  growth  behavior 
or  ordered  intermetallics. 

Binary  FeaAl  alloys  generally  are  intermediate  In  growth  rates  (in  air) 
between  superalloys  and  LI 2  Internetallics.  e.g.  Ni 3AI  or  (Fe.NI^V.  at  low 
AH  levels;  at  high  AK,  crack  growth  Is  more  rapid  In  Fe3Al  (32). 

Recent  work  has  shown  that  hydrogen  (36,37)  or  moisture  (38)  Is  very  detri¬ 
mental  to  fracture  ductility  of  Iron  aluminides.  Our  own  research  has 
extended  the  study  of  environmental  effects  to  cyclic  loading.  Crack  growth 
rates  for  an  Oak  Rldge-deve loped  FejAl  alloy,  28.6XA1 ,4.8XCr,0.5XNb,0.21*C, 
bal  Fe  (FA-129),  are  shown  in  Fig.  10a)  for  the  partially  disordered  B2 
condition,  and  In  Fig.  10b)  for  the  fully  ordered  DO3  condition,  both  at 
room  temperature.  Note  that  the  lowest  crack  growth  rates  are  observed  with 
oxygen  for  both  ordered  conditions.  Values  for  the  slopes  as  well  as 
apparent  threshold  and  critical  stress  intensities  for  fracture  for  each 
environment  and  ordered  condition  may  be  found  in  Table  II.  Values  of  aKjh 
and  AKc  are  lower  than  reported  previously  (36,37),  because  of  a  machine 
error  in  the  previous  work.  In  every  respect  the  DO3  condition  is  less 
resistant  to  cyclic  crack  growth  and  fracture,  especially  in  each  of  the 
aggressive  environments:  air  and  hydrogen  gas.  It  is  now  generally 
considered  that  moisture  In  contact  with  iron  alumlnldes  (FesAl  and  FeAl) 
breaks  down  by  chemical  reaction  at  the  surface  of  the  sample,  thereby 
liberating  hydrogen,  which  Is  the  specific  embrittling  agent  (38). 

Chromium  reportedly  improves  the  ductility  of  Fe3Al  In  monotonic  tension 
tests  in  air  (39),  but  offers  no  benefit  under  cyclic  loading  conditions. 
Growth  rates  are  actually  higher  for  FA-129  than  for  a  binary  alloy  with 
similar  A1  content,  both  tested  in  the  DO3  condition  (32,36).  This  unex¬ 
pected  result  may  be  due  to  the  influence  of  chromium  on  the  repeated  for¬ 
mation  and  rupture  of  the  oxide  film  on  a  freshly  exposed  crack  surface. 


Fig.  9.  Comparative  crack  propagation  rates  as  a  function 
of  AK  for  NI3AI  alloy  IC-221  and  a  nunber  of  commercial  and 
experimental  alloys  between  550°C  and  660°C  (34). 
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Fig.  10  Crack  growth  of  FC3AI  alloy  FA-129, 25°C. 
a)  B2  condition  b)  DO3  condition 


Table  1 1  Fatigue  Crack  Growth  Data  few  FA-129  at  25°C 


Condition 

Fracture  Surface 

m 

AKth. 

(MPaVm) 

AK c  , 
(MPaVm) 

B2  Oxygen 

Dimpled,  few  striations 

3.0 

20.0 

35.9 

B2  Air 

TG,  many  striadon 

6.9 

14.5 

29.9 

B2  Gas 

TG,  few  striations 

8.8 

13.8 

25.9 

DO3  Oxygen 

Dimpled + cleavage 

8.5 

13.5 

25.1 

DO3  Air 

Mixed,  few  striations 

11.2 

13.3 

19.8 

DO3  Gas 

Mixed,  no  striations 

25.1 

11.1 

17.4 

The  influence  of  temperature  on  crack  growth  rates  of  FA- 129  also  has  been  studied  (36). 

Growth  rates  decrease  between  25°C  and  150°C  in  the  B2  and  DO3  conditions.  However,  at 
higher  temperatures  growth  rates  rise  again  for  the  DO3  condition.  (Tests  of  the  B2  condition  are 
limited  to  low  temperatures  due  to  the  occurrence  of  DO3  ordering).  Even  at  450°C,  crack  growth 
rates  are  lower  than  at  room  temperature,  presumably  due  to  the  fact  that  hydrogen  diffuses  too 
rapidly  at  high  temperatures  to  cause  embrittlement  Therefore,  it  appears  that  hydrogen 
embrittlement  is  maximized  near  room  temperature,  as  is  the  case  for  structural  steels. 


TrtAl  and  ThAl  Composites.  Although  crack  growth  phenomena  in  Ti3Al  alloys  have  been 
studied  extensively,  little  had  been  published  prior  to  a  series  of  recent  papers  on  Ti-24A1- 1 1  Nb 
(<*2)  and  H-25Al-10Nb-3Mo-l  V  (super  a2).  One  of  the  most  interesting  aspects  of  crack  growth 
behavior  is  the  potent  effect  of  microstructure,  see  Fig.  1 1  (40). 


Note  that  a  coarse  Widmanstatten  microstructure  provides  the  greatest  resistance  to  crack 
growth.  A  similar  strong  effect  of  microstructure  on  HCF  behavior  of  super  a2  at  600°C 
has  been  reported  by  Luetjering  et  al  (41)  and  has  been  attributed  to  the  resulting  yield 
stresses.  A  bi-model  microstructure  produces  higher  yield  stresses  and  longer  lives  than 
an  equiaxed  or  lamellar  structure.  Fatigue  crack  growth  resistance  improves  when  the 
alloy  is  cycled  in  vacuum. 

Evidence  for  environmental  effects  on  crack  growth  of  a2  at  both  room  and  elevated 
temperature  has  been  provided  by  several  groups.  There  is  an  effect  of  frequency  on  crack 
growth  rates  in  laboratory  air  and  in  vacuum  (10'5torr)  for  Ti-24-11  with  coarse 
Widmanstatten  o2  surrounded  continuously  by  transformed  B  (42)  (this  is  a  microstructure 
with  relatively  high  FCG  resistance).  Crack  growth  is  much  more  rapid  in  air  than  in 
vacuum.  Similar  observations  have  been  made  at  temperatures  in  the  range  650-800°C 
(43,44).  Crack  growth  rates  of  Ti-24Al-llNb  decrease  between  25°C  and  250°C,  but  then 
increase  at  higher  temperatures  (44).  Crack  growth  rates  in  air  decreased  with  increasing 
frequency,  and  were  further  decreased  by  testing  in  vacuum.  Crack  growth  rates  for  super 
a2  are  considerably  lower  in  vacuum  than  in  air  at  700°C;  m  increases  from  23  in  vacuum 
to  4.0  in  air  (45).  Growth  rates  of  Ti-24Al-llNb  increase  by  about  ten  times  at  649°C 
when  frequency  is  lowered  from  100Hz  to  0.01  Hz,  see  Fig.  12  (46).  In  general,  fatigue 
crack  growth  rates  in  a2  increase  with  moist  environments  (probably  due  to  the  release  of 
hydrogen),  lowered  test  frequency,  increased  hold  times  and  increased  test  temperature 
(47,48). 

Small  crack  behavior  in  Ti3Al  alloys  has  befn  reported  (49,50).  Long  crack  and  short 
crack  data  for  cast,  forged  and  rolled  super  a2  correlate  well  with  AK*eff  which  is  defined 
as: 

AK*eff  =  AKj  +  AK  -  AKC  (2) 

where  AKj  is  the  value  of  AK*eff  at  AK=0  and  AKC  is  the  closure  level  for  small  cracks 
and  is  about  0.4AK  for  super  a2.  Comparison  of  the  growth  rate  of  small  cracks  in  super 


Fig.  11  Effect  of  microstructure  on  Fig.  12  Variation  of  fatigue  crack 
crack  growth  of  Ti3Al  at  25°C  (40).  growth  rates  of  Ti-24-Al-llNb  with 

frequency  at  649°C  (46). 
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a2  with  those  in  7075  A1  and  in  the  superalloy  Astroloy  is  shown  in  Fig.  13  (49).  Note  that 
super  a2  has  a  growth  rate  slightly  higher  than  for  Astroloy  but  about  10-100x  slower  than 
for  7073  Al.  Some  small  cracks  arrest  in  each  of  the  three  alloys. 

For  Ti-24Al-llNb  small  cracks  develop  arbitrary  shapes  that  are  influenced  by 
microstructure  and  texture;  the  shapes  in  turn  affect  crack  growth  rates.  With  a 
basketweave  microstructure  as  well  as  with  two  other  microstructures,  small  and  long  crack 
data  correlate  well  when  crack  closure  is  accounted  for  (50).  However,  for  an  aligned 
colony  structure  small  crack  growth  rates  were  always  higher  than  those  for  long  cracks. 

Perhaps  the  single  factor  most  likely  to  influence  the  fatigue  crack  growth  resistance  of 
titanium  aluminides  is  the  use  of  fibrous  reinforcements.  Fig.  14  (25)  shows  that  although 
the  crack  growth  rates  of  a2  and  y  are  higher  than  for  the  P/M  Ni  base  superalloy  IN  100, 
the  longitudinally  oriented  composite  of  a2  (Ti-24Al-llNb)  with  continuous  SCS-6  SiC 
fibers  is  far  more  crack  growth  resistant  than  is  IN  100.  Unfortunately,  the  transversely 
oriented  a2  composite  displays  the  highest  growth  rate  of  all.  (Note:  the  specimen 
geometry  differed  in  that  thin  tubes  of  Ti-48Al-lV  (y)  were  utilized;  also,  the  frequency 
of  tests  of  the  a2  composite  was  3.33  Hz,  which  would  be  expected  to  result  in  a  somewhat 
lower  growth  rate  than  at  02  Hz). 

TiAl.  Data  for  TiAl(y)  alloys  are  even  more  limited  than  for  Ti3Al.  Due  to  the  low 
toughness  of  y,  AK  values  rarely  reach  20  MPavm  prior  to  fracture.  Note  in  Fig.  14  that 
the  growth  rate  of  Ti-48Al-lV  is  comparable  to  that  of  super  a2  (25).  Soboyejo  et  al  (51) 
have  reported  the  influence  of  microstructure  and  temperature  on  fatigue  crack  growth 
behavior  of  a  P/M  Ti-48%A1  alloy  tested  in  air.  Crack  growth  at  room  temperature  was 
slightly  slower  than  for  a  Ti-6A1-4V  alloy.  At  700°C,  crack  growth  was  even  slower, 
probably  due  to  oxide-induced  crack  closure. 
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Fig.  13  Comparison  of  crack  growth 
rates  for  small  fatigue  cracks  in 
Super  Alpha  2  (A2),  coarse-grained 
Astroloy  (CGA),  and  the  alumi¬ 
num  alloys  7075-T651  and  7091  (49). 


Fig.  14  Comparative  plot  of  fatigue 
crack  propagation  rates  for  tests  at 
650°C,  frequency  «  0.2  Hz,  and  R=0.1 
(25).  MMC  are  Ti-24Al-llNb/SCS-6. 


The  constants  A  and  m  in  Eq.  1  are  extremely  sensitive  to  test  conditions  for  Ti-48Al-2Mn- 
2Nb,  see  Table  III  (52).  The  slope  m  varies  from  8.2  for  as-cast  material  tested  at  70CPC 
in  vacuum  to  as  high  as  56.2  for  a  sample  heat  treated  for  2b  at  1200°C  and  tested  at 
700°C  in  air.  (This  range  of  slopes  is  similar  to  that  noted  with  FejAl  alloy  FA- 129  as  a 
function  of  long  range  order  and  environment,  as  was  shown  in  Table  II  (36).  James  and 
Bowen  (52)  point  out  that  "static  failure  modes":  transgranular  cleavage  of  allotriomorphic 
y  grains  at  room  temperature  or  transgranular  decohesion  at  700  or  800°C  contribute  to 
high  values  of  m.  Therefore,  microstructures  containing  large  amounts  of  y  grains  are  not 
resistant  to  cyclic  loading  at  elevated  temperatures.  Rather,  a  two  phase  lamellar  a2/y 
microstructure  is  preferred.  Although  this  alloy  displays  no  change  in  crack  growth  rates 
between  700°C  and  800°C,  vacuum  decreases  the  crack  growth  rates  by  about  an  order  of 
magnitude. 


With  the  exception  of  the  o2-SCS-6  system,  crack  growth  data  have  been  reported  only  for 
composites  reinforced  with  ductile  phases;  data  have  been  published  only  for  tests  at  room 
temperature  in  air.  As  in  the  case  of  monotonic  tests,  particles  do  not  confer  much 
advantage  due  to  the  lack  of  crack-stopping  ability  of  low  aspect  ratio  reinforcements.  For 
example,  sub-critical  cracks  grow  at  stress  intensities  as  low  as  2-3  MPavm  in  MoSi2-Nb 
composites  (53).  For  this  reason  it  has  been  suggested  that  increasing  the  aspect  ratio, 
together  with  a  reduction  in  particle-matrix  interface  strength,  is  necessary  for  improved 
crack  growth  resistance  in  these  composites  (54). 

The  most  detailed  study  of  crack  growth  in  ductile-phase  toughened  composites  has  been 
carried  out  on  y-TiAl  reinforced  with  25  or  50^m  TiNb  particles  (54,55).  As  in  the  case 
of  MoSi2-Nb  composites,  cracks  can  propagate  subcritically  at  very  low  stress  intensities, 
less  than  6MPavm,  see  Fig.  15  (55),  compared  to  a  fracture  toughness  of  25MPavm. 
However,  the  Paris  slopes,  m,  are  considerably  reduced  by  TiNb,  from  29.4  to  about  9.6 
for  20v%TiNb.  A  particularly  striking  observation  was  that  the  crack  growth  resistance  of 
monolithic  TiAl  appears  to  be  diminished  by  the  particles,  particularly  at  near-threshold 
levels,  as  shown  in  Fig.  15  (55). 


Table  III  Grack  Growth  Data  for  Ti-48Al-2Mn-2Nb  (52) 


Heat  Treatment 

Test  Conditions 

A 

mm/cvcle 

m 

as  cast 

800°C/vac. 

1.62X10'15 

9.4 

as  cast 

700°C/vac. 

3.36xl0'14 

8.2 

as  cast 

70(PC/air 

734x1c15 

10.0 

2h/1200°C 

800°C/vav. 

7.21x1c26 

22.8 

2h/1200°C 

700°C/air 

2.33xlC57 

56.2 

24h/1200°C 

800°C/vac. 

1.88X10'25 

22.8 

24h/1200°C 

70CPC/air 

1.47xl0’31 

29.2 

Fig.  15  Crack  growth  rates  of  y  TiAl  and  TiAl+TiNb 
particulate  composites  (55). 

Discussion 

Intermetallics  with  li2  structure  are  the  easiest  to  compare  with  superalloys  because  of  the 
common  crystal  structure.  It  is  clear  that  crack  initiation  under  stress  control  is  relatively 
difficult  in  single  phase  Ll2  alloys,  in  spite  of  the  planar  slip  associated  with  intermetallics. 
Further,  crack  growth  rates  at  both  25°  and  600?  are  lower  than  for  either  single  phase  or 
precipitation  hardened  nickel  base  alloys,  as  was  shown  in  Fig.  9  (34).  It  is  doubtful  that 
planarity  of  slip  is  the  decisive  factor,  since  slip  is  planar  in  both  the  single  phase 
intermetallics  and  in  the  precipitation  hardened  superalloys. 

The  titanium  aluminides  are  extremely  sensitive  to  microstructure,  test  temperature  and 
frequency.  The  crack  growth  rates  of  both  TiAl  and  Ti3Al  show  a  high  value  of  m,  see 
Table  III,  especially  at  low  temperature  and  in  air  (52).  Short  crack  data  for  o2  alloys 
generally  correlate  well  with  long  crack  data  when  crack  closure  effects  in  long  cracks  are 
subtracted  out.  However,  microstructure  does  affect  short  crack  behavior  of  Ti-24Al-llNb. 

Strong  effects  of  temperature,  environment  and  microstructure  also  are  found  in  crack 
growth  data  for  Fe^  (31,36,37)  and  NijAl  (34,35)  alloys.  As  in  the  case  of  titanium 
aluminides,  Fe3Al  alloy  FA-129  displays  Paris  exponents  that  range  from  "normal"  values 
of  about  3-4  for  B2  material  tested  in  vacuum  to  as  high  as  40  for  the  fully  ordered  D03 
condition  tested  in  hydrogen  gas,  as  was  shown  in  Table  II  (36).  Temperature  is  extremely 
important,  as  the  detrimental  effects  of  water  vapor  and  hydrogen  on  Fe^Al  disappear 
above  about  100°C.  However,  at  high  temperatures  factors  such  as  decreasing  yield  stress, 
creep-fatigue  interactions  or  environmental  interaction  of  oxygen  with  fatigue  cracks  can 
sharply  increase  crack  growth  rates  in  Ni3Al  alloys. 

Summary  and  Conclusions 

On  the  basis  of  fairly  limited  data  for  intermetallics,  the  following  conclusions  may  be 
drawn: 
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1)  High  cycle  fatigue  endurance  ratios  are  higher  for  nickel  and  titanium  aluminides 
than  for  superalloys.  However,  this  may  be  at  least  in  part  due  to  the  very  high 
strengths  of  the  superalloys,  so  that  absolute  values  of  endurance  limit  may  be 
comparable. 

2)  Cyclic  hardening  followed  by  softening  occurs  in  superalloys  as  well  as  in  most 
in terme tallies,  the  only  exception  being  NiAl. 

3)  Low  cycle  fatigue  behavior  of  Ni^Al  and  NiAl  is  superior  to  that  of  superalloys 
when  expressed  on  the  basis  of  strain  range. 

4)  Crack  growth  rates  of  Lij  alloys  are  lower  than  for  superalloys.  Interme tallies 
are  extremely  sensitive  to  environment,  frequency  and  temperature. 

5)  Hydrogen  and  moisture  adversely  affect  fatigue  crack  growth  resistance  in  NLAl, 
TijAl  and  Fe^Al  alloys  at  low  temperatures;  oxygen  has  a  similar  detrimental  effect 
at  high  temperatures  for  Ni3Al  and  Ti3Al  alloys,  as  well  as  superalloys. 

6)  Microstructure  strongly  influences  crack  growth  behavior  of  Ti3Al  alloys. 

7)  Crack  initiation  in  Ni3Al  and  NiAl  single  crystals  occurs  after  the  development 
of  the  same  pattern  of  surface  damage  as  seen  in  conventional  alloys. 

8)  Ductile  phase  toughening  of  intermetallics  under  monotonic  loading  does  not 
lead  to  improved  fatigue  resistance. 

9)  Additional  research  on  fatigue  of  intermetallics  needs  to  be  performed  in  the 
following  areas: 

a)  LCF  as  a  function  of  temperature,  especially  for  Ni3Al,  Ti3Al  and  TiAl. 

b)  environmental  effects  on  crack  initiation  and  growth. 

c)  short  crack  behavior 

d)  influence  of  surface  modification  on  fatigue  behavior. 

e)  all  aspects  of  fatigue  behavior  of  "newer"  intermetallics  such  as  MoSi2, 
Laves  phases,  Al3Ti  and  Nt^Al. 
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Abstract 

This  paper  summarizes  recent  advances  in  the  area  of  subcritical  crack  growth  in  ce¬ 
ramics  subjected  to  static  and  cyclic  loads  at  elevated  temperatures.  Attention  is  devoted 
to  the  specific  role  of  pre-existing  and  in-situ-formed  glass  films  in  influencing  creep  frac¬ 
ture  and  creep-fatigue  fracture.  Experimental  results  on  the  effects  of  cyclic  frequency 
and  load  ratio,  along  with  detailed  transmission  electron  microscopy  of  crack-tip  dam¬ 
age,  are  presented.  The  differences  between  the  mechanisms  of  crack-tip  and  crack- wake 
damage  are  highlighted.  Some  general  conclusions  are  drawn  about  the  dependence  of 
high-temperature  damage  tolerance  on  interfacial  glass  films  and  about  the  susceptibility 
of  ceramic  materials  to  cyclic  fatigue  fracture. 

Introduction 

The  increasing  need  for  strong,  oxidation-resistant,  and  tough  materials  in  higb- 
temperatuie  and  high-performance  propulsion  systems  has  led  to  enhanced  interest  in 
the  elevated-temperature  mechanical  properties  ceramics  and  ceramic  composites.  The 
new  generation  of  ceramics  and  ceramic-matrix  composites  are  now  candidate  materials 
for  replacing  conventional  alloys,  such  as  nickel-base  superalloys,  for  a  range  of  high- 
temperature  structural  applications,  in  competition  with  intermetallics  and  structural 
siliddes.  Considerable  work  has  been  done  in  the  past  decade  to  identify  the  mechanisms 
which  can  potentially  improve  the  resistance  to  crack  initiation  and  subcritical  crack 
growth  at  low  temperatures  (typically  below  1000°C).  However,  the  micromechanisms  of 
fracture  and  slow  crack  growth  in  ceramics  subjected  to  sustained  and  cyclic  loads  in  the 
elevated-temperature  environment  have  remained  largely  unexplored. 

A  limited  number  of  experimental  studies  (e.g.,  [1,  2])  conducted  in  the  1970’s  led 
to  the  notion  that  the  mechanisms  responsible  for  failure  under  static  and  cyclic  loads 
at  high  temperatures  were  the  same  for  ceramic  materials.  Consequently,  it  was  in¬ 
ferred  that  high-temperature  cyclic  crack  growth  rates  could  be  uniquely  derived  from 
sustained-load  crack  growth  rate  data.  However,  more  recent  experimental  work  encom¬ 
passing  a  broader  variety  of  materials,  test  conditions  and  microstructures  has  shown 
that  cyclic  crack  growth,  in  general,  cannot  be  predicted  solely  on  the  basis  of  static 
fracture  results,  and  that  some  ceramic  materials  do  exhibit  intrinsic  differences  in  the 
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micronacchaniams  of  crack-tip  damage  under  static  and  cyclic  loads,  as  evidenced  by 
transmission  electron  microscopy  of  crack-tip  region  (e.g.,  [3-9]). 

This  paper  briefly  summarizes  work  on  crack  growth,  over  the  temperature  range 
1050-1400°C,  in  some  monolithic  ceramics  and  ceramics  reinforced  with  SiC  whiskers. 
Particular  attention  is  devoted  to  the  examination  of  the  effects  erf  glass  phase  cm  sub- 
critical  crack  growth  under  sustained  and  cyclic  loads  in  the  elevated  temperature  en¬ 
vironment.  It  is  shown  that  intergranular  and  interfacial  glassy  films,  which  form  in 
iitu  ahead  of  the  crack  tip  as  a  consequence  of  the  oxidation  of  Si-containing  phases  in 
the  material,  promote  an  overall  crack  growth  response  that  is  similar  to  that  arising 
from  glassy  films  introduced  during  the  processing  of  the  ceramic.  Transmission  elec¬ 
tron  microscopy  of  crack-tip  damage  as  well  as  electron/optical  microscopy  of  crack-wake 
morphology  and  contact  are  presented  in  an  attempt  to  elucidate  the  influence  of  cyclic 
loading  on  high-temperature  fracture.  Specific  examples  discussed  in  this  paper  focus 
exclusively  on  oxide  ceramics  with  and  without  reinforcements,  primarily  because  of  the 
large  amount  of  exprimental  information  which  has  become  available  on  these  systems  in 
recent  years.  FWthermore,  the  experimental  conditions  described  here  pertain  to  situa¬ 
tions  where  creep-fracture  and  creep-fatigue  fracture  are  amenable  to  characterization 
on  the  basis  of  linear  elastic  fracture  mechanics. 

Role  of  Pre-Existing  Glass  Phase  on  High- Temperature  Crack  Growth 

Figure  1  shows  the  variation  in  tensile  crack  propagation  rates  per  fatigue  cycle, 
da/dN,  in  1050°C  air  as  the  function  of  the  stress  intensity  factor  range,  A K,  for  a  90% 
pure  alumina,  which  is  commerically  available  as  AD90  from  Coors  Ceramic,  Golden, 
CO.  (This  material  has  an  average  grain  size  of  4  pm,  tensile  and  compressive  strengths 
ol  221  MPa  and  2482  MPa,  respectively,  at  room  temperature,  and  a  tensile  strength  of 
103  MPa  at  1000°C.)  The  results  shown  in  Fig.  1  were  obtained  by  Ewart  and  Suresh 
[6]  using  four-point  bend  specimens  pre-cracked  in  uniaxial  cyclic  compression.  Depsite 
the  normal  scatter  in  data,  some  distinct  trends  emerge.  At  fixed  A K  and  load  ratio,  R, 
the  fatigue  crack  subjected  to  a  loading  frequency  v  =  0.13  Hz  exhibits  a  significantly 
faster  growth  rate  than  at  2  Hz.  Figure  2  shows  the  results  of  Fig.  1  replotted  in  terms 
of  crack  velocity,  da/dt  =  (da/dN)  x  u,  versus  the  maximum  stress  intensity  factor, 
Kmtx  —  AK/(1  —  R).  Also  included  here  are  the  crack  velocity  versus  nominal  K  under 
static  loads  in  1050°C  air.  At  comparable  values  of  maximum  stress  intensity  factor, 
the  crack  velocity  under  static  loads  is  up  to  two  orders  of  magnitude  higher  than  that 
under  cyclic  loads,  with  the  difference  being  particularly  more  pronounced  at  lower  stress 
intensity  levels.  Figure  3  also  includes  predictions  of  cyclic  crack  growth  rates  on  the 
basis  of  static  fracture  data  based  on  the  expression 


da 

fl/v 

da 

dt 

=  U  / 
cyclic  0 

dt. 


It  is  evident  that  the  predicted  growth  rates  deviate  significantly  from  experimental 
values,  especially  at  low  stress  intensity  factor  levels. 

The  AD90  ceramic  contains  impurities  of  silica  and  magnesia,  and  trace  amounts 
of  iron-,  sodium-  and  potassium-oxide  which  are  introduced  as  amorphous  films  at  gram 
boundaries  from  the  sintering  aids  added  during  processing.  During  high  temperature  de¬ 
formation,  the  grain  boundary  films  undergo  viscous  flow  which  results  in  the  nucleation 
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and  growth  of  cavities  along  grain  boundary  facets  [6].  Ligaments  of  glass  films  bridging 
the  faces  of  an  intergranular  crack  in  the  alumina  are  shown  in  Fig.  3(a).  Although 
viscous  deformation  of  amorphous  grain  boundary  films  and  the  attendant  intergranular 
fracture  process  are  essentially  the  same  under  both  static  and  cyclic  loading,  distinct 
differences  also  exist  between  the  two  cases  which  provide  at  least  a  qualitative  expla¬ 
nation  for  the  apparently  lower  grwoth  rates  seen  under  cyclic  loading  [6-9].  (1)  The 
deformation  of  glassy  intergranular  films  in  the  crack-tip  region  and  in  the  crack  wake 
is  highly  sensitive  to  the  loading  rate  (i.e.,  cyclic  frequency  and  waveform).  As  a  result, 
the  rate  of  fracture  along  grain  boundary  facets  populated  with  the  glass  phase  would 
be  expected  to  be  affected  by  whether  the  loading  is  static  or  cyclic,  and  by  the  fre¬ 
quency  and  waveform  of  cyclic  loading.  Experimental  work  has  conclusively  shown  that 
both  cyclic  frequency  and  waveforms  have  a  pronounced  effect  on  crack  growth  rates; 
lower  frequencies  and  waveforms  with  longer  hold  times  at  the  peak  stress  (e.g.,  square 
wave  form)  promote  higher  crack  growth  rates  [6,  8}.  (2)  Microscopically  tortuous  crack 
profiles  are  seen  under  both  static  and  cyclic  loads  as  a  result  of  intergranular  fracture. 
However,  several  differences  have  been  identified  between  the  two  cases.  First,  repeated 
loading  and  unloading  in  cyclic  fatigue  creates  debris  particles  of  the  ceramic  within  the 
crack  walls,  which  enhance  roughness-induced  fatigue  crack  closure  (e.g.,  [7])  over  and 
above  that  created  by  the  micro-tortuosity  of  crack  path.  Second,  the  pumping  action 
of  the  crack  walls  under  cyclic  loads  can  “squeeze  out”  the  glass  film  from  the  crack,  as 
shown  in  Fig.  3(b).  (3)  When  the  concentration  of  glass  film  is  significantly  reduced  (as, 
for  example,  in  high-purity  aluminium  alloys  such  as  the  99.9%  pure  AD999  alumina), 
the  aforementioned  effects  contributing  to  apparent  differences  between  static  and  cyclic 
load  failures  are  also  essentially  suppressed  [6].  Consequently,  very  little  subcritical  crack 
growth  is  observed  for  both  sustained  and  cyclic  loads  at  elevated  temperature  for  the 
high-purity  ceramic. 


Role  of  In- Situ-Formed  Glass  Phase  on  High- Temp 


Irowth 


We  now  consider  examples  of  materials  which,  during  high-temperature  deformation, 
form  large  amounts  of  glassy  films  in  the  crack  tip  region  as  a  result  of  environmental  in¬ 
teractions.  The  material  selected  for  illustrating  such  effects  is  aluminum  oxide  reinforced 
with  33  vol.%  of  SiC  whiskers,  which  is  a  laboratory  version  of  a  commerically  available 
Grade  WG300  composite  from  Greenleaf  Corporation,  Saegertown,  PA.  The  material, 
which  is  uniaxially  hot-pressed  in  the  form  of  plates  with  practically  full  density,  has 
matrix  alumina  grains  with  an  average  diameter  of  1.5  fii n,  o-SiC  whiskers  of  0.1-1.0 
fim  diameter  and  a  whisker  aspect  ratio  of  10-100  [3,  10].  The  whiskers  were  randomly 
oriented  in  the  as-received  material.  Figure  4  is  a  transmission  electron  micrograph 
of  the  as-received  microstructure  of  this  ceramic  composite.  Here,  perfect  mechanical 
bonding  between  the  matrix  and  SiC  whiskers  is  evident.  Note  also  the  absence  of  any 
intergranular  or  interfacial  cavities  in  Fig.  4.  Transmission  electron  microscopy  of  the 
untested  material  exhibited  very  little  pre-existing  glass  phase,  with  only  trace  amounts 
of  Si,  K,  Fe,  S,  Ca,  Y,  and  Mo  [10]. 

When  the  SiC-containing  alumina  is  subjected  to  deformation  or  fracture  in  air  at 
temperatures  typically  in  excess  of  1200°C,  the  oxidation  of  SiC  occurs  initially  according 
to  the  reaction  [4,  10-13]; 

2SiC  +  302  -♦  2Si02  +  2CO. 


In  an  unnotched  and/or  uncracked  test  specimen  exposed  to  such  high-temperature  oxi¬ 
dation  with  or  without  an  applied  stress,  the  oxidation  products  leading  to  the  formation 
of  silica  glass  will  be  confined  only  to  the  near-surface  region  because  of  the  paucity  of 
oxygen  in  the  interior  sections  of  the  specimen.  However,  when  the  specimen  contains  a 
through-thickness  notch  or  crack,  the  availability  of  oxygen  uniformly  through  the  thick¬ 
ness  of  the  specimen  in  regions  ahead  of  the  crack-tip  results  in  the  formation  of  glass 
phase  at  SiC-alumina  interfaces  uniformly  ahead  of  the  crack-tip.  Detailed  transmission 
electron  microscopy  of  crack-tip  region  by  Han  and  Suresh  [3)  show  that  the  amount  of  in- 
situ-formed  glass  phase  increases  with  increasing  applied  K  or  Kmtx,  decreasing  loading 
rate,  increasing  concentration  of  glass- forming  phase  (in  this  case,  SiC  concentration), 
and  increasing  temperature.  Although  full  details  of  the  above  reaction  are  still  not  fully 
understood,  available  experiments  indicate  that  silica  glass  is  the  primary  reaction  prod¬ 
uct  influencing  deformation  in  the  early  stages  of  creep  ahead  of  the  crack  tip  [10-14]. 
However,  S1O2-AI2O3  reaction  can  also  result  in  the  formation  of  alumino-silicate  glasses 
and,  given  sufficient  time,  of  mullites.  In  the  high- temperature  environment,  melting  of 
the  glass  films  is  followed  by  stress-assisted  viscous  flow  in  the  crack-tip  region  leading  to 
profuse  cavitation.  Creep  deformation  sudsing  from  the  formation  of  interfacial  cavities 
is  more  pronounced  when  the  viscosity  of  the  glass  is  low  and  when  the  glass  phase  wets 
or  penetrates  the  grain  facets. 

High- temperature  crack  growth  experiments  have  been  conducted  in  the  AI2O3- 
33%  SiC  composite  in  the  air  environment  over  the  temperature  range  1300-1500°C 
using  fatigue-pre-cracked  four-point  bend  specimens.  Subcritical  crack  growth  has  been 
observed  over  distances  of  several  millimeters  under  both  static  and  cyclic  loading  con¬ 
ditions  over  a  wide  range  of  stress  intensity  factor  values.  Figure  5(a)  is  an  example 
of  a  cyclic  fatigue  crack  profile  in  the  composite  subjected  to  tension  fatigue  in  1400°C 
at  A K  =  3.2-5  MPa-y/m,  R  =  0.15  and  v  =  0.1  Hz.  Diffuse  microcracking  is  visible 
along  the  crack  wake  in  addition  to  periodic  deflections/bifurcations  of  the  crack  tip. 
Figure  5(b)  shows  the  development  of  a  diffuse  microcrack  zone  in  the  same  material 
after  unloading  from  a  tensile  load  in  1500°C  air. 

A  detailed  understanding  of  the  microscopic  mechanisms  of  damage  during  stable 
crack  growth  can  be  obtained  from  transmission  electron  microscopy  (TEM)  of  the  de¬ 
formation  zone  immediately  ahead  of  the  crack  tip.  For  TEM  studies  in  the  A^C^-SiC 
whisker  composite,  thin  sections  from  the  crack-tip  region  were  prepared  using  the  fol¬ 
lowing  procedure.  A  close-fitting  wedge  was  introduced  into  the  notch  in  the  specimen 
using  a  thermosetting  plastic.  The  specimen  was  then  cut  into  thin  slices  about  100  pm 
thick,  along  planes  perpendicular  to  the  plane  of  the  notch.  Circular  discs,  3  mm  in 
diameter  and  covering  the  region  of  interest  around  the  crack  tip,  were  cut  from  these 
slices  using  an  ultrasonic  vibratory  drill  (Gatan  model  601).  The  discs  were  then  thinned 
further  by  glueing  them  to  a  glass  slide  and  polishing  them  with  a  dimpler  using  a 
diamond  compound.  They  were  subsequently  thinned  to  perforation  by  ion  beam  milling 
with  a  single  gun  at  a  voltage  of  5  kV  and  a  current  of  1  mA  [3,  10]. 

It  is  important  to  ensure  that  the  aforementioned  technique  for  thin  foil  prepa¬ 
ration  prior  to  TEM  observation  does  not  lead  to  damage  in  the  sample,  which  may 
be  misconstrued  as  damage  occurring  during  high-temperature  fracture  or  fatigue  test 
in  the  ceramic  composite.  Therefore,  TEM  observations  of  crack-tip  damage  made  on 
the  ceramic  composite  specimen  (which  were  subjected  a  priori  to  elevated- temperature 
fracture)  were  compared  with  similar  observations  made  on  as-received  (untested)  ma¬ 
terial  (for  which  TEM  foils  were  prepared  using  the  same  thinning,  polishing  and  ion 
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milling  procedure).  Figure  4,  which  is  a  typical  transmission  electron  micrograph  of 
the  as-received  (untested)  microstructure  of  the  Al20j-SiC  composite,  does  not  reveal 
damage. 

Figure  6a  is  a  TEM  picture  showing  examples  of  cavities  formed  at  the  interface 
between  a  SiC  whisker  and  the  alumina  matrix.  The  cavities  grow  along  the  interface 
(Figure  6b).  The  viscous  flow  of  glass  along  the  interfaces  and  matrix  grain  bound¬ 
aries  results  in  debonding  of  the  SiC  from  the  surrounding  matrix  and  in  the  complete 
separation  of  the  alumina  grain  facets,  as  illustrated  in  Figure  6c. 

The  kinetics  of  SiC  oxidation  and  the  geometrical  changes  in  the  SiC  whiskers  in  the 
crack-tip  region  are  also  determined  by  whether  the  ceramic  composite  is  subjected  to 
static  or  cyclic  loading  at  high  temperatures.  Under  sustained  loads,  a  significant  fraction 
of  the  SiC  whisker  can  be  converted  to  glass  pocket  in  the  vicinity  of  the  crack  tip.  Figure 
7a  shows  examples  of  glass  pockets  formed  within  SiC  whiskers  (regions  indicated  by  the 
arrows)  in  the  Al20j-SiC  composite  subjected  to  slow  crack  growth  under  a  sustained 
stress  intensity  factor  of  approximately  3.5  MPa^/m  at  1400°C.  However,  if  the  ceramic 
composite  is  subjected  to  cyclic  loads  (even  with  the  maximum  stress  intensity  factor 
being  the  same  as  that  in  the  static  tests),  such  extensive  oxidation  of  SiC  is  not  observed 
because  of  periodic  unloading.  On  the  other  hand,  cyclic  loading  causes  the  SiC  whiskers 
(in  the  crack-tip  region)  to  break.  Figure  7b  shows  a  broken  whisker  from  a  cyclic  fatigue 
test.  Note  the  meniscus  of  the  molten  glass  phase  (indicated  by  the  arrow)  flowing  inside 
the  broken  whisker  [3]. 

Figure  8  shows  the  variation  of  fatigue  crack  propagation  rates,  da/dN,  with  the 
stress  intensity  factor  range,  A K,  for  the  Al20j-SiC  composite  subject  to  load  ratios  of 
0.15,  0.40  and  0.75  in  1400°C  air  at  a  frequency  of  0.1  Hz.  Similar  to  the  trend  seen  in 
the  fatigue  of  metals  at  room  temperature,  increasing  the  load  ratio  causes  an  apparent 
reduction  in  the  threshold  A K  for  crack  growth  and  an  apparent  increase  in  the  rates 
of  fatigue  crack  growth.  At  R  =  0.15,  an  increase  in  test  frequency  leads  to  slower  crack 
growth  rates,  similar  to  the  trend  seen  in  AD  90  alumina  at  1050°C. 

The  variation  of  crack  velocity,  da/dt,  in  the  alumina-SiC  composite  is  plotted  in 
Figure  9  as  a  function  of  the  applied  stress  intensity  factor  K\  for  static  crack  growth 
experiments  conducted  in  1400°C  air  (open  symbols).  Also  indicated  in  this  figure  are 
the  fatigue  crack  velocities,  (da/dt)  =  (da/dN)  xv,  as  a  function  of  the  maximum  stress 
intensity  factor,  Kmtx ,  for  the  cyclic  fatigue  tests  conducted  on  the  ceramic  composite  in 
1400° C  at  R  =  0.15  and  v  —  0.1  Hz  and  2  Hz.  Similar  to  the  trend  seen  in  the  alumina 
ceramic,  the  cyclic  crack  growth  rates  in  the  ceramic  composite  are  significantly  lower 
than  those  seen  under  static  loads.  Furthermore,  an  increase  in  test  frequency  results  in 
a  reduction  in  the  rates  of  fatigue  crack  growth.  It  is  found  that  the  predictions  of  cyclic 
crack  growth  rates,  on  the  basis  of  static  crack  growth  data,  deviate  significantly  from 
the  experimenal  results.  These  differences  between  static  and  cyclic  crack  growth  rates 
have  been  attributed  to  (i)  the  differences  in  the  microscopic  mechanisms  of  deforma¬ 
tion  ahead  of  the  main  crack-tip  (e.g.,  Figures  7a  and  7b),  (ii)  enhanced  levels  of  crack 
closure,  frictional  sliding  along  interfaces,  and  bridging  of  the  crack  faces  by  whiskers 
under  cyclic  loadmg  conditions  and  (iii)  rate-sensitivity  of  deformation  of  the  viscous 
glass  phase  along  interfaces.  Note  the  similarity  of  the  effects  of  static  and  cyclic 
on  high-temperature  crack  growth  in  the  ceramic  composite  to  those  seen  earlier  for  the 
monolithic  alumina.  Figure  10  schematically  summarizes  the  effects  of  various  mechani¬ 
cal  loading  variables  on  static  and  cyclic  fatigue  crack  growth  in  ceramic  materials  whor 


high-temperature  crack  growth  response  is  influenced  by  the  presence  of  interfacial  glass 
films. 

In  both  monolithic  ceramics  (such  as  polycrystalline  alumina)  and  ceramic  compos¬ 
ites  (such  as  alumina  reinforced  with  SiC  whiskers),  pre-existing  or  in-situ-formed  glass 
films  at  interfaces  accommodate  deformation  at  the  crack-tip  by  the  nucleation  and 
growth  of  cavities.  The  predominant  role  of  this  cavitation  process  in  controlling  crack- 
tip  damage  also  results  in  the  suppression  of  any  dislocation  plasticity  within  the  matrix 
grains.  In  this  context,  it  is  interesting  to  examine  recent  experiments  on  molydisilicide- 
matrix  composites  with  SiC  reinforcements.  MoSi2  and  MoSij-50  mol.%  WSi2  alloys 
are  known  to  undergo  a  brittle-ductile  transition  at  approximately  1000°C.  These  in- 
tennetallic8  also  contain  silica  glassy  films  at  interfaces  as  a  result  of  the  reaction  (e.g., 

[15]): 


5(Mo,  W)Si2  +  702  -  (Mo,W)5Si3  +  7SiQ2. 


During  high-temperature  crack  growth  in  (Mo,W)Si2  alloys  with  SiC  reinforcements,  the 
presence  of  the  glass  film  promotes  intergranular  and  interfacial  cavitation  in  the  crack- 
tip  region  in  much  the  same  way  as  that  seen  for  the  ceramic  materials.  The  presence  of 
the  glass  also  appears  to  suppress  dislocation  plasticity  and  slip  within  the  matrix.  As 
a  result,  the  high-temperature  subcritical  fracture  characteristics  of  the  silicide- matrix 
composites  are  qualitatively  similar  to  those  of  the  alumina-SiC  composites  schematically 
sketched  in  Fig.  10  [15].  Since  carbon  reduces  the  extent  of  glass  by  aiding  in  the  following 
reaction, 


2Si02  +  6C  -  2SiC  +  4CO, 

attempts  are  currently  underway  [16,  17]  to  develop  high-temperature  silicides  with 
reduced  amounts  of  glass  phase  through  proper  additions  of  carbon. 

Discussion  and  Concluding  Remarks 

In  this  review,  it  is  demonstrated  that  the  presence  of  glassy  films,  either  pre-exising 
or  forming  »n  situ  in  the  high  temperature  environment,  can  have  a  profound  effect  on 
the  subcritical  crack  growth  response  of  ceramics  and  ceramic  composites.  Experimental 
evidence  available  in  the  literature  indicates  that  interfacial  glass  films  generally  have 
the  following  effects  on  creep  fracture  and  creep-fatigue  fracture  in  ceramics  and  ceramic 
composites: 

•  An  increase  in  the  apparent  differences  in  crack  growth  response  between  static  and 
cyclic  fracture  at  elevated  temperature,  as  compared  to  brittle  solids  with  little  or 
no  amorphous  intergranular  phases. 

•  An  increase  in  the  sensitivity  of  high-temperature  crack  growth  to  cyclic  frequency, 
waveform  and  hold  times  as  a  consequence  of  the  strain-rate-sensitivity  of  the  glass 
phase  to  deformation. 

•  A  noticeable  increase  in  the  tendency  of  the  material  to  develop  interfacial  cavitation 
and  microcracking. 
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•  A  decrease  in  the  thresholds  for  creep  crack  growth  and  creep  fatigue  crack  growth. 

•  Expanded  range  of  subcritical  crack  growth  (i.e.,  greater  spread  of  K  or  AK  val¬ 
ues  over  which  subcritical  fracture  occurs)  during  static  and  cyclic  fatigue  at  high 
temperatures. 

•  Suppression  of  dislocation  activity  within  the  matrix. 

It  has  traditionally  been  assumed  that  ceramic  materials  do  not  exhibit  true  cyclic 
fatigue  effects  due  to  the  absence  of  cyclic  plasticity.  However,  the  results  reviewed  in 
this  paper  and  those  reported  elsewhere  [18-21]  clearly  show  that  cyclic  fatigue  effects 
can  occur  in  ceramic  materials  in  many  different  ways: 

1.  A  mechanical  (cyclic)  fatigue  effect  wherein  the  macroscopic  mode  of  fracture  under 
cyclic  loads  is  distinctly  different  from  that  seen  under  monotonic  loads.  The  mode 
I  fatigue  fracture  of  notched  ceramic  materials  in  cyclic  compression  [18,  19]  is 
an  example  of  this  mechanical  fatigue  effect  and  it  is  distinctly  different  from  the 
splitting  mode  of  failure  (parallel  to  compression  axis)  under  monotonic  compression. 

2.  A  microscopic  fatigue  effect  wherein  the  mechanisms  of  deformation  and  failure 
under  cyclic  loads  is  distinctly  different  from  that  seen  under  static  loads.  The 
differences  between  failure  mechanisms  observed  under  static  and  cyclic  loads  in  the 
elevated-temperature  failure  of  the  AljOj-SiC  composite  (Figures  7a  and  7b)  under 
cyclic  tension  are  examples  of  this  microscopic  fatigue  effect. 

3.  A  micromechanical  fatigue  effect  wherein  kinematically  irreversible  cyclic  deforma¬ 
tion  arises  in  ceramic  materials  as  a  consequence  of  microcracking,  phase  transfor¬ 
mations,  creep,  interfacial  sliding  or  crack  bridging,  analogous  to  slip  irreversibility 
in  metal  fatigue.  The  generation  of  localized  residual  tensile  stresses  and  the  nu- 
cleation  of  compression  fatigue  cracks  [18,  19]  is  an  outcome  of  this  kinematically 
irreversible  microscopic  deformation. 

4.  A  mechanical  fatigue  phenomenon  arising  from  crack-wake  effects  wherein  differ¬ 
ences  in  crack  closure,  crack  bridging,  or  grain  bridging  result  in  apparently  dif¬ 
ferent  crack  growth  rates  between  static  and  cyclic  fatigue,  even  though  the  basic 
micromechanisms  of  deformation  and  failure  are  similar  [20,  21].  The  differences 
between  static  and  cyclic  fatigue  crack  growth  rates  at  high  temperatures  in  the 
polycrystalline  alumina  ceramic  are  an  example  of  this  type  of  fatigue  effect. 
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Fig.  1.  Fhtigue  crack  growth  behavior  of 
polycrystalline  alumina  in  1050°C  air. 
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Fig.  2.  A  comparison  of  experimental  results  on  static  and  cyclic  fatigue  fracture  in 
alumina  in  1050°C  air.  Also  shown  is  a  comparison  of  predicted  cyclic  response  with 
experiments.  See  text  for  details. 


Fig.  3.  (a)  Ligaments  of  glass  bridging 
the  faces  of  the  fatigue  crack,  (b)  Films 
squeezed  out  of  the  crack  by  the  pumping 
action  of  crack  walls. 


Fig.  4.  As-received  microstructure  of  the 
alumina-33  vol.%  SiC  whisker  composite. 
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Fig.  9.  A  comparison  of  experimental  results  on  static  and  cyclic  fatigue  fracture  in 
alumina-matrix  composite  in  1400°C. 


Fig.  10.  A  schematic  representation  of  the  effects  of  various  loading  variables  on  high- 
temperature  fatigue  in  ceramics  and  ceramic-matrix  composites. 
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Abstract 

It  is  demonstrated  that  the  environmental  embrittlement  of  ordered  intermetallics,  which  is 
caused  by  hydrogen  released  from  moisture  in  air  or  hydrogen  gas  in  environment  at  ambient 
temperatures,  takes  place  in  various  kinds  of  crystal  structures,  alloys  and  microstructures. 
First,  the  phenomenology  of  the  environmental  embrittlement,  i.e.  atmosphere,  temperature 
and  strain  rate  dependencies,  as  well  as  alloying,  doping  and  microstructural  effects,  is 
presented  in  terms  of  mechanical  properties,  fractography  and  microstructural  features.  Next, 
possible  mechanisms  of  embrittlement  involving  the  kinetics  (i.e.  decomposition,  migration 
and  condensation  of  hydrogen)  and  the  bond  breaking  are  discussed.  Finally,  some  evidence 
indicating  suppression  of  the  embrittlement  through  selection  of  deformation  condition, 
alloying  and  microstructural  modification  is  presented. 
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Introduction 


It  has  been  believed  that  a  number  of  ordered  intermetallks,  which  possess  attractive  high- 
temperature  structural  properties,  have  superior  environmental  resistance  because  they 
generally  have  a  high  melting  point,  good  thermal,  chemical  and  microstructural  stability. 
Also,  the  poor  ductility  and  brittle  fracture  of  ordered  intermetallks  whkh  have  limited  their 
use  as  engineering  materials,  were  overcome  by  the  substantial  recent  efforts.  However,  as 
many  observations  on  their  mechanical  properties  are  reported,  it  is  clear  that  the 
environmental  resistance  of  most  ordered  intermetallks  is  not  always  high  under  the 
dynamical  condition,  such  as  in  loading  and  also  in  ordinary  atmosphere,  such  as  air.  It  has 
been  demonstrated  during  the  last  and  this  decades  that  the  environmental  embrittlement  of 
ordered  intermetallks,  which  is  caused  by  hydrogen  released  from  moisture  in  air  or 
hydrogen  gas  in  environment  at  ambient  temperatures,  occurs  severely  in  various  kinds  of 
crystal  structures,  alloys  and  microstructures. 

In  this  artkle,  the  phenomenological  features  of  the  environmental  embrittlement  of  ordered 
intermetallks,  which  are  evaluated  by  mechanical  property  and  fractography,  are  summarized 
in  terms  of  testing  condition  (i.e.  atmosphere,  temperature  and  strain  rate  dependencies)  as 
well  as  of  material  condition  (i.e.  alloying,  doping  and  microstructural  effects  whether 
polycrystal  or  single  crystal).  The  mechanisms  responsible  for  the  environmental 
embrittlement,  which  involve  a  number  of  processes  such  as  decomposition,  permeation, 
migration  and  condensation  of  hydrogen  and  the  bond  breaking,  are  presented.  Also,  strong 
evidence  indicating  suppression  of  the  embrittlement  through  alloying,  doping  and 
microstructural  modification,  and  some  attempts  to  control  the  embrittlement  through 
modifying  the  surface  composition  and  selecting  the  appropriate  deformation  condition  are 
presented.  Finally,  it  is  demonstrated  that  the  environmental  embrittlement  of  ordered 
mtermetallics  is  a  major  cause  and  an  extrinsic  factor  for  their  low  ductility  and  brittle 
fracture.  Another  kind  of  environmental  embrittlement,  which  is  operative  at  elevated 
temperatures  and  is  associated  with  oxygen  released  from  air,  is  excluded  from  this  article. 


Phenomenological  Features 

Just  as  traditional  materials  such  as  high  strength-low  alloy  steels  and  titanium  base  alloys,  it 
has  been  known  that  some  Lh  ordered  intermetallks  of  (Fe,Ni)jV  [1],  NhFe  [2],  boron- 
doped  NbAl  [3],  and  CosTi  [4]  alloys  are  embrittled  by  electro-charging  of  hydrogen  at  low 
temperatures,  and  TbAl  [5,6]  and  TiAl  [7]  alloys  are  embrittled  by  hydrogen  gas  exposure  at 
high  temperatures  (Table  I  also  lists  other  materials  showing  such  hydrogen  embrittlement). 
This  kind  of  embrittlement  is  due  to  the  compulsor.ly  injected  hydrogen  into  materials. 
However,  the  fact  that  these  ordered  intermetallks  are  more  susceptible  to  hydrogen 
embrittlement  and  more  critical  than  traditional  materials  was  first  shown  in  Lh-type  Co3Ti 
polycrystal  which  has  been  known  to  be  intrinsically  ductile  [4,8J.  Figure  1  shows  that  when 
Co3Ti  polycrystals  are  tensile-tested  in  vacuum,  air  and  hydrogen  charging  obtained 
elongation  value  was  lower  in  air  than  in  vacuum,  and  the  lowest  value  was  observed  in 
hydrogen-charging.  This  result  reveals  that  the  embrittling  species  is  hydrogen  and  also  the 
embrittlement  in  air  is  due  to  the  moisture  or  hydrogen  gas  in  a  low  level  in  air.  Since  this 
finding,  a  number  of  alloys  were  shown  to  be  simply  embrittled  in  air  at  ambient 
temperatures,  as  summarized  in  Table  I.  It  is  demonstrated  from  Table  I  that  the 
environmental  embrittlement  is  operative  in  various  kinds  of  crystal  structures,  alloy  systems 
and  micros  true  tures,  one  limiting  form  of  which  is  single  crystal.  Table  1  also  indicates  that 
the  environmental  embrittlement  has  been  observed  in  ordered  intermetallks  which  were 
ductilized  by  alloying  or  found  to  be  intrinsically  ductile. 

The  effect  of  testing  atmosphere 

As  shown  in  Figure  1,  the  elongation  strongly  depends  on  the  environment.  A  number  of  Lh 
ordered  intermetallks  of  CosTi  and  their  alloys  [4,8-1 1],  (CoJFe)sV  alloys  [12,13],  NbAl  and 
their  alloys  [14-19],  NuSi  and  their  alloys  [20-23]  in  both  of  polycrystal  and  single  crystal 
form  were  tensile  tested  in  various  atmospheres  (including  liquid  medium)  such  as  vacuum, 
air,  oxygen  gas,  Ar  gas,  hydrogen  gas,  distilled  water,  mixture  of  Ar  and  hydrogen  gas. 
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Table  I  Ordered  intermetallics  showing  the  environmental  (and  hydrogen)  embrittlement 


Type 

Single/ 

Alloys 

Environmental  hydrogen 

Beneficial 

polycrystal 

embrittlement 

embrittlement 

addition 

Ll2 

polycrystal 

NbAl 

0 

NbAl+B 

O 

0 

O 

NbAl+Be 

0 

Nb(AlJdn) 

0 

O 

NbAl+Zr+B 

0 

0 

NbSi 

O 

NbSi+B 

0 

O 

Nb(Si,Ti)+B 

0 

Nb(Si,Ti)+C 

CoiTi 

0 

O 

0 

OfcTi+X 

CorTi+Fe 

0 

0 

CosTi+Al 

CojTi+B 

0 

0 

CoaTi+C 

0 

CoaTi+Be 

0 

(Co,Fe,Ni)aV 

NfaFe 

O 

0 

single 

Nb(Al,Ti) 

O 

0 

Nb(Al,Ti)+B 

O 

O 

0 

Nb(Si,Ti) 

O 

O 

Nb(Si,Ti)+B 

O 

0 

(Co,Ni)aTi 

O 

0 

Llo 

polycrystal 

TiAl 

0 

0 

TiAl+Cr 

0 

0 

DO19 

polycrystal 

TbAl 

0 

0 

B2 

polycrystal 

FeAl 

0 

0 

FeCo+V 

0 

NiAl 

0 

0 

DCb 

polycrystal 

FeaAl 

0 

0 

Fe3Al+Cr 

0 

0 

0 

Others 

pofy  crystal 

NbCr 

0 

. . — 

atmosphere  while  "Hydrogen  embrittlement"  means  the  embrittlement  occurring  by 
cathodic  charging  or  by  hydrogen  gas  exposure.  Note  that  "Beneficial  addition”  means 
doping  or  alloying  elements  resulting  in  the  suppression  of  the  environmental  (or 
hydrogen)  embrittlement.  Also,  the  blanks  in  the  column  of  "Hydrogen  embrittlement” 
mean  that  the  effect  has  not  been  investigated. 


Observed  result  was  that  the  tensile  elongation  is  generally  the  highest  in  vacuum,  low  in  air 
or  distilled  water,  and  the  lowest  in  hydrogen  gas  or  cathodic  charging.  However,  the  yield 
stress  and  the  strain  hardening  were  insensitive  to  the  testing  atmosphere. 

Testing  atmosphere  effect  on  the  tensile  ductility  was  also  observed  in  bcc-derivative  crystal 
structures  such  as  D03-type  FerAl  and  B2-type  FeAl  [24,25],  Trend  is  quite  similar  to  that  in 
LI2  ordered  intermetallics.  When  samples  were  tested  in  air,  these  alloys  were  severely 
embrittled,  although  the  yield  stress  was  again  insensitive  to  testing  environment.  CuZn  also 
shown!  the  apparent  environment  embrittlement  in  distilled  water,  but  may  be  categorized  as 
stress-cracking  in  a  solution  [26]. 

Figure  2  shows  another  example  where  environmental  (and  also  hydrogen)  embrittlement  was 
observed  in  monolithic  y-TiAl  alloy  with  Llo  structure;  the  elongations  were  lower  in  air  and 
in  hydrogen  gas  than  in  vacuum  [27].  Quite  the  same  environmental  effect  was  observed  in 
TiAl  base  ordered  intermetallics,  the  ductility  of  which  was  evaluated  by  three-point  bending 


Figure  1  Stress-strain  curves  of  Lli-type  CcwTi  polycrystals  with  and  without  boron 
which  were  tensile  tested  at  room  temperature  in  various  atmospheres. 


Figure  2  Stress-strain  curves  of  Llo-type  TiAl  polycrystals  which  were  tensile  tested  at 
room  temperature  in  various  atmospheres.  Two  sets  of  tensile  deformations 
were  performed  to  confirm  reproducibility. 


Figure  3  Comparison  of  the  stress-strain  curves  of  Nb(Si,Ti)  single  crystals  with  [001] 
orientation  deformed  under  two  vacuum  degrees  of  2.7xl0-5  Pa  and  6.7x10“*  Pa. 
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Strain  rat*  /«’* 

Figure  4  Variation  of  the  tensile  elongation  v».m  strain  rate  for  Nij(Al.Ti)  single 
crystals  with  [001]  orientation  which  were  doped  with  a  trace  amount  of 
boron  and  tensile-tested  in  various  atmospheres. 


Figure  5  Variation  of  the  tensile  elongation  with  strain  rate  for  B2-type 
FeAl  polycrystals  deformed  in  air. 


[28],  It  was  recently  reported  that  y-TiAl  titanium  aluminide  consisting  of  a  lamellar 
structure,  that  is,  polysynthetic  twinned  crystal  (PST)  shows  the  apparent  environmental  effect 
on  their  mechanical  properties  [29];  it  was  higher  when  tested  in  vacuum  or  in  dry  air  than  in 
air  or  in  hydrogen  gas. 

Interesting  result  was  shown  in  DCh-type  FesAl  and  B2-type  FeAl  [23,24],  and  LI 2- type 
NhAl  alloyed  with  Zr  [18]  and  (Co,Fe)jV  [12,13];  the  highest  elongation  value  was  not 
obtained  in  samples  tensile-tested  in  vacuum  but  in  oxygen  gas,  indicating  evidence  that  the 
environmental  embrittlement  is  suppressed. 

Figure  3  shows  the  effect  of  vacuum  degree  on  the  tensile  elongation  of  Lk-type  Nb(Si,Ti) 
single  crystal  with  [001]  orientation  [30].  The  tensile  elongation  of  sample  tested  in  vacuum 
degree  of  2.7xl05  Pa  was  higher  than  that  of  sample  tested  in  vacuum  degree  of  6.7x1  O'*  Pa. 
This  result  suggests  that  the  ductility  of  this  material  is  still  affected  under  this  range  of 
vacuum  degree,  meaning  that  the  environmental  embrittlement  in  ordered  intermetallics  is  so 
severe  in  contrast  to  ordinary  materials  such  as  iron  and  steel. 
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Strain  rate  dependence 


The  strain  rate  dependence  on  the  tensile  ductility  was  investigated  in  a  number  of  Lh  type 
[4-1 1,15,16,21,22,30]  and  B2-type  [3  l,32]-type  ordered  intermetallics.  As  examples.  Figures 
4  and  5  show  the  results  on  Nb(Al,Ti)  single  crystals  with  [001]  orientation  which  were 
doped  with  a  trace  amount  of  boron  and  tested  in  a  variety  of  atmospheres  [33],  and  the  result 
on  FeAl  polycrystals  deformed  in  air  [31],  respectively.  Tensile  elongation  generally 
decreased  with  decreasing  strain  rate,  depending  on  the  testing  atmosphere,  although  the  yield 
stress  and  the  strain  hardening  were  primarily  independent  of  strain  rate.  In  some  cases,  an 
apparent  ductil  ^-brittle  transition  was  observed.  Figure  5  demonstrates  that  the  tensile 
elongation  of  FeAl  (B2  structure),  which  has  been  believed  to  be  intrinsically  brittle,  rapidly 
increased  in  a  strain  rate  range  beyond  10 '/sec.  Thus,  the  strain  rate  effect  indicates  that  the 
environmental  embrittlement  is  dynamic  effect  due  to  the  competitive  process  of  hydrogen 
with  the  applied  deformation  rate. 


Figure  6  Variations  of  small  punch  fracture  energy  (SPEE)  with  temperature  for 
Co3Ti  polycrystals  deformed  in  air. 


Figure  7  Variations  of  the  tensile  elongation  with  temperature  for  LI 2- type  Nh(Si,Ti) 
single  crystals  with  [001]  orientation  which  were  deformed  in  air  and  in 
vacuum,  respectively. 
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In  addition  to  the  above,  some  ordered  intermetallics  like  TiAl  PST  with  a  lamellar  structure 
was  shown  to  be  sensitive  to  strain  rate  [29];  the  tensile  elongation  increased  with  increasing 
the  strain  rate.  Thus,  it  is  noted  that  the  strain  rate  effect  was  observable  whenever  alloy 
shows  the  effect  of  the  testing  atmosphere  on  the  tensile  ductility. 

Temperature  dependence 

The  effect  of  temperature  on  the  embrittlement  has  been  reported  in  some  Lh  ordered 
intermetallics  of  CosTi  base  alloys  in  polycrystalline  form  [9,34],  Nb(Al.Ti)  in  single 
crystalline  form  [33],  Nu(Si,Tl)  in  both  polycrystal  [21*22]  and  single  crystal  [30]  form,  and 
in  B2  ordered  intermetallics  of  FeAl  (36.5%A1)  polycrystals  [35].  Figure  6  shows  the 
variation  of  toughness  (i.e.  fracture  energy)  of  CosTi  polycrystals  which  was  evaluated  in  air 
by  the  compressive  punch  test  as  a  function  of  temperature  [34];  the  minimum  in  toughness 
was  observed  around  room  temperature  (i.e.  300  K),  indicating  that  the  toughness  loss  is 
limited  to  ambient  temperature.  With  an  increase  in  test  temperature  to  400  K  and  also  with  a 
decrease  in  test  temperature  below  200  K,  the  toughness  was  recovered  to  high  values.  As  an 
another  example,  Figure  7  shows  the  variation  of  elongation  with  temperature  for  LI 2- type 
Nis(Si.Ti)  single  crystals  with  [001]  orientation  which  were  deformed  in  air  and  vacuum[30]; 
the  elongation  minimum  appears  around  room  temperature  when  samples  are  deformed  in  air 
and  low  degree  of  vacuum  (6.1x10*  Pa).  As  already  described  in  a  previous  section  (Fig.  3), 
when  sample  is  deformed  in  high  degree  of  vacuum  (2.7x1 0-s  Pa),  the  elongation  increased 
and  consequently  the  minimum  in  the  curve  of  the  elongation  vs.  temperature  disappeared. 
This  result  means  that  the  minimum  of  the  elongation,  i.e.  the  embrittlement  at  room 
temperature  therefore  can  be  attributed  to  the  hydrogen  embrittlement  However,  there  were 
some  cases  at  which  even  when  samples  were  deformed  in  high  degree  of  vacuum  the 
elongation  displayed  the  minimum  around  room  temperature  [9,33]  (for  an  example,  see 
Figure  8).  This  result  indicates  that  residual  hydrogen  contained  in  the  sample  may  affect  the 
elongation  property.  Otherwise,  vacuum  degree  may  be  not  high  enough.  More  work  is 
needed  to  know  the  roles  of  hydrogen  from  environment  and  residual  hydrogen  in  the 
material. 


Temperature  (K) 

Figure  8  Variations  of  the  elongation  with  temperature  for  Lh-type  CosTi  alloys 
containing  various  additive  elements  which  were  deformed  in  vacuum. 

Besides  Lh  and  B2  (or  DO3)  ordered  intermetallics,  the  testing  temperature  effect  on  the 
embrittlement  has  been  observed  in  y-TiAl  [27];  in  this  case,  the  discrepancy  of  the  tensile 
elongation  between  air  and  vacuum  was  larger  at  673  K  than  at  room  temperature.  However, 
whether  the  environmental  embrittlement  observed  at  673  K  is  associated  with  hydrogen  or 
with  oxygen  is  not  identified  yet  [27]. 
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Recovery  in  ductility  at  cryogenic  temperature  can  be  attributed  to  the  lowering  of  the 
mobility  of  hydrogen  into  the  near  tip  region  of  propagating  micro-crack  [8,11],  or  to  a 
combined  effect  of  (a)  reduction  in  the  kinetics  of  decomposition  of  moisture,  and  (b) 
lowering  of  the  equilibrium  moisture  content  in  air  at  this  temperature  [35].  On  the  other 
hand,  the  ductility  recovery  at  high  temperatures  can  be  attributed  to  the  reduction  in  the 
capability  of  hydrogen  condensation  into  the  associated  place  [8,11],  or  to  a  rapid  in-situ 
formation  of  protective  oxide  scales  on  sample  surfaces  [23,24], 

Here,  it  must  be  noted  that  the  reduction  of  the  tensile  ductility  by  hydrogen  charging  is 
generally  recovered  after  a  degassing  treatment  and  then  stressing  under  a  high  vacuum 
environment;  the  recovery  has  been  established  simply  at  room  temperature  in  the  case  of 
CoiTi  polycrystals  [8],  473  K  in  the  case  of  (Fe,  Ni)sV  [1],  at  673  K  in  the  case  of  boron- 
doped  NbAl  [3]  and  673  K  in  the  case  of  Nii(Al.Mn)  [15].  These  results  suggest  that  the 
reduced  ductility  in  these  alloys  is  not  due  to  the  permanent  damage  such  as  a  hydride  or 
swelling  void,  and  also  that  hydrogen  can  be  penetrated  into  the  sample  interior  or  degassed 
into  the  outer  environment,  in  a  reversible  way. 


Vacuum 


Hydogen 

gas 
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Figure  9  The  effect  of  the  testing  atmosphere  and  strain  rate  on  the  fracture  pattern 
observed  in  Nu(Al,Ti)  single  crystals  with  [001]  orientation. 


Fracture  mode 

In  response  to  the  embrittlement,  i.e.  with  decreasing  the  tensile  ductility,  the  fracture  mode 
changed  from  "ductile"  mode  to  "brittle"  mode,  depending  on  crystal  structures,  alloys  and 
microstructures.  In  the  case  of  polycrystals  of  Lh  ordered  intermetallics  of  Cos’ll  [4,8-1 1], 
NisAl  [14,15,17-19],  (Fe,Ni)3V  [12,13],  NisSi  [20-23]  and  their  alloys,  the  fracture  mode 
changed  from  transgranular  fracture  to  intergranular  fracture.  Thus,  hydrogen  promoted 
brittle  fracture  separating  grain  boundaries,  which  are  the  (inherent)  weakest  defect  path.  In 
the  case  of  single  crystals  of  Lh  ordered  intermetallics  of  OwTi  [1 1],  Nis(Al,Ti)  [16,33]  and 
Nis(Si,Ti)  [30],  the  fracture  mode  changed  from  the  dimple  pattern  or  the  ripple  pattern,  to  the 
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river  pattern  with  decreasing  the  tensile  ductility.  Figure  9  shows  the  fracture  patterns 
observed  in  Nia(Al.Ti)  single  crystals  with  [001]  orientation  as  functions  of  testing 
atmosphere  and  strain  rate  [16].  In  the  embrittled  situation,  the  fracture  plane  consisted  of 
featureless  smooth  facets  accompanied  with  river  patterns.  Corresponding  to  the  change  in 
fracture  pattern  (i.e.  mode),  measured  fracture  planes  also  changed  depending  on  alloys;  with 
decreasing  the  ductility,  fracture  plane  changed,  from  (111)  plane  (or  non  -cry  stallographic 
plane)  which  is  usually  inclined  to  the  stress  axis,  that  is,  along  highest  applied  resolved  shear 
stress,  to  {001}  plane  which  is  usually  normal  to  stress  axis,  that  is,  has  the  maximum 
resolved  normal  stress  [11,16,30,33].  In  the  case  of  the  severest  embrittlement  of  Ni»(Al,Ti) 
single  crystals  which  were  deformed  in  hydrogen  gas  and  also  at  a  very  slow  strain  rate, 
(Oil)  and  (111)  fracture  planes  were  observed  [16].  However,  the  fracture  pattern  on  (111) 
plane  in  this  case  was  quite  distinct  from  the  fracture  pattern  on  (111)  plane  observed  in 
vacuum.  The  fracture  patterns  in  the  former  case  showed  the  river  patterns,  revealing  fracture 
by  the  brittle  manner.  Thus,  these  results  indicate  that  the  cohesive  strength  is  affected  by 
hydrogen  and  also  depends  on  alloys. 

To  summarize  the  fractography  of  the  embrittled  Lh  ordered  intermetallics  it  may  be 
remarked  that  even  though  certain  amount  of  plastic  deformation  precedes  before  fracture  of 
sample,  fracture  mode  is  quite  brittle,  i.e.  showing  the  river  pattern  in  the  case  of  single 
crystals  and  grain  boundary  facets  in  polycrystals.  This  result  is  in  contrast  to  the  fracture 
patterns  in  embrittled  iron  and  steel,  where  certain  amount  of  plastic  deformation  is  not 
expected  whenever  embrittlement  occurs. 

In  the  case  of  polycrystal  of  B2  FeAl  ordered  intermetallic  [24,25],  with  decrease  in  ductility, 
the  fracture  mode  changed  from  mainly  intergranular  fracture  (e.g.  in  oxygen),  through  mixed 
mode  fracture  (e.g.  in  vacuum),  to  mainly  transgranular  (cleavage)  fracture  (e.g.  in  air).  Thus, 
in  this  alloy,  the  brittle  fracture  mode  is  not  intergranular  fracture  but  transgranular  (cleavage) 
fracture.  The  cleavage  plane  in  the  embrittled  condition  was  determined  to  be  [001 }  plane 
[36]. 

In  the  case  of  monolithic  y-TiAl,  the  fracture  mode  was  mainly  transgranular  cleavage  with 
river  pattern  and  basically  insensitive  to  the  testing  atmosphere  [27,28].  The  corresponding 
cleavage  plane  has  not  been  determined  yet.  In  TiAl  PST  with  a  lamellar  structure,  it  was 
found  drat  they  fail  in  a  cleavage-like  mode  with  a  habit  plane  parallel  to  lamellar  boundaries 
between  ctz  phase  and  y  phase.  Otherwise,  fracture  occurs  across  lamellar  boundaries  [29].  It 
was  suggested  that  the  lamellar  boundaries  with  higher  interfacial  energy  have  large  free 
volume  and  thereby  provide  preferential  site  (or  diffusion  path)  for  hydrogen  atoms,  resulting 
in  easier  separation  [29]. 


Mechanisms 

The  environmental  (i.e.  hydrogen)  embrittlement  is  caused  via  some  microscopic  processes 
involving  hydrogen  diffusion  (and  reaction)  kinetics  and  bond  breaking.  Process  of  diffusion 
kinetics  furthermore  may  involve  some  processes  consisting  of  (1)  the  reaction  (or 
decomposition)  of  moisture,  hydrogen  gas  or  distilled  water  (or  a  solution),  (2)  penetration  (or 
injection)  into  sample  interior,  (3)  migration  and  (4)  condensation  into  the  corresponding 
region  (or  defect).  Understanding  the  mechanism  for  these  processes  is  important  to  control 
or  to  suppress  the  environmental  embrittlement  of  ordered  intermetallics.  It  has  been 
demonstrated  that  each  process  and  the  associated  mechanism  involve  specific  feature  which 
is  not  always  similar  to  die  hydrogen  embrittlement  observed  in  conventional  materials  such 
as  iron  and  steel. 

Kinetics 

As  shown  in  Table  I,  the  major  components  in  most  ordered  intermetallics  are  reactive 
elements,  such  as  aluminum,  silicon,  titanium  and  vanadium.  These  elements  (Mactive)  may 
strongly  react  with  moisture  in  air  or  water  in  solution,  as  shown  in  below  [24]; 
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In  other  wards,  the  element  Maaive  generally  has  very  high  affinity  with  oxygen  and  thereby 
atomic  hydrogen  (H)  can  be  released  from  HjO  into  the  material  interior.  Based  on  this 
reaction,  it  was  demonstrated  that  the  highest  ductility  obtained  in  samples  deformed  in 
oxygen  gas  [12,13,18,23,24]  is  due  to  the  reaction  of  the  element  Mactive  with  oxygen  gas 
competing  with  the  moisture  reaction  in  eq.  (1),  therefore  reducing  the  generation  of  atomic 
hydrogen  from  the  moisture  in  air  [24]. 

Table  I  also  shows  that  other  major  components  in  most  ordered  intennetallics  are  the 
transition  elements,  such  as  nickel,  iron  and  cobalt  These  elements  (Monition)  may  play  an 
important  role  as  surface  reactive  element,  i.e.  catalysis,  as  shown  in  below  [8,22,37]: 


Hi  -»  2H 

T 

Munition  (catalysis) 


(2) 


It  has  been  well  known  that  the  transition  metals,  particularly  VIII  elements,  are  very  surface 
active  elements  and  therefore  expected  to  be  very  effective  as  catalyst  This  reaction  results 
in  easier  decomposition  of  molecular  (i.e.  gaseous)  hydrogen  (H2)  into  atomic  hydrogen, 
although  eq.  (2)  may  proceed  via  some  metastable  reactive  products  (processes). 

Thus,  it  is  predicted  that  a  number  of  ordered  intennetallics  consisting  of  Motive  in  minority 
of  content  and  M monition  in  majority  of  content  are  susceptible  to  two  kinds  of  environmental 
embrittiements,  i.e.  die  moisture-induced  and  hydrogen-induced  embrittlements.  However,  in 
both  cases,  it  is  very  likely  that  slip  steps  or  free  surface  of  microcrack  freshly  exposed  during 
deformation  work  as  catalyst  and  thereby  promote  both  the  reactions  by  eqs,  (1)  and  (2) 
[8,22,37].  Some  experimental  facts  that  the  environmental  embrittlement  is  operative  under 
loading,  that  is,  in  a  stage  of  plastic  deformation  after  yielding  of  materials  support  this  idea. 


Hydrogen  generated  by  eqs.  (1)  or  (2)  must  migrate  (or  permeate)  to  the  region  where 
hydrogen  condenses  and  the  breaking  takes  place.  Dislocations,  grain  boundaries,  interfaces 
and  also  crack  surface  linked  to  the  tree  surface  are  able  to  provide  rapid  diffusion  paths  for 
hydrogen.  Dislocations  in  ordered  intennetallics  mostly  move  in  the  form  of  a  pair  of 
superpartials  bounding  with  antiphase  boundary  (APB)  or  stacking  fault  (SF).  This 
characteristic  of  dislocations  may  provide  very  rapid  diffusion  path  of  hydrogen  or  collects 
sufficient  amount  of  hydrogen  during  their  sweeping,  although  the  exact  mechanisms  are  not 
understood  Grain  boundaries  which  are  inherently  the  weakest  links  in  polycrystals  with  Lh 
structure  also  may  provide  rapid  diffusion  path.  However,  it  is  suggested  that  hydrogen 
migration  along  free  surface,  grain  boundaries  or  dislocations  in  the  very  vicinity  of 
propagating  crack  tips  are  very  important  because  the  phenomenon  is  so  rapid,  spontaneous 
and  caused  by  a  trace  amount  of  moisture  or  hydrogen  gas.  In-situ  observation  using  the 
transmission  electron  microscope  (TEM)  observation  is  helpful  to  further  understand  this 
subject 

Various  lands  of  defects  such  as  grain  boundaries,  phase  interfaces  (e.g.  lamellar  interface, 
matrix-inclusion  interface  and  so  on)  and  micro-cracks  produced  by  intersection  of  two  slip 
systems  are  possible  condensation  sites  for  hydrogen  because  their  interfaces  generally  have 
high  interfacial  energies  and  high  free  volumes.  The  condensation  is  also  promoted  by  stress 
concentration  introduced  around  these  defects  and  combined  with  high  stresses  piled  up  in 
front  of  propagating  crack  tips.  There  exists  the  hierarchy  for  the  hydrogen  condensation  and 
the  associated  hydrogen  embrittlement  For  example,  in  LI2  structure,  the  environmental 
embrittlement  is  caused  by  intergranular  fracture  in  the  case  of  polycrystals,  but  by  cleavage 
fracture  in  the  case  of  single  crystals.  It  appears  that  the  embrittlement  due  to  the  former 
fracture  mode  occurs  under  a  low  level  of  applied  stress,  i.e.  in  low  content  of  hydrogen. 

Bond  breaking 


Basically  three  micromechanisms  can  be  considered  for  the  bond  breaking  due  to  hydrogen 
embrittlement  of  ordered  intermeuilics  as  well  as  traditional  materials  such  as  iron  and  steel: 

(1)  associated  with  hydride  formed  before  deformation  or  under  loading, 

(2)  due  to  locally  enhanced  plasticity,  i.e.  "ductile"  mechanism, 

(3)  due  to  the  decohesion,  i.e.  "brittle"  mechanism. 

When  y-TiAl  or  TbAl  is  exposed  in  high  concentration  of  hydrogen,  the  alloys  were  shown  to 
be  embrittled  by  the  formation  of  hydrides  [5,6,7].  Therefore,  the  mechanism  (1)  may  be 
applicable  to  ordered  intermetallks  consisting  rf,  or  containing  Ti  (or  Zr,  Hf)  element.  The 
hydrides  themselves  can  be  cracked,  or  introduce  lattice  cracking  under  stress  concentrations 
formed  around  them.  However,  hydride  formation  has  not  been  detected  when  y-HAI  is 
embrittled  in  air  and  even  in  hydrogen  gas  at  ambient  temperature  [22].  This  result  reveals 
that  the  environmental  embrittlement  in  these  alloys  is  not  due  to  hydrides,  but  to  atomic 
hydrogen. 

There  is  some  evidence  supporting  that  mechanism  (3)  is  applicable  to  embrittlement  in  a 
number  of  ordered  intermetailics.  Many  Lh  polycrystals  including  NbAl,  NbSi,  CoiTi  and 
their  alloys  showed  very  featureless  patterns  on  their  fractured  grain  boundary  facets.  On  the 
other  hand,  Lh  single  crystals  including  (Co,Ni)sTi  [11],  Nh(Al,Ti)  [16]  and  Nb(Si,Ti)  [30] 
fractured  on  low  index  crystallographic  planes,  accompanied  with  the  river  patterns, 
indicating  the  reduction  of  the  lattice  bonding.  Also,  in  an  in-situ  TEM  study  in  (Co,Ni>3Ti,  it 
was  found  that  hydrogen  accumulated  at  the  tip  of  propagating  crack  introduced  a  large 
number  of  stacking  faults  which  hindered  the  emission  and  motion  of  dislocations  and 
thereby  decreased  the  associated  plastic  wait  at  the  crack  tip  [11].  Similarly,  in-situ  TEM 
observation  in  NbAl  with  and  without  boron  showed  that  hydrogen  causes  the  embrittlement 
by  decreasing  the  cohesive  strength  of  grain  boundaries  [38]. 


Table  II  Fracture  stress  of  Llj-type  Nii(Si,Ti)  single  crystals  which  had  crystal 
orientations  [001]  and  [123]  and  were  deformed  in  water  and  in  vacuum,  respectively. 


testing  atmosphere 

Vacuum 

Water 

[001]  [123] 

[001] 

[123] 

Fracture  stress  (MPa) 

TBS  wn 

503“ 

883 

Resolved  normal  fracture  stress 

1150  853 

802 

739 

on  (001)  plane  (MPa) 

Relative  ratio  of  [T23]  to  [001] 

0.74 

0.92 

Resolved  shear  fracture  stress 

470  509 

328 

441 

on  (1 1 1)  plane  (MPa) 

Relative  ratio  of  [123]  to  [001] 

1.08 

1.34 

Recent  study  using  Ll2-type  Nb(Si,Ti)  single  crystals  provided  good  insight  on  the 
decohesion  mechanism  [30].  Fracture  stress  of  their  single  crystals  was  investigated  as  a 
function  of  crystal  orientation,  i.e.  on  two  orientations  of  [001]  and  [123].  Both  orientations 
showed  [001]  cracking  in  distilled  water,  indicating  hydrogen  embrittlement,  while  both 
orientations  showed  [111]  fracture  plane  in  vacuum,  indicating  no  embrittlement  [30].  Table 
II  represents  the  corresponding  fracture  stress,  and  calculated  resolved  normal  fracture  stress 
on  [001 }  plane  and  resolved  shear  fracture  stress  on  { 11 1 }  plane,  respectively.  The  fact  that 
resolved  normal  fracture  stress  on  [001]  plane  was  primarily  independent  of  crystal 
orientation  when  defamed  in  water  indicates  that  fracturing  was  controlled  by  the  cohesion 
strength  on  [001 }  plane.  Similarly,  the  fact  that  resolved  shear  fracture  stress  on  { 1 1 1 )  plane 
was  independent  of  crystal  orientation  when  deformed  in  vacuum  indicates  that  fracture  was 
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controlled  by  shearing  along  (111)  plane.  Thus,  it  is  concluded  that  the  cohesion  stress  on 
(001 }  plane  in  Lh  structure  was,  under  the  influence  of  hydrogen,  reduced  below  the  fracture 
strength  on  ( 1 1 1 )  plane. 

It  was  shown  in  a  previous  section  that  the  embrittled  FeAl  (B2  structure)  fractures  on  (001 ) 
plane  [36].  This  result  also  supports  a  possible  reduction  of  the  cohesive  strength  by 
hydrogen  injected  from  environment  [24,25,39], which  is  also  consistent  with  the  calculation 
by  Fu  [40];  the  charge  transfer  from  Fe  to  H  results  in  the  weakening  of  d-bonding  and  is  then 
mostly  effective  on  the  lattice  bonding  between  (001)  atomic  planes.  Measurement  of 
fracture  strength  in  FeAl  polycrystals  containing  35%A1  also  supports  the  cohesion 
mechanism  [39];  the  fracture  strength  in  air  was  insensitive  to,  and  then  lower  than  the 
maximum  strength  obtained  by  prestraining  in  oxygen  gas.  This  result,  thus,  demonstrates 
that  hydrogen  released  from  moisture  reduces  atomic  bonding  and  causes  crack  initiation  (or 
propagation)  at  a  relatively  lower  strength. 

Thus,  the  environmental  embrittlement  in  most  ordered  intermetallics  is  caused  by  dynamic 
and  atomistic  mechanism  by  which  the  cohesive  strength  and  the  associated  plastic  flow 
around  a  crack  tip  are  affected.  The  details  of  this  embrittlement  due  to  hydrogen  can  be 
understood  in  terms  of  the  electronic  concept  for  fracturing,  as  argued  by  Eberhart  et  a  1.(41], 


Control  and  Suppression 

Control  and  suppression  of  the  environmental  embrittlement  is  the  technologically  important 
subject  to  use  ordered  intermetallics  as  engineering  structural  materials.  First,  from  the  point 
of  view  of  experimental  (or  testing)  condition,  discussion  in  the  foregoing  section  proposes 
the  following  ways: 

(1)  to  deform  materials  in  vacuum,  inert  gas  or  dry  air, 

(2)  to  deform  at  high  temperatures  (mostly  300°C~400°C),  otherwise  at  cryogenic 
temperature, 

(3)  to  deform  at  high  deformation  rate. 

Indeed,  based  on  above  ways,  the  present  author  has  been  able  to  fabricate  a  number  of 
ductile  ordered  intermetallics  which  have  been  known  to  be  very  brittle  in  ambient  air 
environment  [42-44]. 

From  the  point  of  view  of  material  condition,  some  ways  to  control  the  embrittlement  are 
possible  and  indeed  have  been  demonstrated: 

(1)  modification  of  surface  composition  by  which  reactions  by  eqs.  (1)  and  (2)  can  be 
reduced, 

(2)  alloying  method, 

(3)  micros  tructural  modification. 

Concerning  method  (1),  surface  film  coating  or  protective  oxidation  scales  on  surface  which 
have  definite  interface  to  matrix  may  be  not  successful  because  cracking  of  surface  Him 
introduced  (hiring  deformation  does  not  deserve  the  suppression  of  reactions  by  eqs.  (1)  and 
(2).  Diffused  alloying  layer  appears  to  be  effective  in  suppressing  the  decomposition  and 
penetration  of  hydrogen  from  environment 

Recent  attempts  to  control  or  suppress  the  environmental  embrittlement  by  alloying  have 
beat  shown  to  be  very  promising.  Table  I  summarizes  some  examples  whose  alloying  is 
beneficial  to  suppress  the  losses  of  the  tensile  ductility  in  air  or  in  hydrogen  gas.  First  finding 
was  shown  in  Lh  CosTi  polycrystals  [9];  among  variety  of  alloying  elements  (V,  Ta,  Cr,  Mo, 
W,  Fe,  A1  and  Ge)  to  CosTi  (23  at%Ti),  the  elements  of  Fe  and  A1  at  a  few  atomic  %  level 
showed  a  tendency  to  suppress  the  embrittlement  in  air,  as  shown  in  Figure  10  [45].  The 
beneficial  effect  of  the  element  Fe  may  be  attributed  to  a  more  homogeneous  electronic 
distribution  at  grain  boundaries  where  some  of  the  C0-T1  bonds  are  replaced  by  Co-Fe  bonds 


[42-44];  the  effect  of  A1  is  yet  to  be  explored  In  this  alloy,  the  control  of  stoichiometric 
composition  was  found  to  be  effective  in  reducing  the  environmental  embrittlement  [8]; 
Cojfi  alloys  containing  low  Ti  content  showed  small  amount  of  reduction  in  the  tensile 
elongation  in  air,  in  comparison  with  CosTi  alloys  containing  high  Ti  content  [8].  Most 
striking  result  was  found  on  NisAl  polycrystals  doped  with  boron  [46]  and  on  Nb(Si,Ti) 
polycrystals  doped  with  boron  and  carbon  [21,22].  The  tensile  elongation  of  boron-doped 
NisAl  polycrystals  were  basically  insensitive  to  the  test  environment  and  test  strain  rate  [46] 
although  this  alloy  has  been  known  to  be  embrittled  by  compulsory  injected  hydrogen  [3]. 
This  result  indicates  that  boron  is  the  beneficial  element  in  suppression  of  the  environmental 
embrittlement  of  NisAl.  Figure  1 1  shows  the  environmental  effect  on  the  tensile  elongation 
for  Nij(Si,Ti)  polycrystals  with  and  without  boron  and  carbon  [21,22].  It  was  found  that  the 
room  temperature  tensile  elongation  of  Nis(Si,Ti)  polycrystals  with  boron  (and  also  carbon) 
was  insensitive  to  testing  atmosphere  and  were  then  higher  than  those  of  undoped  Nis(Si.Ti) 
polycrystals.  Whereas,  the  room  temperature  elongation  of  undoped  Nis(Si,Ti)  polycrystals 
was  sensitive  to  the  testing  atmosphere  and  thus  lower  in  air  than  in  vacuum.  Beneficial 
effect  of  boron  on  the  environmental  effect  was  also  reported  in  NbSi  binary  alloys  [23]. 
These  results  clearly  indicate  that  boron  (and  also  carbon)  is  very  effective  in  alleviating  the 
environmental  embrittlement  in  some  Lh  alloys.  Also,  these  results  indicate  that  the 
environmental  embrittlement  may  be  a  major  cause  of  low  ductility  and  brittleness  in  these 
alloys.  In  other  words,  it  may  be  demonstrated  that  the  boron  effect  in  these  alloys  is  not  an 
intrinsic  effect  that  improves  the  grain  boundary  cohesion,  but  an  extrinsic  effect  that  kills 
the  harmful  effect  of  hydrogen.  As  a  responsible  mechanism  to  this  alloying  effect,  it  is  very 
likely  that  these  elements  segregate  strongly  to  grain  boundaries,  compete  with  hydrogen  for 
site  occupation,  and  thereby  reduce  grain  boundary  diffusion  of  hydrogen  or  suppress  the 
harmful  effect  of  hydrogen  on  grain  boundary  decohesion  [21,22,42-44],  In  LI 2- type 
(CoJFebV  alloys,  control  of  grain  size,  i.e.  refinement  of  grains  was  shown  to  be  effective  in 
improving  the  room  temperature  tensile  elongation  in  air  [13]. 

It  has  been  observed  that  boron  doping  of  NisAl  single  crystals  is  slightly  beneficial  for  the 
room  temperature  tensile  elongation  in  air  although  its  effect  is  not  so  remarkable  [47],  in 
comparison  to  that  in  NisAl  polycrystals.  Also,  it  was  shown  that  [111]  fracturing,  which  is 
intrinsic  fracture  mode  under  no  hydrogen,  is  more  dominating  in  boron-doped  Nis(Al.Ti) 
single  crystals  than  in  undoped  Nis(Al.Ti)  single  crystals  [48].  It  is  anticipated  from  these 
results  that  boron  in  the  grain  interior,  i.e.  within  the  lattice  is  also  beneficial  to  suppress  the 
harmful  action  of  hydrogen,  by  reducing  the  solubility  of  hydrogen  in  the  lattice,  scavenging 
the  hydrogen  atoms,  or  affecting  core  structure  of  dislocations. 


0  100  200  300  400  500  600 

Temperature  (K) 

Figure  10  Variation  of  the  fracture  toughness  (evaluated  by  fracture  energy)  with 
temperature  for  CosTi  (23  at%Ti)  polycrystals  alloyed  with  Fe  and  A1 
which  were  deformed  in  air. 
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Figure  1 1  Variations  of  the  elongation  with  temperature  for  Lli-type  Nu(Si,Ti) 

polycrystals  with  and  without  boron  and  carbon  which  were  deformed  in 
vacuum  and  in  air,  respectively. 


In  FeaAl  and  FeAl  alloys,  recent  efforts  show  that  the  ductility  of  these  alloys  in  air  can  be 
substantially  improved  by  increasing  A1  content  and  by  adding  Cr  at  a  level  of  2  to  6% 
[24,25].  The  Cr  additions  doubled  the  tensile  ductility  and  their  effect  was  attributed  to  the 
oxide  scales  formed  on  material  surfaces  during  fabrication  in  air  [49],  Also  in  FesAl, 
refinement  of  grains  has  been  proven  to  be  effective  in  enhancing  the  ductility  in  moist  air 
[39]. 

Recent  observation  using  y-TiAl  PST  showed  that  some  transition  metals,  particularly  Cr 
elements,  were  very  effective  in  suppressing  the  environmental  embrittlement  in  air  [50].  In 
vacuum  TiAl  alloyed  with  0.6at%Cr  showed  an  identical  elongation  value  to  that  of  binary 
HAl,  while  in  air  TiAl  alloyed  with  Cr  showed  higher  elongation  value  than  that  of  binary 
TiAl,  accompanied  with  the  reduced  propensity  of  fracturing  along  lamellar  boundaries 
between  ou  phase  and  7  phase. 


Summary  and  Concluding  Remarks 

During  the  last  and  this  decades,  a  large  number  of  ordered  intermetallics  were  shown  to  be 
intrinsically  ductile  or  can  be  ductilized  by  some  metallurgical  techniques,  such  as  alloying, 
micros  true  tural  modification  and  also  adequate  selection  of  deformation  conditions.  Many 
recent  studies  associated  with  such  ductilizatidn  showed  that  the  environmental  embrittlement 
takes  place  when  ordered  intermetallics  are  simply  tensile  tested  in  conventional  testing  (and 
also  fabrication)  conditions,  e.g.  in  air  at  slow  deformation  rates  at  ambient  temperatures.  It 
has  been  observed  that  this  kind  of  embrittlement  occurs  in  a  variety  of  crystal  structures 
including  LI2,  B2,  DO?  and  Llo,  and  also  a  variety  of  alloy  systems.  The  process  is  dynamic 
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involving  the  kinetics  of  hydrogen  and  bond  breaking  in  the  front  of  a  propagating  crack. 
Also,  it  was  demonstrated  that  principal  cause  of  die  environmental  embrittlement  in  ordered 
intermetallics  is  due  to  the  extremely  high  reaction  of  moisture  (i.e.  HjO)  in  air  with  reactive 
elements  (such  as  Al,  Si,  Ti,  V)  anchor  of  Hi  with  surface  reactive  elements  (such  as  Ni,  Co 
and  Fe)  in  environment. 

is  article,  the  environmental  embrittlement  was  shown  to  be  principal  cause  of  the  low 
ity  and  the  associated  brittle  fracture  in  many  ordered  intermetallics.  In  NisAl,  NbSi, 
PesAl  and  TiAl  base  alloys,  it  has  been  demonstrated  that  the  alloying  effect,  by  which 
le  ductility  in  air  at  room  temperature  was  improved,  can  be  attributed  to  hindering  of 
the  ronmental  embrittlement.  Recent  observations  reporting  ductility  improvement  in 
NisAl  without  boron  doping,  all  of  which  woe  carefully  prepared  by  alloying  or 
unidirectional  solidification  and  then  tensile-deform ed  in  well  controlled  experimental 
conditions  [17,18,51,52],  are  coherent  to  notions  that  environmental  embrittlement  is  the 
major  cause  of  the  low  ductility  and  extrinsic  effect  Finally  it  must  be  noted  that  data  for 
solubility  limit,  diffusion  and  site  occupation  of  hydrogen  is  required  to  further  understand 
the  environmental  embrittlement  in  ordered  intermetallics. 
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Abstract 

There  is  continuing  interest  in  the  development  of  materials  which  can  increase  the 
specific  strength  of  ensfosests,  eoaspared  to  conventional  superalloys,  fbr  a  variety  of 
high  temperature  applications.  A  number  of  ceramics  and  iatermetallic  compounds,  as 
well  as  carbon-carbon  composites  have  the  high  melting  points  and  km  densities  to 
potentially  meet  these  requirements.  However,  these  materials  mast  Anther  demonstrate 
adequate  toughness  and  environmental  resistance  iTthey  are  going  to  achieve  widespread 
use.  This  paper  deals  with  environmental  resistance,  The  corrosion  mechanisms  of  these 
three  classes  of  materials  are  described  aad  compared.  Current  and  potential  protection 
schemes  for  each  class  of  material  are  described  aad  critical  problems  are  identified. 
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The  oxidation  bduvior  of  the  ’advanced  material*’  (ceramics,  intermetailics,  aad 
carboa-carboa  composites)  spaas  the  spectnua  from  inert  materials  to  those  which 
undergo  catastrophic  oxidation  (See  Figure  1).  As  a  resalt  the  applications  tor  which  they 
are  suitable  aad  the  methods  required  to  protect  them  differ  markedly.  Ia  discussing  the 
oxidation  behavior  of  advaaced  mats  rials  it  is  accessary  to  mention  that  the  oxidation 
resistance  of  state-of-the-art  materials,  sach  as  nickel-base  superalloys,  has  been  improved. 
For  example,  ia  Figure  2  the  cyclic  oxidation  resistance  of  some  advanced  nickel-base 
saperalioys  are  compared  before  aad  alter  treatments  to  remove  snlfar-  These  treatments 
result  ia  very  substantial  improvements  ia  the  cyclic  oxidation  resistance  of  these  alloys 
as  the  resalt  of  the  formation  of  more  adherent  aiuniaa  scales.  Alloys  ia  the  pretreated 
condition  have  oxidation  resistance  better  than  ua treated  alloys  with  aluminide  coatings. 

He  following  describes  the  oxidation  and  corroeioa  behavior  of  three  classes  of 
"advanced”  materials:  ceramics,  intermetailics,  and  carboa-carboa  composites. 


■  -  -«n I ■  m . 

■IWTTmanC 

Compounds 


Figure  1.  Schematic  showing  the  relative  corrosion  resistance  of  various  materials 
relative  to  that  for  nickel  base  superalloys. 


OaitegQB  Mjflnahut  Cfftwnto 

In  most  gaseous  environments  ceramics  are  more  resistant  than  metallic  systems. 
Nevertheless,  depending  upon  the  ceramic  and  the  environment,  oxidation  and  hot 
corrosion  can  occur.  The  degradation  of  ceramics  in  corrosive  environments  is  often 
sensitive  to  tbe  Impurities  in  the  ceramic.  Grain  boundaries  are  frequently  preferred  sites 
for  attack.  Sack  preferential  attack  can  be  expected  to  deieteriously  affect  tbe  mechanical 
properties  of  structural  ceramics.  In  discussing  the  corrosion  of  ceramics  it  is  convenient 
to  first  examine  the  attack  of  ceramics  in  corrosive  gases  aad  then  consider  hot  corrosion 
when  molten  deposits  such  as  NajS04  are  present  to  influence  the  degradation  processes. 
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Figure  2.  Cyclic  oxidation  resistance  of  single  crystal  nickel  bust  superalloys  in  air  at 
1100*0.  (a.)  Effect  of  sulfur  removal,  (b.)  Comparison  of  low-sulfur  allays 
to  untreated  alloy  with  a  conventional  coating. 

A  material  is  considered  to  be  immune  to  a  particular  environment  when  it  is  in 
equilibrium  with  the  environment  Total  or  complete  immunity  is  rare  in  practice  but  in 
some  cases  the  amount  of  reaction  required  for  equilibrium  to  be  achieved  is  very  small, 
and  consequently  the  changes  in  properties  are  very  small.  There  are  a  number  of 
ceramics  which  can  be  considered  immune  to  those  gaseous  environments  encountered  in 
practice  which  contain  oxygen.  Typical  examples  of  such  Type  I  ceramics  are  AljOj,  Si02 
and  ZrOj.  Type  II  ceramics  are  those  which  react  with  the  gaseous  environments  and 
require  the  formation  of  a  protective  reaction  product  barrier  to  inhibit  attack.  SIC  and 
SijN4  are  typical  of  this  second  category  where  SH>2  scales  provide  protection  against 
subsequent  attack.  The  {actors  which  control  the  oxidation  resistance  of  Type  II  ceramics 
are  the  same  as  those  affecting  alloys  that  develop  oxidation  resistance  via  selective 
oxidation  (1).  An  adherent  barrier  of  oxide  reaction  product  must  cover  the  surfoce  of  the 
ceramic  and  diffusion  of  reactants  through  this  barrier  must  occur  as  slowly  as  possible. 
In  cases  where  the  protective  barrier  cracks  or  spalls,  the  barrier  must  reform  over  the 
exposed  area  of  the  ceramic.  Layen  of  siika  on  ceramics  sach  as  Si3N4  can  be  extremety 
protective.  For  example,  the  parabolic  rate  constant  for  the  growth  of  silica  on  Si3N.  is 
1  x  10" 12  g2/cm4sec  at  14©0‘C  in  air  compared  to  a  rate  constant  of  2  x  10'u  g 2/cnrsec 
for  alumina  growth  at  12N‘C 

In  gases  that  contain  reactants  in  addition  to  oxygen  other  reactions  are  possible. 
For  example,  in  a  gas  mixture  containing  taygen  and  SQ2  sulfhtes  can  be  formed.  As  can 
be  seen  in  the  stability  diagram  shown  in  Figaro  3,  foe  S03  pressure  mast  be  high  to  form 
AlgtSO^  but  much  smaller  pressures  are  required  to  form  MgS04  or  CaS04.  When 
AljOj  containing  MgO  or  CaO  as  imparities  is  exposed  to  each  gases,  MgS04  or  CaS04 
can  be  formed.  Imparities  also  may  play  an  important  role  in  foe  oxidation  of  Type  II 
ceramics.  It  has  been  shown  that  MgO  in  Si02  (2)  causes  transport  through  Si02  to  be 
Increased,  and  hence  its  protectiveness  can  be  significantly  reduced. 

Ceramics  which  are  resistant  to  a  gas  environment  can  be  substantially  degraded 
when  exposed  to  the  same  gas  and  a  molten  deposit  such  as  Na2S04<v  NaVO}  (3).  While 
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Figure  3.  Stability  diagram  for  A1203  in  S02-S03  atmospheres  at  1000*0.  Ihe 
boundaries  for  CaO  and  MgO  are  also  shown. 

specific  processes  and  reactions  that  cause  the  corrosion  depend  intimately  upon  the  melt 
composition,  most  melts  exhibit  characteristics  that  are  essentially  equivalent.  In 
particular,  there  are  reactions  where  components  from  the  gas  phase  are  incorporated  into 
the  melt,  the  reactants  and  products  diffose  in  die  melt,  and  there  are  reactions  by  which 
the  ceramics  are  degraded.  The  reaction  by  which  the  ceramics  are  degraded  may  involve 
the  bulk  ceramic  (eg.  A1203),  or  a  normally  protective  barrio*  on  a  ceramic  (e^.  Si02  on 
SiC).  These  reactions  can  be  broadly  classified  as  either  basic  or  acidic  in  character  as 
illustrated  in  Figure  4  (4).  Furthermore,  certain  ions  in  the  melt  can  be  much  more 
effective  in  causing  attack  than  others.  For  example,  Na2S04  melts  containing  NaV03 
produce  more  severe  degradation  of  oxides  such  as  A1203  and  stabilized  ZrOz  than  pure 
Na2S04,  Figure  5.  Hie  increased  attack  by  such  melts  has  been  found  to  be  caused  by  the 
acidic  component,  V2Os. 

The  rates  at  which  ceramics  are  degraded  depend  upon  the  ceramic,  the  gas 
composition,  and  especially  the  composition  of  the  deposit  Ihe  hot  corrosion  rates  are 
normally  smaller  than  those  for  metallic  alloys  but  not  negligible.  The  nature  of  the 
degradation  usually  consists  of  a  minimum  of  attack  at  some  intermediate  composition 
with  more  accelerated  rates  as  the  melt  becomes  either  more  basic  or  more  acidic,  which 
is  consistent  with  solubility  considerations.  Silica  is  one  ceramic  that  appears  to  be 
resistant  to  acidic  melts  but  is  very  susceptible  to  attack  induced  by  basic  melts  due  to  the 
formation  of  silicates  in  basic  deposits.  Some  typical  results  obtained  for  the  hot 
corrosion  and  oxidation  of  SIC  and  Si3N4  are  presented  in  Figure  6. 

Composites  with  exceptional  levels  of  strength  and  toughness,  such  as  silicon 
carbide  reinforced  lithium  aluminosilicate,  are  beginning  to  be  considered  for  elevated 
temperature  applications.  While  such  materials  are  usually  considered  to  be  oxidation 
resistant,  oxidation  reactions  can  occur  and  hot  corrosion  degradation  will  definitely  be 
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ALfl3  ♦  Na2S04  -  2NaAl02  *  SO, 


Figure  4.  Solubilities  of  some  oxides  ia  Na2S04at  1200K  as  determined  by  Rapp  and 

coworkers.  The  dashed  lines  give  calculated  solubilities  using  Temkins 
model  for  Ionic  melts. 


a  factor  in  determining  performance.  For  example,  as  shown  in  Figure  7,  oxidation  does 
occur  at  800*C  and  hot  corrosion  attack  causes  significant  degradation. 


Qjddg8on  of  Intermetallic  Compounds 

The  subject  of  oxidation  of  intermetallic  compounds  has  been  reviewed  in  1988  by 
one  of  the  authors  (5).  The  reader  is  directed  to  the  excellent  review  by  Aitken  (6)  for 
details  of  work  prior  to  19<>7. 

The  development  of  oxidation  resistance  in  intermetallic  compounds  is  similar  to 
that  for  conventional  high  temperature  alloys  and  for  Type  II  ceramics.  It  is  based  on  the 
selective  oxidation  of  an  element  from  the  intermetallic  to  produce  a  protective  surface 
oxide.  The  formation  of  this  surface  layer  requires  that  the  oxide  be  more  stable  than  the 
lowest  oxide  of  the  other  elements  in  the  alloy.  The  oxides  Al203  and  SiOz  are  of  princi¬ 
pal  interest  because  they  exhibit  low  diffusivities  for  both  cations  and  anions  as  well  as 
being  highly  stable.  Thus  die  addition  of  A1  to  Ni,  as  in  the  case  of  aluminide  coatings  mi 
nickel-base  alloys,  or  Si  to  Mo,  as  in  the  case  of  MoSi2  heating  dements,  dearly  satisfy 
the  stability  requirements.  However,  in  the  case  of  Nb-,  T1-,  or  Zr-base  alloys  the  oxides 
of  the  base  metal  are  nearly  as  stable  as  those  of  A1  or  Si.  This  can  result  in  conditions 
for  which  selective  oxidation  is  not  possible.  It  should  be  emphasized  that  the  determina¬ 
tion  of  which  oxide  is  more  stable  must  take  into  account  the  prevailing  metal  activities. 
Detailed  analyses  of  this  situation  are  presented  by  Rahmel  and  Spencer  (7)  for  Ti-Al  and 
Tl-Si  alloys  and  Luthra  (8)  for  Ti-Al  alloys.  These  analyses  predict  that  alumina  scales 
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AM/A  (mg/cm2) 


H  Oxidation  ■  Acidic  H.C.  |  Basic  H.C. 


Fibred.  Thickness  at  layer*  formed  far  the  oxidation,  acidic  ud  bask  hot  corrosion 
of  C-ride  aad  Si-ride  single  crystal  SIC  and  CVD  Si3N4.  Note  that  oodde 
thickness  increases  as  0<A<B. 


Time  (hr) 


Oxidation  rate  of  a  lithium  aluminosilicate- SiC  composite  in  air  at  Mt'C 


are  not  stable  ia  contact  with  Tl-Al  allays  containing  less  than  5t  at%  AL  1Ui  pndktka 
has  beat  nriM  apcijamtalftr  by  Mtea  (9) 

A  second  requirement  Is  that  the  concentration  of  the  dement added  tor  oxidation 

tbaa  as  internal  precipitates.  The  two  possibilities  are  Bsstiabi  la  Figure  8.  Alloys  with 
low  solute  concentrations  allow  toward  diffhsioa  of  oxygen  which  results  ia  internal  oxida- 
tion,  Hg.  fot,  while  tar  high  wtste  cat cats  the  outward  <BMm  of  soiate  results  la  the 
formsden  of  a  continuous  external  layer  of  oxide,  Fig.  fe.  The  critical  soiate  concen¬ 
tration  Aar  the  transition  from  Internal  to  external  mWaHw  has  heea  expressed  by 
Vftqper(lt)  as 


Hoe  NgDois  the  oxygen  permeability  in  A,  Dg  is  the  soiate  diffasivity,  g*  is  a  (factor 
determiaed  by  the  voiame  fraction  of  oxide  required  tor  the  traasitioa(oftea  near  03),  aad 
VM«“VOX  are  the  molar  volumes  of  the  allay  aad  oxide,  respectively.  The  solute  coateat 
required  for  extermal  scale  forma tioe  is  sees  to  increase  with  the  solubility  aad  diflfashrity 
of  oxygen  aad  decrease  with  au  increase  ia  the  solute  dtffosirity  ia  the  alky.  However,  for 
most  systems  of  interest,  the  oxide  of  the  base  metal  can  also  form  ia  the  ambieat 
atmosphere  aad  grows  until  the  more  stable  oxide  of  the  solute  B  becomes  coatinaous  and 
stops  the  growth  of  the  "traasleat  oxide*,  Figure  8b.  The  effect  of  transient  axidatJoa  oa 
foe  transition  from  iatenal  to  external  oxidation  of  B  has  ben  analysed  by  Gesmundo 
aad  Viani(ll)  who  (bund  that  aa  excess  of  solute  above  that  predicted  fay  equation  1.  is 
required  ia  foe  presence  of  transient  asides.  The  amount  of  excess  solute  required  is 
predicted  to  increase  as  the  growth  rate  of  foe  traasieat  oxide  increases. 


Figure  8.  Schematic  diagram  of  the  oxidation  of  an  alloy  A-B  with  both  AO  aad  BO 
stable  (BO  more  stable),  a.)  Dilute  alloy  showing  internal  oxidation  of  B 
under  a  layer  of  AO.  b.)  Concentrated  alky  forming  an  external  layer  of 
BO. 


alloy/ecafe 


«  tens  stability  of  the  protective  scale  reqaires  that  the  flax  of  rotate  to  the 
tertm  itimI»  large  eaoagh  to  prevent  oxides  of  A  from  strife. 

Vttttt(12),  tor  — ph,  Am ad  tort  were  two  critical  concentrations  tor  the  twamtina  of 
ihwlit  semtes  oa  Ni-Al  eDoyti  oae  reqnired  tor  ilmiopmfat  of  the  elsaaiae  sole  aad  > 
lupr  oae  refaito  to  awlatata  its  stability.  Wagaer(13)  has  derived  aa  appraxfaaato 
eqaattoa  tor  the  eaaeeatratioa  of  sohfe  reqaired  to  laaiataia  the  growth  of  aa  exteraal 
scale  as: 


Vm  (  xJc„\1/2 

16zb{  D,  J 


(2) 


Here  k_  is  the  parabolic  rate  coastaat  tor  the  growth  of  the  protective  scale  aad  s,  is  the 
valence  of  B.  Thus,  the  loag  tern  stability  of  a  protective  scale  depeads  oa  the 
thermodynamic  aad  diflhsioaal  properties  of  the  alloy  iatmediateiy  beaeath  the  scale.  This 
caa  be  particalariy  significant  tor  the  raddattoa  of  iatemetalUc  compoaads  with  small 
homogeneity  ranges.  Here  the  removal  of  the  scale-fonaiag  efetneat  to  torm  aa  exteraal 
layer  immediately  resalts  ia  the  formation  of  a  layer  of  the  next  Iowa-  compooad  adjacent 
to  the  oxide.  This  sitaatioa,  which  it  ia  coatrast  to  the  smooth  coaceatratioa  gradieat  ia 
the  alloy  depicted  he  Figure  Sb,  aeeaas  that  the  propertfes  of  the  lower  compoaad 
determine  the  ability  of  the  alley  to  laatatoia  the  growth  of  the  protective  oxide. 
Appareatly  some  compoaads,  sach  as  MojSij,  provide  a  saffldeat  flax  of  Si  to  the 
mUt/aOey  tatertoce  to  maiatala  the  pmth  of  a  silica  layer  oa  MoSij,  as  is  illastrated 
schematically  ia  Figaro  9.  This  is  aot  the  case,  however  tor  maay  systems  as  is  illastrated 
tor  the  oxidation  of  NhAl3  ia  Figaro  9.  The  initial  exposare  of  this  compoaad  resalts  ia 
the  formation  of  a  caatinaoos  alamiaa  feyer  oa  the  sarthce  bat  the  depfetioa  of  A1  caaaes 
the  next  lower  alamiaide,  NbjAl,  to  toras  beaeath  the  oxide.  This  compoaad  has  been 
shown  to  be  incapable  of  fiormfeg  coattoaoas  alamiaa  (14)  aad,  indeed,  the  alumina  scale 
becomes  diacoatiaanai  as  the  oxide  tonas  within  aad  beaeath  the  NbjAI  layer. 
Coaseqaeatiy  oxides  of  atobiam  arc  also  tonaed  aad  the  oxide  scale  consists  of  a  mixtare. 
Repetition  of  these  processes  resaftsta  a  layered  scale.  This  process  has  been  stadied  by 
Stdahorst  aad  Grabke  (15)  asiag  acoastk  etaisstoa  which  indicated  craddag  associated 
with  each  saccesshc  layer.  It  is  aot  yet  dear,  however,  if  the  craddag  is  the  eaase  of  the 
breakdown  of  the  alamiaa  layer  or  the  resalt  of  the  tonaatioa  of  Nb-Ai  mixed  oxides 
which  have  become  more  stable  ia  contact  with  the  alloy  aa  Alia  depleted. 

The  ettod  of  teasperatare  oa  the  selective  oxidation  process  is  determined  by  the 
temperatare  dependence  of  all  of  the  terms  la  eqnadoas  1  aad  2  aad  that  of  to  growth 
rate  of  the  transient  oxides.  Therefore,  some  systems  torm  protective  exteraal  scales  more 
read%  at  higher  temperatares  whUe  others  torm  them  more  efficiently  at  lower  tempera- 
tares.  For  txmnpfe,  NkAl  allays  torm  protective  alamiaa  scales  more  readily  at  high 
temperatares  (12)  whereas  y-TlAl  tonas  alaadaa  scales  at  low  temperatares  la  oxygen  bat 
tonas  mixed  TbAl  scales  above  about  ltM*C  (16).  The  refractory-metal  dMHdda 
partly  torm  protective  silica  scales  more  readfly  at  high  temperatares.  For  example, 
the  nxidatioa  rates  of  MoSi2  at  temperatares  betweea  dddaad  11— *C  are  extremely  slow 


spertmra  Ilfs  dfeiatagratioa  was  flrst  stadfed  tor  MoSL  by  Fttaer(17)  who  tenaed  it 
’pestjag". 


of  iatrswM  laflic  compoaads.  For  example,  sflktdes  oa  aadarga  aoeeferated  oxidation  at 
low  osygea  partial  pressares  as  toe  resalt  of  SK>  gas  formation.  Additional  effects  of  the 
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of  the  characteristics  dtacwed 

■rite  as  i  resalt  of  the  wfchttai  of  the 
•  the  protectiveness  of  the  oxide  ecok  fend 


CuiOMutee  composites  are  the  aatitheses  of  amst  ceramics  ia  that  they  hare 
ao  iatriaafe  oxidation  resistance.  This  resalts  boa  the  formation  of  gaseons  oxidation 
prodacts  (CO  aad  COj)  which  do  aot  provide  a  barrier  to  further  oaidatioa.  Prerioas 
attempts  to  redace  the  oaidatioa  rates  of  carboa-carhoa  composites  have  lawhal  two 
approaches;  inhibitors,  sack  as  B  aad  P,  aad  protective  coatings  based  priaaurfly  oa  SiC 

The  oaidatioa  Idaetfcs  tor  both  carbon-carbon  coaiposites  aad  iahOited  composites 
ia  dry  oxygen  coasist  of  tiaear  weight  losses  as  a  lhactioa  of  time.  Typical  resalts  are 
preseated  la  Figare  id  for  oaidatioa  la  dry  flowing  oaygea.  (The  mass  chaagrs  represeat 
the  aamaat  of  carboa  consumed.)  Sack  reactloas  have  beea  obeervad  for  tempentares 
as  low  as  366*  C  At  temperatares  ap  to  aboat  666*  C,  Figare  11,  the  asidatioa  rate  is  con- 
trolled  by  a  chemical  reactioa  iavolviag  the  adsorption  of  oaygea  aad  the  desorptioa  of 
CO.  At  temperatares  above  8dO*C  Ac  oaidatioa  rate  is  coatroiled  by  dthiios  ia  the  gas, 
bat  the  traasitioa  from  chemical  reactioa  coatrol  to  dUfosioa  coatroi  is  affected  by  the 
speefaaea  size  aad  the  gas  flow  rate. 

The  ase  of  iahibiton  attempts  to  protect  the  carboa-carboa  composite  by  forming 
a  llqaid  aside  layer  (ej.  BjOj)  which  separates  the  composite  feom  the  gas.  Sack  liqaid 
asides  were  observed  aot  to  be  effective  in  protecting  the  carboa  matrix.  They  were, 
however,  effective  ia  protectiag  the  carboa  reiafordag  phases.  The  oxidation  kinetics  Ra¬ 
the  inhibited  specimens,  therefore,  contained  a  final  stage  after  the  Uaear  stage  where  the 
matrix  had  been  completely  oskUaed  aad  the  fibers  were  coated  with  the  Uqaid  oadde.  The 
preset*  of  water  vapor  accelerated  the  oaidatioa  of  carbon-carbon  evidently  by  Increasing 
the  rate  of  the  chemical  reactioa.  Water  vapor  also  removed  fitsn  the  sartsces  of 
the  carboa  fibers  dae  to  the  fcrmatioa  of  volatile  spedes  each  as  orthoboric  add  (H3BO3) 
aad  metaboric  add  (HBO^). 

Carboa-carboa  composites  can  be  protected  by  asing  coatings  of  SiC  or  Si3N4  where 
these  coatings  are  formed  by  diffeieat  cheadcal  vaporisation  techaiqaes  (24).  Dae  to 
differences  between  the  coefficients  of  expansion  cracks  are  developed  in  these  coatings. 
Typical  resahs  obtained  ia  cyclic  axidatkia  tests  are  presented  ia  Figare  12.  lathis  Agate 
resalts  with  coatings  containing  glass  glazes  to  fill  the  cracks  kave  also  beea  iaefaded. 
Most  of  these  glazes  improve  the  cyclic  oaidatioa  resistance  of  these  coatings  bat 
eveataafly  fkflare  of  the  coating  does  oocar.  In  Si3N4  coatings  oa  carboa-carboa  the 
formation  of  St02  seals  the  cracks  hi  the  coatiag  at  temperatam  above  aboat  13##*C 
(25),  bat  evaded  cyclic  nddadoa  tests  indicate  cracking  may  still  be  a  problem 

Jorgenson  (26)  aad  others  have  examined  aa  electrolytic  concept  proposed  a 
aomber  of  years  ago  fay  C  Wagner  to  prevent  Ugh  temperatare  oaidatioa.  This  approach 
consists  of  passing  a  flux  of  electrons  throagh  aa  oadde  scale  to  caase  the  electro-chemical 
potential  gradient  of  the  mobile  ionic  species  to  be  aero.  It  has  beea  attempted  to  apply 
this  concept  ta  prevent  or  inhibit  the  oaidatioa  of  carbon  carboa  composites  coated  with 
stabilised  Zr02  coatings.  Sack  matings  formed  on  carboa  carbon  da  plasma  spray  were 
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Figure  18.  Isothermal  axidatioe  Idaetks  far  aaiahibited  cartooo-carboa  over  the 

temperatare  range  5i0  to  8®8*C  in  a  dry  oxygen  flow  of  100  cm3/mia. 


however,  by  aaieg  a  Y203  stabittaed  Zr02  take  coataiaiag  carboa  as  shorn  ia  Figure  13. 
The  eeaalts  obtained  show  that  the  oatygea  pcessaie  at  the  ZrOj  carboa  iaterfhee  can  be 
coatrotted  to  limit  CX>  pcessares  to  less  thaa  owe  atmosphere. 

Dianosd  coatings  formed  asing  chemical  vapor  dtpositka  are  aow  being 
considered  Ibr  dented  temperatare  applications.  As  shove  ia  Fignre  14,  diamond  begins 
to  degrade  la  oiidiiiag  carimamrnfi  at  tempcratarcs  above  aboot  5— *C  This  attach  has 
beta  (bead  to  occar  at  prethrcatial  sites  and  it  may  be  possible  to  obtaia  more  aeddatkm 
resistant  ffiai  ia  this  temperatare  ra age  by  controlling  the  orieotatioa  at  the  grains  ia 
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Abstract 

IntermetaUic  compounds  and  composite  are  candidate  materials  for  high 
temperature  structural  applications.  However  both  elevated  temperature 
and  ambient  temperature  resistance  to  the  environment  pose  potential 
problems  for  these  materials.  For  example,  minor  alloying  elements  have 
been  shown  to  have  significant  influences  on  the  static  and  cyclic  oxidation 
resistance.  Additionally,  at  ambient  temperatures,  virtually  all  of  the  alloys 
which  have  been  examined  show  considerable  susceptibility  to  hydrogen 
embrittlement.  A  brief  overview  of  these  phenomena  is  presented. 
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Introduction 


Intermetalilc  compounds,  alloys  based  on  those  compounds,  and 
composite  materials  utilizing  intermetalilc  compounds  or  alloys  as  matrix 
materials  have  been  Identified  as  potential  high  technology  materials  for 
structural  applications.  However,  most  intermetallics  lack  inherent 
ductility,  often  exhibit  poor  creep  resistance  and.  since  many  are  line  or 
near  line  compounds,  do  not  lend  themselves  to  alloying  without 
precipitating  second  phases  which  are  usually  deleterious.  Nevertheless, 
several  promising  intermetallics  are  currently  being  developed,  either  for 
use  as  monolithic  materials,  or  as  components  of  composite  materials.  In 
the  latter  case,  the  inherent  lack  of  ductility,  and  associated  lack  of 
significant  toughness  are  overcome  by  controlled  interfacial  bonding 
between  the  matrix  and  the  reinforcing  phases.  From  an  environmental 
point  of  view,  those  intermetallics  which  are  line  or  near  line  compounds, 
in  some  instances,  exhibit  phase  transformations  when  one  of  the  elements 
in  the  compound  is  selectively  oxidized  at  elevated  temperatures.  In 
addition,  they  are  often  sensitive  to  hydrogen  embrittlement,  oxygen 
induced  embrittlement,  and  many  oxidize  catastrophically  at  intermediate 
temperatures.  While  these  disadvantages  are  certainly  substantial,  the 
de'  elopment  of  a  number  of  interesting  systems  is  currently  underway, 
with  potential  applications  for  both  ambient  and  elevated  temperatures. 

Alloy  .Systems 

While  there  are  a  great  number  of  interesting  alloy  systems  which 
have  been  explored,  only  those  systems  which  appear  to  be  close  to 
commercial  application  will  be  examined  in  this  presentation.  These  alloys 
include  the  nickel  alumlnides  (NigAl  and  NiAl),  the  iron  aluminides  (Fe^l 
and  FeAl),  the  titanium  aluminides  (Ti3Al,  TiAl  and  TiAl3),  niobium 
aluminide  (NbAl3),  and  molybdenum  dlsilicide  (MoSi2).  Some  of  the 
known  properties  of  these  materials  are  shown  in  Table  I. 

Table  I  Properties  of  Selected  Intermetalilc  Compounds 


Compound  Crystal  Melting  Density  Modulus  Specific 

Structure  Point  °C  g/cm3  GPa  Modulus 

_  _ GPa/g/cm3 


Ni3Al 

Ll2 

1390 

7.50 

178 

23.7 

NiAl 

B2 

1640 

5.86 

200 

34.1 

TiAl 

Ll0 

1460 

3.91 

175 

44.8 

NbAl3 

DO22 

1600 

4.54 

— 

— 

MoSi2 

Cll 

2030 

6.3 

359 

57.0 

AI3TI 

DO22 

1325 

3.40 

— • 

.... 

FeaAl 

DO3 

* 

6.72 

141 

21.1 

•Disorders 
at  approx 
550°C 
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The  discovery  that  small  amounts  of  boron  (~0. 1%),  added  to  NI3AI 
resulted  In  a  significant  increase  in  room  temperature  ductility  has 
Initiated  a  significant  amount  of  research  into  other  alloying  elements  (1) 
which  might  enhance  ductility  In  other  alloy  systems.  However,  with  the 
exception  of  a  very  few  specific  alloying  additions  it  is  generally  conceded 
that  the  boron  effect  is  rather  selective.  Boron  has  been  shown  to  enhance 
the  ductility  of  other  LI2  compounds  including  NiaSi  (2)  and  NtyGa  (2), 
although  neither  of  these  alloys  is  currently  being  extensively  developed. 
NI3AI  also  shows  some  enhanced  ductility  when  alloyed  with  manganese, 
chromium,  iron  or  palladium  (3-6).  However,  except  for  the  palladium  and 
beryllium  effects,  ductility  Is  achieved  with  the  other  alloying  additions 
due  to  the  formation  of  ductile  second  phases.  Fe3Al  and  FeAl  show  a 
significant  amount  of  ductility  in  dry  air,  but  moisture  is  sufficient  to 
induce  embrittlement.  This  phenomenon  will  be  addressed  in  a  later 
section  of  this  paper.  No  significant  room  temperature  ductility  has  been 
achieved  for  other  intermetallic  alloys  of  interest  for  advanced 
technological  applications,  except  for  TiAl,  which  has  been  alloyed  with 
chromium  and  vanadium  to  yield  room  temperature  ductilities  of 
approximately  3%  (7).  These  alloys  are  two  phase  materials  -  gamma  + 
alpha-2  (6).  and  the  alloying  additions  generally  decrease  the  melting 
temperatures  of  the  alloys  as  well  as  increase  their  density;  both  effects 
reducing  the  advantages  of  the  intermetallic  alloys  when  compared  with 
conventional  high  technology  alloys.  It  should  be  noted  that  the  alloys  of 
most  interest  to  technological  applications  contain  significant  amounts  of 
aluminum  or  in  the  case  of  MoSi2,  silicon.  Since  these  alloys  are  generally 
intended  for  elevated  temperature  use,  it  is  imperative  that  they  form 
protective  oxide  scales.  An  exception  to  the  use  of  these  alloys  for 
intermediate  to  high  temperature  applications  is  the  development  of  the 
iron  aluminides  which  are  currently  being  studied  as  potential 
replacements  for  stainless  steels. 

Elevated  Temperature  Resistance 

The  intermetallic  compound.  N1A1,  has  already  been  widely  utilized 
as  a  coating  material  for  conventional  nickel  base  alloys  in  aerospace 
applications.  In  conventional  oxidizing  atmospheres  it  forms  a  continuous 
aluminum  oxide  film  which  resists  further  oxidation  by  inhibiting  cationic 
diffusion  through  the  film.  It  is  somewhat  susceptible  to  spalling  due  to 
cyclic  oxidation.  This  drawback  has  been  addressed  by  the  addition  of  rare 
earth  elements  to  the  alumlnlde  which  has  been  shown  to  improve  the 
adherence  of  the  oxide  film.  As  a  monolithic  material  it  undergoes  a 
ductile  to  brittle  transition  at  approximately  400°C  (9).  This  transition 
results  in  inferior  creep  properties,  and  it  is  unlikely  that  the  compound 
can  be  used  at  elevated  temperatures  without  composite  reinforcing. 
Single  crystals  of  the  compound  have  been  developed  (10).  and  in  order  to 
improve  the  low  temperature  toughness  of  the  alloy,  iron  or  cobalt  have 
been  added  to  provide  crack-blunting  second  phases  (11).  Other  alloying 
additions  have  resulted  in  improving  the  elevated  temperature  strength  of 
the  compounds  to  a  level  where  they  compete  successfully  with 
conventional  nickel-base  superalloys,  with  a  density  reduction  of  some  40% 
(12). 


Even  NI3AI  shows  a  significant  amount  of  oxidation  resistance, 
through  the  formation  of  alumina;  the  oxidation  resistance  being  even 
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better  than  that  of  pure  silicon,  and  considerably  better  than  that  of  nickel 
or  of  the  nickel  chromium  alloys  (Figure  1)  (13).  Unfortunately,  the 
relatively  low  melting  temperature  of  the  compound,  combined  with  its 
relatively  high  density  will  probably  inhibit  its  use  for  aerospace 
applications.  On  the  other  hand,  it  is  currently  being  developed  as  a 
possible  candidate  for  land  based  turbines,  for  internal  combustion  engine 
applications,  for  incinerator  components,  etc. 


Fig.  1  Parabolic  oxidation  rate  Fig.  2  Effect  of  Niobium  on  the 

constants  for  aluminides  and  parabolic  rate  constant  of  T1A1  (14) 

conventional  alloys  (13) 

The  titanium  aluminides  show  increasing  oxidation  resistance  with 
increasing  aluminum  content.  TIA13  shows  the  best  oxidation  resistance, 
but  has  the  lowest  melting  temperature  of  the  Tl-Al  alloys,  which  may  limit 
its  elevated  temperature  use.  However  its  low  ductility  and  outstanding 
oxidation  resistance  may  make  it  a  suitable  coating  material  for  titanium 
and  its  alloys  for  intermediate  temperature  applications.  TiAl  is 
considerably  less  oxidation  resistant  than  TIAI3,  even  with  50%  aluminum 
in  the  compound.  The  inferior  oxidation  resistance  arises  because  rutile 
(TIO2)  is  a  significant  component  of  the  oxidation  products  produced  at 
temperatures  in  the  vicinity  of  1000  °C  (14).  Cationic  diffusivlty  is 
considerably  higher  in  rutile  than  in  alumina.  Recent  results  indicate  that 
the  addition  of  niobium  to  TiAl  can  result  in  significantly  improved 
oxidation  resistance.  The  oxidation  rate  constant  is  reduced  by  at  least  two 
orders  of  magnitude  with  the  addition  of  5w%  niobium  to  a  40  w% 
aluminum  alloy.  Further  additions  of  a  small  amount  of  hafnium  results  in  a 
further  decrease  in  the  static  oxidation  rates  of  TiAl  based  alloys  (Figure  2) 
(14).  H3AI  has  undergone  a  considerable  amount  of  development  with 
significant  additions  of  niobium  reported  to  Improve  ductility,  and  small 
amount  of  vanadium  and  molybdenum  added  to  impart  strength  without 
sacrificing  ductility  (15).  However,  the  relatively  low  melting  temperature 
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i  limits  the  useful  operating  temperature  to  approximately  800°C  and  the 
alloy  shows  a  marked  tendency  toward  hydrogen  embrittlement  (see 
i  following  section).  In  any  event,  die  alloy  is  not  resistant  to  oxidation,  due 

I  to  the  formation  of  ruble  as  its  primary  reaction  product,  and  would 

probably  only  be  successfully  utilized  In  a  coated  condition. 

The  niobium  alumlnlde  of  perhaps  the  most  technological  interest. 

I  NbAl3,  exhibits  an  interesting  high  temperature  oxidation  phenomenon 
(16).  While  this  alloy  contains  a  considerable  amount  of  aluminum,  an 
[  abnormally  high  rate  of  oxidation  Is  observed.  This  behavior  can  be 
ascribed  to  die  fact  that  this  material  is  a  line  compound,  allowing  virtually 
no  variation  in  either  the  niobium  or  the  aluminum  content.  Depletion  of 
aluminum  from  the  original  aluminide  due  oxidation  results  in  a  phase 
transformation  from  NIJAI3  to  Nt>2Al.  This  compound  exhibits  significantly 
lower  oxidation  resistance  and  in  fact,  oxidizes  so  rapidly  that  it  is  virtually 
consumed  by  the  oxidative  process.  This  in  turn  results  in  the  original 
compound  being  exposed  to  oxidation,  forming  alumina,  being  depleted  in 
aluminum  with  a  subsequent  phase  transformation.  The  final  result  is  a 
banded  reaction  product  zone  consisting  of  alternate  layers  of  alumina, 
niobium  alumlnate  and,  in  some  instances,  niobia. 

M0SI2  is  among  the  most  oxidation  resistant  compounds  being 
considered  for  elevated  temperature  applications.  The  reaction  product  on 
this  compound  is  silica  (Si02),  and  the  "pest"  phenomenon  described  below 
does  not  occur  in  fully  dense,  crack-free  material  (17). 

In  addition  to  static  oxidation  considerations,  thermal  cycling  also 
affects  the  elevated  temperature  environmental  resistance  of  intermetalllc 
compounds  and  alloys.  The  differences  between  coefficients  of  thermal 
expansion  of  the  oxides  and  of  the  base  materials  can  result  in  significant 
tensile  or  compressive  stresses  in  the  oxides  with  the  result  that  the  oxide 
film  will  fail  in  tension  or  by  buckling.  For  superalloys  and  superalloy 
coatings  this  phenomenon  can  be  alleviated  by  alloying  with  trace  amounts 
of  zirconium,  hafnium  or,  more  commonly,  yttrium.  A  similar  alloying 
scheme  has  been  also  successful  for  niobium  aluminides  as  well  as  for 
nickel  aluminides.  Figure  3  shows  cyclic  oxidation  results  for  these  alloys 
containing  either  yttrium  or  zirconium  and,  in  one  case,  the  addition  of 
silicon  (18).  Similar  results  have  been  reported  for  T1A1.  and  for 
monolithic  NiAl  where  such  additions  have  been  traditionally  applied  to 
coating  materials  (14,19). 

At  intermediate  temperatures  lntermetalllcs  suffer  from  two  rather 
distinct  phenomena  which  are  not  usually  observed  in  conventional  alloys. 
These  are  the  so-called  "pest"  phenomenon  and  oxygen  induced 
embrittlement.  The  "pest"  phenomenon  results  from  rapid  internal 
oxidation  of  the  intermetallics,  generally  along  grain  boundaries.  These 
internal  oxidative  processes  generally  generate  large  internal  volumetric 
expansions,  virtually  always  resulting  in  serious  degradation  of  mechanical 
properties  and,  in  some  cases,  total  destruction  of  the  material  in  an 
almost  explosive  manner.  While  the  specific  mechanisms  of  this 
phenomenon  have  not  been  quantitatively  established,  it  appears  that 
surface  oxide  films,  which  are  formed  at  intermediate  temperatures,  are 
not  sufficient  diffusion  barriers  to  oxygen  ingress.  Grain  boundaries,  with 
their  Inherent  defect  structures,  act  as  short  circuit  diffusion  paths  in 
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preference  to  the  usually  ordered  matrix.  This  phenomenon  has  been 
reported  for  virtually  all  of  the  alumlnides  with  the  possible  exception  of 
T1A1.  Oxygen  induced  embrittlement  which  has  been  reported  for  cases 
where  Internal  oxidation  has  not  had  sufficient  time  to  form,  is  still 
another,  recently  observed  phenomenon  in  some  lntermetallic  compounds 
at  intermediate  temperatures.  It  has  been  observed  in  polycrystals  and 
single  crystals  of  Nl^Al  and  In  polycrystals  of  NlaSi  (20.21).  The 
phenomenon  is  genr  not  observed  in  vacuum  and.  while  it  has 
generally  been  associ  with  oxygen,  some  recent  results  suggest  that  it 
may  also  be  related  to  water  vapor,  and  accordingly  to  hydrogen 
embrittlement.  For  NI3AI.  this  intermediate  temperature  embrittlement 
may  be  somewhat  alleviated  by  alloying  with  chromium,  as  shown  in  Figure 
4  (20). 


Number  of  Cycles  Test  Temperature  (*C) 

1  CYCLE.  1  HOUR  HOLO  AT  1200*C  «■  20  min  COOL  IN  AIR 


Fig.  3  Cyclic  oxidation  behavior  of  Fig.  4  Intermediate  temperature 
intermetallics  alloyed  with  minor  embrittlement  of  NI3AI  alloys  In 
element  additions  (18)  air,  showing  beneficial  effect  of  Cr 

additions  (20) 

The  effects  of  compositing  on  any  of  the  phenomena  described  above 
have  not  been  extensively  studied.  However,  in  a  series  of  experiments 
conducted  on  TLA1  as  well  as  on  N1A1,  It  has  been  shown  that  the  chemistry 
of  the  reinforcing  phases  appears  to  play  a  significant  role  In  the  static  and 
cyclic  oxidation  behaviors.  For  example,  the  introduction  of  a  zlrconia 
stabilized  alumina  reinforcing  phase  In  TiAl  results  in  significant  Increases 
in  the  static  oxidation  rates,  and  results  In  otherwise  unobserved  Internal 
oxidation  processes.  Substitution  of  the  zirconium  stabilized  reinforcing 
phase  with  pure  alumina  results  in  only  slightly  increased  oxidation  rates, 
the  Increase  being  associated  with  a  rapid  diffusion  path  in  the  Interface 
between  the  reinforcing  phases  and  the  matrix  material.  The  presence  of 
reinforcing  phases  in  TiAl  virtually  always  results  in  enhanced  oxide 
adherence  on  this  compound  during  cyclic  oxidation,  although  the  exact 
causes  for  the  enhanced  adherence  are  still  not  well  understood  (14).  For 
N1A1,  reinforcing  phases  of  either  HfBj  or  TIB2  result  In  abnormally  high 
static  oxidation  rates  (16).  In  this  case  the  enhanced  oxidation  is 
associated  with  the  inclusion  of  boron  oxide  in  the  alumina  film  which 
results  In  a  non-protective  barrier  film,  and  may  even  result  In  the  fluxing 


of  the  otherwise  protective  alumina,  The  Inclusion  of  alumina  reinforcing 
phases  in  NiAl  has  no  effect  on  the  intrinsic  oxidation  resistance  of  the 
compound.  Thus,  while  research  in  the  area  of  oxidation  studies  of 
composites  based  on  intermetallic  compounds  is  still  in  its  infancy,  it  is 
apparent  that  the  nature  of  the  reinforcing  phases  can  exert  a  profound 
effect  on  their  oxidation  resistance. 

Amhlent  Temnerature  Resistance 

In  addition  to  elevated  temperature  considerations,  many 
intermetallic  compounds  suffer  from  room  temperature  degradation, 
particularly  by  solid  state  dissolved  hydrogen.  Table  11  shows  a  brief 
summation  of  some  of  the  intermetallic  compounds  and  alloys  which  have 
been  shown  to  be  affected  by  this  phenomenon. 


Table  II  Alloys  Embrittled  by  Hydrogen 


tea 

DO19 

Ll2 

Orthorhombic 

DQs 

FeCo-V 

FeAl 

TiAl 

TI3AI 

NisAl+B 

NisFe 

(Fe,Ni)3V 

Co3Ti 

Nl3Alo.4Mno.6 

Ni2Cr 

Fe-jAl 

The  LI2  compounds  appear  to  be  exceptionally  susceptible,  although 
perhaps  only  because  they  generally  exhibit  more  inherent  ductility  than 
those  exhibiting  other  crystal  structures  (22-26).  For  example.  Figure  5 
shows  the  results  of  slow  strain  rate  tests  for  annealed  and  cold  worked 
NiaAl  in  several  environments  (27). 

These  data  show  that  only  acidic  environments  have  any  appreciable 
effect  on  the  ductility  of  this  compound,  and  that  annealed  samples  show  a 
larger  reduction  in  ductility  than  cold  worked  samples.  The  implications 
of  these  experiments  are  that  hydrogen,  produced  by  electrochemical 
reaction  with  the  compound,  is  responsible  for  the  marked  reduction  in 
ductility.  Further,  sulfuric  acid  has  a  more  damaging  effect  than  nitric  add. 
This  result  is  reasonable  if  it  is  assumed  that  sulfuric  acid,  being  a  reducing 
add.  can  be  expected  to  generate  more  hydrogen  under  freely  corroding 
conditions  than  nitric  add,  which  is  an  oxidizing  acid.  The  beneficial  role 
of  cold  work  is  presumably  to  provide  trapping  sites  for  electrochemically 
generated  hydrogen. 

Figure  6  shows  the  results  of  applied  electrochemical  potentials  on 
the  ultimate  tensile  strength  ratios  for  tests  performed  on  an  NI3AI  alloy 
containing  boron  (27).  It  is  clear  that  only  when  hydrogen  is  actively 
generated  does  embrittlement  occur.  It  has  also  been  shown  that  cathodic 
precharging  of  a  similar  alloy  results  In  large  losses  of  ductility,  while 
simultaneous  charging  of  the  alloy  with  cathodic  hydrogen  results  In 
virtually  no  ductility,  indicating  that  dynamic  hydrogen  effects  are  more 
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damaging  than  simply  Introducing  hydrogen  Into  the  alloy  matrix  (23). 
Similar  effects  have  been  observed  for  Ni3Fe  compounds  accept  that,  for 
this  compound,  which  can  be  ordered  or  disordered  at  room  temperature, 
the  ordered  compound  showed  considerably  more  embrittlement  when 
tensile  testing  and  cathodic  charging  were  applied  simultaneously  (23).  In 
both  the  NI3AI  and  the  Ni3Fe,  the  presence  of  hydrogen  resulted  in  grain 
boundary  separation. 


Environment 


Fig.  5  Effect  of  environment  on  the  Flg.6  Effect  of  potential  on  the 
ductility  of  NisAl  (27)  ductility  of  N13A1  (27) 

Iron  alumlnldes  are  also  susceptible  to  hydrogen  embrittlement.  In 
fact,  for  these  alloys  it  appears  that  laboratory  air  is  a  sufficiently 
embrittling  medium  for  either  FegAl  or  for  FeAl  (28.29).  For  example. 
Table  III  shows  the  results  of  exposure  to  a  variety  of  environments 
including  air,  vacuum,  dry  oxygen,  dry  hydrogen  and  water  vapor.  These 
data  indicate  that  air  and  water  vapor  are  extremely  damaging  to  the 
ductility  and  strength  of  these  materials,  but  that  hydrogen  per  se  is  only 
slightly  damaging.  Vacuum  or  dry  oxygen  had  virtually  no  effect  on  the 
mechanical  properties  of  the  compound.  These  data  also  showed  that  the 
embrittling  effect  Is  not  a  function  of  the  crystal  structure  of  the 
compound,  the  B2  and  the  DO3  structures  (controlled  by  heat  treatment) 
yielding  essentially  the  same  dependence  on  the  environment.  Similar 
results  have  been  observed  for  FeAl,  except  that  a  vacuum  of  <10~4  Pa  or 
Argon  +  4%  hydrogen  were  apparently  not  sufficiently  inert  to  inhibit  at 
least  some  degree  of  embrittlement.  The  role  of  dry  oxygen  In  virtually 
completely  Inhibiting  hydrogen  embrittlement  is  not  completely 
understood  but  It  has  been  suggested  that,  since  it  appears  to  be  stronger 
in  the  case  of  the  higher  aluminum  alloy,  the  formation  of  alumina  may 
prevent  the  Ingress  of  hydrogen. 

It  is  perhaps  Interesting  to  note  that,  in  the  case  of  the  iron 
alumlnldes,  Fe3Al  exhibits  cleavage  cracking  when  it  is  hydrogen 
embrittled,  while  FeAl  exhibits  intergranular  separation.  This  observation 
suggests  that  there  is  nothing  intrinsic  about  hydrogen  induced 
intergranular  failure,  but  that  hydrogen  embrittlement  simply  follows  the 
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line  of  least  resistance  with  respect  to  fracture  path.  Some  recent  results 
regarding  the  Fe&Al  alloy  indicate  that  the  hydrogen  embrittlement 
phenomenon  is  similar  to  that  for  more  conventional  alloy  systems.  For 
example,  decreasing  strain  rates  result  in  decreased  ductilities  in  air  or  in 
water  vapor  containing  environments,  but  have  no  effect  on  ductility  in  dry 
oxygen  (30).  The  addition  of  5%  chromium  to  the  FeaAl  compound  has 
been  reported  to  inhibit  cracking  under  conditions  of  cathodic  charging 
when  samples  were  statically  loaded  (U-bend  tests)  (31).  However,  when 
dynamically  tensile  tested  in  air  or  after  precharging  with  hydrogen,  severe 
embrittlement  was  observed,  the  ductility  being  reduced  to  less  than  296. 
compared  to  a  value  of  13%  in  vacuum  (32).  Compositing  of  chromium 
alloyed  FesAl  with  AI2O3  fibers  had  no  significant  effect  on  the 
susceptibility  to  hydrogen  embrittlement  of  the  alloy  (30). 

Table  III  Effects  of  Environment  on  the  Room  Temperature  Tensile 
Properties  of  FesAl  (25) 


Test  environment 

Elongation  {%) 

Yield  strength 
(MPa) 

Tensile  Strength 
MPa 

B2 

Air 

4.1 

387 

559 

Vacuum 

12.8 

387 

851 

Ar  +  4%  H2 

8.4 

385 

731 

Oxygen 

12.0 

392 

867 

H20  Vapor 

2.1 

387 

475 

DO3 

Air 

3.7 

279 

514 

Vacuum 

12.4 

316 

813 

Oxygen 

11.7 

298 

888 

H20  Vapor 

2.1 

322 
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Hydrogen  embrittlement  has  also  been  reported  for  titanium 
aluminides,  including  some  relatively  highly  alloyed  materials.  In  contrast 
to  most  of  the  intermetallics  which  have  been  studied,  these  materials  have 
been  shown  to  precipitate  hydrides  for  those  alloys  which  contain  more 
than  50a%  titanium  (34).  Embrittlement  due  to  hydrogen  gas  has  been 
reported  for  Tl-24Al-llNb  (34)  and  for  Tl-25Al-10Nb-3V-lMo  (35).  For 
the  former  alloy  the  ductility  was  reduced  from  3%  to  0%  when  the  alloy 
was  annealed  in  hydrogen.  For  the  latter  alloy,  ductility  in  tests  performed 
in  hydrogen  was  reduced  from  2.8%  to  1.7%  vs  a  test  performed  in  helium. 
Interestingly  a  loss  of  ductility  was  also  observed  for  this  alloy  when  the 
tests  were  performed  at  204°C,  in  contrast  to  many  other  hydrogen 
embrittled  alloys  which  show  susceptibility  only  near  room  temperature. 
This  can  be  interpreted  as  evidence  that  hydrides  are  associated  with 
embrittlement  In  these  alloys  since  the  hydrides  have  been  shown  to  be 
stable  to  relatively  high  temperatures  (depending  on  the  hydrogen  content 
of  the  alloys).  TiAl  also  appears  to  be  susceptible  to  hydrogen 
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embrittlement.  A  reduction  In  tensile  strength  has  been  reported  for  a  Ti- 
4AAI-2.5Nb-0.3Ta  alloy  after  pre  exposure  to  hydrogen  gas  at  815°C  for  30 
min  (36.37). 

With  the  exception  of  the  titanium  compounds  and  alloys,  where  a 
distinct  possibility  of  hydride  formation  may  provide  an  explanation  for  the 
observed  ductility  losses,  the  mechanisms  for  hydrogen  embrittlement  of 
intermetallic  compounds  and  alloys  of  those  compounds  appear  to  be 
similar  to  those  which  have  been  suggested  for  other  alloy  systems.  Those 
include  hydrogen  enhanced  plasticity  and/or  decohesion  of  either  cleavage 
planes  or  of  grain  boundaries.  Direct  experimental  evidence  for  either  of 
these  mechanisms  (with  the  possible  exception  of  a  few  experiments 
performed  In -situ  in  an  electron  microscope)  are  still  to  be  obtained. 


While  there  is  considerable  effort  being  devoted  to  the  development 
of  intermetallic  compounds  and  alloys  of  these  compounds  for  structural 
applications,  it  is  likely  that  most  of  these  materials  will  be  utilized  for 
elevated  temperature  applications  under  conditions  where  conventional 
structural  materials  cannot  be  used.  Additionally  it  is  quite  probable  that, 
given  the  intrinsic  lack  of  ductility  exhibited  by  most  of  the  lntermetallics. 
they  will  have  to  be  composited  in  order  to  provide  sufficient  toughness  for 
structural  applications.  However,  independent  of  the  attractive  elevated 
temperature  capabilities  shown  by  these  materials,  considerations  of  static 
and  cyclic  oxidation  will  have  to  be  addressed,  particularly  since  it  has 
been  shown  that  reinforcements  may  have  significant  effects  on  elevated 
temperature  environmental  resistance.  Finally  it  has  been  shown  that 
virtually  every  intermetallic  compound  or  alloy  of  an  intermetallic 
compound  which  has  been  examined  is  embrittled  by  hydrogen.  While  it  Is 
unlikely  that  this  phenomenon  will  be  of  direct  importance  for  elevated 
temperature  applications  (with  the  possible  exception  of  titanium 
compounds),  each  of  the  systems  to  be  considered  must  resist  hydrogen 
embrittlement  at  ambient  temperatures.  As  a  minimum,  if  resistance  to 
hydrogen  embrittlement  cannot  be  realized,  sufficient  engineering  data, 
related  to  the  properties  of  alloys  in  the  presence  of  hydrogen,  must  be 
generated  to  ensure  successful  utilization  of  these  materials. 


The  author  is  grateful  to  DARPA  and  ONR  for  financial  support 
through  a  University  Research  Initiative,  under  Contract  N00014-86-K- 
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Abstract 

Time-dependent  crack  growth  measurements  of  ceramic  composites  in  varying  P02 
environments  were  conducted  on  materials  consisting  of  chemical  vapor 
infiltration  (CVI)  SiC  reinforced  with  Nicalon  fibers  having  C-interfaces. 
Crack  velocities  are  determined  as  a  function  of  applied  stress  intensity  and 
time  for  varying  0,  levels.  Results  are  presented  for  crack  velocity-stress 
intensity  relationships  in  pure  Ar  and  in  Ar  plus  2000-,  5000-,  10,000-,  and 
20,000-ppm  02  atmospheres  at  1100*C.  A  2D  micromechanics  model  is  used  to 
represent  the  time -dependence  of  observed  crack  bridging  events  and  is  able  to 
rationalize  the  observed  phenomena. 


*Pacific  Northwest  Laboratory  is  operated  for  the  U.S.  Department  of  Energy  by 
Battelle  Memorial  Institute  under  Contract  DE-AC06-76RL0  1830. 
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Introduction 

Most  ceramics  are  chemically  stable  and  resistant  to  corrosion  in  many 
environments.  Ceramic  matrix  composites  are  expected  to  also  exhibit  similar 
corrosion  resistance;  however,  the  stability  of  the  fiber  and  interface  may 
differ  from  monolithic  ceramics  and  the  method  of  manufacturing  CMCs,  i.e.  CV1, 
can  result  in  a  relatively  porous  matrix  that  does  not  protect  the  fibers  from 
the  environment.  The  fiber/matrix  interface  through  which  CMCs  gain  their 
strength  and  toughness  is  of  particular  concern. 

Time-dependent  crack  growth,  referred  to  as  subcritical  crack  growth  or  slow 
crack  growth  (SCS),  likely  controls  the  long-term  life  of  ceramic  matrix 
composite  (CMC)  structural  materials  at  elevated  temperatures  when  preexisting 
flaws  are  present.  Using  CMCs  in  systems  where  long-term  stability  is  required 
demands  resistance  to  time-dependent  crack  growth,  as  well  as  high -temperature 
corrosion  (1-8).  No  prior  data  exists,  to  the  best  of  our  knowledge,  on  the 
subcritical  crack  growth  rates  of  typical  CMC  materials  at  elevated 
temperatures  under  static  or  cyclic  loads  as  a  function  of  temperature  or 
environment.  Therefore,  a  fundamental  research  study  was  begun  at  Pacific 
Northwest  Laboratory  (PNL)  to  determine  Important  aspects  of  SCG  in  ceramic 
composite  materials  (1,2). 


This  initial  study  has  acquired  crack  velocity  data  as  a  function  of  stress 
intensity  at  elevated  temperature  in  an  inert  environment  to  obtain  baseline 
data  for  these  CMC  materials  and  to  explore  the  phenomenon  of  SCG  in  CMC 
materials.  Data  are  presented  for  SCG  measured  in  a  chemical -vapor  infiltrated 
j  (CVI)  /9-SiC  matrix  material  containing  eight  laminates  of  Nicalon  fiber  cloth 

j  at  1 100*C  in  pure  Ar.  Results  are  also  presented  for  SCG  in  Ar  plus  2000- , 

I  5000- ,  10,000-,  and  20,000-ppm  02  to  explore  the  effects  of  an  aggressive 
{  environment. 

i 

Crack-wake  bridging  by  long  fibers  in  continuous-fiber-reinforced  CMCs 
!  dominates  the  mechanical  response  of  these  materials  (9).  Therefore,  it  is 
reasonable  to  expect  the  time-dependent  response  of  the  bridging  zone  at 
i  elevated  temperatures  to  dominate  SCG  in  CMCs.  Crack  bridging  reinforcements 

j  will  be  highly  stressed  and  may  exhibit  a  variety  of  time-dependent  deformation 

;  behaviors  including  creep,  time-dependent  interface  fracture,  time-dependent 

j  interface  creep,  and  possibly  visco-elastic  effects  at  the  interface.  In 

j  !  addition,  the  bridging  reinforcements  will  be  exposed  directly  to  the  external 

>  environment.  Thus,  environmental  effects  on  SCG  are  also  concerns  for  CMC 

i  materials.  The  environment  can  affect  the  bridging  reinforcements  by 

,  !  penetrating  down  the  reinforcement-matrix  interface  or  by  directly  degrading 

‘  j  the  reinforcements. 

■  High  Temperature  Corrosion  of  SiC/SiC 

!  j 

I  1  Silicon  carbioe  is  thermodynamically  unstable  in  02,  Hj  and  H20  environments  and 

|  will  react  with  them  in  the  following  manner: 


SiC(s)  +  02(g)  =  SiO(g)  +  C0(g)  :  Low  P02  (la) 

SiC(s)  +  3/2  02(g)  =  Si02(s)  +  C0(g)  :  High  P02  (lb) 


SiC(s)  +  2  H20(g)  -  SiO(g)  +  CO(g)  +  2  Hz(g) 


(3) 


The  stability  of  SiC  depends  on  the  formation  of  a  stable  "passive"  layer  of 
SiO,  (10).  Active  oxidation  of  SiC  occurs  at  around  10'8  atm  of  02  at  900*C. 
Oxidation  of  C  to  CO  or  C02  is  a  concern  for  C/C  and  C/SiC  as  well  as  for 
SiC/SiC  composites  relying  on  a  C  interfacial  layer  for  fracture  toughness. 
Jacobson,  Eckel,  Misra  and  Humphrey  (11)  have  calculated  the  stability  of  SiC 
in  an  Ar/H20/5X  H2  mixture.  Their  data  illustrate  that  SiH,  SiH4,  SiO,  CH4,  CO 
and  CiL  are  thermodynamically  stable  at  various  H2/H20  ratios  ranging  from  10* 
to  10”  and  total  pressures  of  1  atm.  This  analysis  gives  no  information 
regarding  the  kinetics  of  these  reactions. 

The  major  reaction  between  alkali  metals  and  Si -based  ceramics  is  the  formation 
of  a  low  melting  temperature  salt  such  as  Li,0-Si02.  Reaction  with  Si02  is  of 
concern  because  of  its  presence  at  grain  boundaries  and  surfaces  (i.e.  reaction 
of  SiC  with  02).  Degradation  of  the  protective  "passive"  Si02  layer  and 
accelerated  crack  growth  caused  by  the  decreased  viscosity  of  grain  boundary 
glass  phases  in  contact  with  alkali  metals  are  two  of  the  possible  chemical 
compatibility  concerns  for  SiC/SiC  composites  in  contact  with  a  Li  coolant  or 
Li  ceramic.  If  the  Li  is  at  a  very  low  0,  activity,  the  possibility  of  forming 
these  eutectic  phases  is  greatly  reduced. 

The  corrosion  and  fracture  behavior  of  SiC  in  molten  Li  has  been  evaluated  by 
Curran  and  Amateau  (12)  and  Cree  and  Amateau  (13).  Both  studies  were  conducted 
on  a-SiC  exposed  to  a  thin  layer  of  molten  Li  in  contact  with  the  sample 
surface.  A  decrease  in  the  room  temperature  fracture  strength  from  about  350 
MPa  to  about  150  MPa  was  found  in  both  studies  for  exposures  exceeding  500‘C. 
The  strength  loss  was  related  to  Li  penetration  down  SiC  grain  boundaries. 
Reaction  with  the  glass  phase  in  the  SiC  grain  boundaries  was  considered  to  be 
the  primary  cause  of  the  rapid  intergranular  penetration.  Uniform  corrosion 
rates  were  reported  as  being  extensive  but  with  no  apparent  effect  on  the 
fracture  strength. 

Experimental  Procedures 

Composites  consisting  of  Nicalon  fiber  cloth  (0“/90")  and  CVI  /3-Si C  with  carbon 
(C)  interfaces  were  tested.  The  composites  are  8-ply  material,  4  mm  thick, 
fabricated  by  Refractory  Composites,  Inc.  of  Whittier,  CA.  Interfaces  of  1.0 
nm  C  were  deposited  on  the  Nicalon  fibers  before  the  /9-SiC  CVI  fabrication 
step.  Single-edge-notched  bend  bar  (SENB)  specimens  with  dimensions  of  4  mm 
x  5.5  mm  x  50  mm  were  prepared.  The  SENB  specimens  were  tested  in  4-point 
bending  using  a  fully  articulated  SiC  bend  fixture.  Other  test  details  have 
been  discussed  previously  (1,2). 

The  SCG  studies  were  pe;  formed  using  constant  load  tests  for  long  times,  up  to 
7  x  104  s,  and  using  stepped  load  tests  with  load  holding  carried  out  at  1100*C 
in  Ar  and  Ar  plus  varying  P02.  The  specimens  were  typically  loaded  at  an 
applied  stress  intensity  of  7-8  MPa/m  to  begin  the  test.  The  test  continued 
until  a  load  drop  was  observed.  Specimens  that  were  tested  in  Ar  plus  02  were 
brought  up  to  temperature  in  pure  Ar. 

Each  SCG  test  consisted  of  either  a  series  of  1000-s  constant-load  tests  or  a 
long-term  hold  at  constant  load  in  4-point  bending  at  a  constant  temperature. 
The  displacement-time  curves  for  the  1000-s  exposures  at  constant  load  in  Ar 
indicate  that  the  specimen  displacement,  and  thus  the  crack  opening 
displacement,  undergoes  a  transient  period  of  displacement  that  is  logarithmic 
in  time  and  does  not  exhibit  a  true  steady-state  over  the  1000-s  hold  time. 
The  slope  of  the  displacement-time  curve  over  the  final  600  s  of  the  load  step, 


however,  was  fairly  linear  and  was  taken  as  proportional  to  the  crack  velocity 
for  each  1000-s  period.  The  longer  ter*  hold  displacement-time  data  were  fit 
to  polynomial  functions  and  differentiated  to  give  dS/dt. 

Writing  S  -  P  C(a),  where  S  Is  the  displacement,  P  Is  the  load,  C  Is  the 
specimen  mid-point  compliance,  and  a  Is  equal  to  a/V  normalized  crack  length) 
can  be  used  to  give 


36  =  d 
dt  ~dt 


(PC(  a)) 


D  dC  da 

mii 


P  dC  da 

W~Sa  dt 


(4) 


which  is  then  used  to  derive  the  following  expression  for  da/dt  Vc 

dS„ 

da  =  y  „  dt  (5) 

dt  e  pc' (a) 


where  Vc  is  the  crack  velocity  and  W  is  the  specimen  thickness.  An  expression 
was  determined  for  the  mid-point  compliance  of  a  SENB  specimen  in  4-point 
bending  and  was  used  to  calculate  crack  length  and  C'(a)  (2).  The  slope  of  the 
displacement-time  curve  at  a  given  load  is  dS/dt. 

Fatigue  crack  growth  tests  were  performed  similarly  to  the  static  load 
subcritical  crack  growth  tests  with  the  load  cycled  5  or  25  times  at  each  of 
the  constant  loads  used  for  the  static  load  tests.  The  load  was  held  for  1000s 
between  each  load  cycle  and  the  load  ratio,  R,  was  0.1.  Tests  were  conducted 
in  both  Ar  and  Ar  plus  2000  ppm  0..  The  crack  velocity  was  determined  during 
each  of  the  1000s  hold  periods  between  load  cycles  and  compared  to  the  crack 
velocity  obtained  with  the  statically  loaded  samples. 

Experimental  Results 

The  data  for  the  C-interface  materials,  when  plotted  as  crack  velocity  versus 
applied  stress  intensity  (If-K  curves),  reveal  a  stage-II  region  where  the  crack 
velocity  is  essentially  independent  of  the  applied  stress  intensity  (Figure  1) 
followed  by  a  stage-III,  or  power-law  crack  growth  region,  at  high  stress 
intensities. 

The  power-law  region  exhibits  a  strong  dependence,  but  the  stage-II  region 
exhibits  a  weak  dependence,  on  the  applied  stress  intensity.  The  data  reveal 
a  pronounced  increase  in  stage-II  crack  velocity  because  of  02  in  the  gas.  The 
crack  velocity  increases  with  increasing  02  content  of  the  Ar  (Figure  1). 
Also,  the  stress  intensity  required  for  the  onset  of  stage-III  is  shifted  to 
a  lower  value  of  the  applied  stress  intensity. 

When  the  crack  velocity  is  plotted  as  a  function  of  time  ( V-t  curves),  the 
effects  of  02  become  more  pronounced  (Figure  2).  The  time -dependence  of  Vc  in 
Ar  shows  a  decreasing  velocity  with  time  while  Vc  in  the  varying  P02 
environments  show  either  a  constant  V  or  increasing  Vc  with  time.  The  curves 
for  10,000-  and  20,000-ppm  02  indicate  that  the  crack  velocity  increases  quite 
rapidly  and  that  those  tests  were  much  shorter  in  duration  than  the  5000-  and 
2000-ppm  02  tests. 

SCG  data  for  monolithic  ceramics  that  do  not  exhibit  a  large-scale  bridging 
zone  do  not  show  stage-II  behavior;  rather,  the  crack  velocity  is  observed  to 
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Figure  1  -  V-K  Curves  as  a  Function  of  0,  Partial  Pressure  and  Applied 
Stress  Intensity.  Curve  Labels  Indicate  P02  in  Units  of  103  ppm. 
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Figure  2  -  Crack  Velocity  as  a  Function  of  Time  in  Pure  Ar  and  in 
Varying  02  Partial  Pressures  for  Long  Times.  Curve  Labels  Indicate  P02 
in  Units  of  103  ppm. 

be  a  power-law  function  of  applied  stress  intensity  ( K ,)  (3, 5, 7, 8).  The 
observed  stage- 1 1  region  in  the  present  data  reveals  a  weak  dependence  on  K.. 
This  behavior  suggests  that  SCG  in  CMCs  is  controlled  by  crack-bridging  by  the 
continuous  fibers  in  the  crack  wake.  The  bridging  zone  screens,  or  shields, 
the  crack-tip  from  the  applied  stress  intensity.  Over  the  region  of  increasing 
K .  as  a  function  of  increasing  crack  length,  a  bridging  zone  is  established  for 
these  materials,  and  it  screens  the  crack-tip  from  K..  A  nearly  constant 
crack-tip  stress  intensity,  Ku  ,  is  established  as  the  bridging  zone  develops 
and  R-curve  behavior  is  observed.  Eventually,  the  bridging  zone  saturates  and 
cannot  continue  to  shield  the  crack-tip. 

Comparison  of  Figures  1  and  3  reveals  that  the  cyclic  crack  velocities  are 
lower  than  the  static  crack  growth  rates  for  Ar  and  Ar  +  2000  ppm  0..  This 
effect  is  revealed  by  comparing  the  crack  velocities  after  1  cycle  and  after 
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Figure  3  -  Crack  velocity  as  a  function  of  applied  stress  intensity  (V- 
K)  for  C-interface  material  at  1100'C  in  pure  Ar  and  Ar  +  2000  ppm 
oxygen  and  with  cyclic  stresses  at  a  R  of  0.1. 

25  cycles,  Figures  3.  Clearly  the  crack  velocity  decreases  with  increasing 
number  of  cycles;  however,  the  decrease  in  crack  velocity  is  greatest  at  low 
K  values  at  the  beginning  of  the  test  with  less  of  a  decrease  at  higher  K 
values.  Stage  II  crack  velocities  ranged  from  7  x  10  9  in  Ar  to  about  3  x  10'8 
m/s  in  Ar  2000  ppm  02. 

The  effect  of  cyclic  stresses  on  the  transition  from  stage  II  to  rapid 
fracture,  stage  III,  is  difficult  to  identify  with  this  data  set.  For  the 
tests  in  Ar  +  02,  the  transition  occurs  at  a  lower  value  of  K  for  cyclic  than 
static  loading  while  the  data  for  tests  conducted  in  Ar  is  less  conclusive. 
A  transition  from  stage  II  to  stage  III  occurred  at  about  28  MPa/m  with  static 
loading,  Figure  1,  but  for  two  tests  conducted  with  cyclic  loading  the 
transition  occurred  at  about  24  MPa/m  in  one  test  while  the  other  survived  to 
25  MPa/m  without  failing.  The  test  was  terminated  at  this  stress  intensity 
because  of  equipment  failure. 


The  evidence  for  bridging  zone  domination  of  SCG  is  suggested  from  the 
experiments  using  Ar  plus  02  in  comparison  with  pure  Ar  and  also  from  a 
micromechanical  model  developed  to  rationalize  SCG  in  CMC  materials  (I,  2). 
Adding  02  to  the  1100'C  Ar  environment  increases  the  crack  velocity  in  the 
stage-II  regime  and  shifts  the  stage-II-to-stage-III  transition  to  lower  KA 
values  (Figure  1).  The  shift  to  lower  K,  values  for  the  transition  to  stage- 
ill  crack  growth  is  consistent  with  a  reauction  in  the  closure  forces  imparted 
on  the  crack  faces  by  the  bridging  fibers.  Scanning  electron  photomicrographs 
(not  shown  here)  of  the  CMCs  exposed  to  the  0,  reveal  the  partial  removal  of 
the  C-interfaces  due  to  oxidation  at  1100'C.  Removing  this  interface  material 
reduces  the  shear  strength  of  the  interface,  reduces  the  ability  of  the  matrix 
to  transfer  load  to  the  fibers,  and  reduces  the  bridging  zone  effectiveness. 
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These  effects  are  rationalized  using  a  2D-microoechanica1  model  of  a  crack  in 
a  CMC  material  (1,2).  The  model  places  a  semi-infinite  crack  in  a  linear- 
elastic  body  and  simulates  the  bridging  fibers  by  crack  closure  forces  placed 
along  the  crack  face.  The  forces  applied  by  the  fibers  to  the  crack  face  are 
calculated  using  an  explicit  frictional  bridging  model  that  calculates  the 
fiber  load  transfer  as  a  function  of  distance  from  the  crack-tip.  A  basic 
result  of  the  model  is  to  predict  crack-tip  screening  over  a  range  of  crack 
extension  (R-curve  behavior)  when  high-strength  fibers  and  weak  Interfaces  are 
present  (1,2). 

The  model  is  used  to  explore  the  time -dependence  of  crack  growth  by  allowing 
the  crack-closure  forces  to  undergo  time -dependent  relaxation.  Available  creep 
data  for  Nicalon  fibers  at  1100*C  in  pure  Ar  (14)  were  used  to  construct  a 
constitutive  equation  for  the  stress-  and  time-dependence  of  creep  in  Nicalon 
fibers  at  1100*C.  Based  on  this  approach,  the  discrete  micromechanics  model 
is  used  to  calculate  the  crack  velocity  using  a  quasi -static  approach  (2). 

Using  a  definition  for  the  stress  intensity  for  an  equilibrium  bridging  zone, 
an  expression  was  derived  for  the  velocity  of  a  crack  in  a  composite  at 
equilibrium,  which  gives  a  quasi-static  approximation  to  the  crack  velocity. 
For  this  approximation,  it  is  assumed  that  the  bridging  zone  is  in  equilibrium 
by  virtue  of  a  balance  between  crack  advance  and  relaxation  of  bridging  zone 
stresses.  As  the  crack  advances,  it  bridges  additional  fibers,  which  retards 
its  growth.  As  the  stresses  in  the  bridging  zone  relax,  the  crack-tip 
screening  is  reduced,  and  the  crack  tends  to  advance. 

The  quasi -static  approximation  assumes  that  Ku  is  a  constant  such  that 


Therefore,  one  can  write  the  total  differential  of  JCUp  as 


which  was  used  to  derive  an  expression  for  crack  velocity,  V  ,  as 


where  the  crack  velocity  is  expressed  as  the  ratio  between  the  time-dependence 
of  due  to  stress  relaxation  of  bridging  forces,  oKuJdt,  and  the  change 
in  due  to  crack  advance,  SKti Jda.  Reducing  the  crack-closure  (fiber 
bridging)  forces  as  a  function  of  time,  due  to  either  stress  relaxation  in  the 
fibers  (Figure  4)  or  removal  of  the  interface,  allows  the  crack  to  extend 
during  the  load  step.  The  agreement  of  the  predicted  velocities,  as  well  as 
the  time-dependence,  suggests  that  fiber  creep  is  controlling  SCG  in  the  pure 
Ar  environment  at  1100’C.  Other  relaxation  processes,  such  as  interface 
removal,  would  be  expected  to  occur  in  0r  This  relaxation  process  would  be 
faster  than  for  fiber  creep  alone  because  the  fiber/matrix  interface  is 
simultaneously  being  removed  by  oxidation.  This  process  would  reduce  the 
fiber/matrix  interfacial  shear  strength  as  a  function  of  time.  A  faster  stress 


Relaxation  Time  (Its) 

Figure  4  -  Predicted  Crack  Velocity  as  a  Function  of  Time  for  the  Case 
of  Stress  Relaxation  Due  to  Fiber  Creep. 

relaxation  shifts  the  onset  of  accelerated  cracking  (stage-ill)  to  lower  KA 
values  and  increases  the  relative  crack  velocities  in  the  stage-II  region. 

The  crack  velocity-time  data  in  02  (Figure  2)  indicates  that  velocities  are 
increasing  with  time,  which  cannot  be  accounted  for  using  a  logarithmic 
function  for  Kti  t,  such  as  that  used  for  fiber  creep.  A  linearly  increasing 
Kti  (t)  will  give  a  constant  crack  velocity,  while  a  power-law  function  would 
be  required  to  account  for  increasing  velocities  with  time.  Such  a  result 
would  have  to  come  from  a  model  of  interface  removal  and  subsequent  bridging 
zone  relaxation,  which  remains  to  be  accomplished. 

Summary  and  Conclusions 

SCG  in  continuous-fiber  CMC  materials  at  1100'C  in  pure  Ar  exhibits  a  stage-II 
region  where  crack  velocity  depen  weakly  on  the  applied  stress  intensity. 
At  higher  stress  intensities,  the  ack  velocity  is  accelerated,  and  a  power- 
law  (stage-III)  region  is  observed  where  crack' velocity  depends  strongly  on 
stress  intensity.  The  stage-II  region  corresponds  to  the  development  of  the 
fiber  bridging  zone  in  the  wake  of  the  crack.  It  was  observed  that  crack 
velocities  increase  at  1 1 00 * C  in  Ar  plus  02  compared  to  pure  Ar.  It  was  also 
observed  that  0.  shifted  the  onset  of  stage-III  to  lower  values  of  applied 
stress  intensity.  These  observations  were  rationalized  using  a  2D- 
micromechanical  model  developed  to  simulate  cracks  bridged  by  continuous 
fibers.  Fiber  creep  relaxation  predicted  the  correct  crack  velocity  and  time- 
dependence  in  Ar,  but  other  mechanisms,  such  as  interface  removal,  are  required 
to  rationalize  the  data  in  Ar  plus  02. 
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Abstract 

Titanium  base  materials  in  intermetallic  form  and/or  as  a  fiber  reinforced  composite  are 
extremely  attractive  for  high  temperature  structural  applications  where  high  specific  strength 
and  stiffness  are  required.  Significant  problems  arise  with  these  materials  when  hydrogen  is 
present  in  the  service  environment,  unlike  most  other  structural  materials,  titanium  will 
absorb  more  hydrogen  at  low  temperatures  than  at  high  and  can  readily  form  embrittling 
titanium  hydride  phases.  The  degrading  effects  of  hydrogen  on  the  presently  available  high 
temperature,  titanium  base  structural  materials  are  reviewed.  The  critical  issue  of  the  present 
lack  of  a  reliable,  light  weight,  high  temperature  structural  material  for  aerospace  applications 
when  hydrogen  is  present  is  discussed 


Critical  Issues  in  the  Development  of  Hi|h  Temperature  Structural  Materials 
Edited  by  N.S.  Stoloff,  DJ.  Duquette  and  A.F.  Giamei 
The  Minerals,  Metals  A  Materials  Society,  1993 


Titanium  bue  materials  are  very  attractive  for  structural  application!  in  advanced  aerospace 
vehicle*.  Became  of  titanium'*  low  density,  the  elevated  temperature  specific  strength, 
stttheee,  and  creep  behavior  of  these  materialr  far  exceed  those  or  the  superaUoys  and  even 
exceed  die  advanced  carbon -carbon  composite  materials  and  die  ceramic  matrix  composite 
material*  up  to  reasonably  Ufh  temperature*  (1).  For  example,  the  silicon  carbide  fiber 
reteJorood.  beta  phaae  titanium  matrix  composite  he*  e  mexjmnai  useful  operating  temperature 
of  about  800°C,  the  TijAl  (alpha-2  phase)  intermetsllic  base  alloys  can  operate  op  to  about 
900°C,  and  the  TiAl  (gamma  phase)  intermetallic  base  alloys  up  to  about  1000°C. 

When  these  titanium  base  materials  are  considered  for  structural  applications  on  airbreathing, 
hot  structured,  hypersonic  vehicles,  however,  difficulties  are  encountered.  High  speeds  at  low 
altitudes  result  in  extremely  high  structural  temperatures.  Outer  skin  temperatures  can 
approach  2000*0  (2).  Additionally,  propulsion  systems  are  complex  and  can  require  a 
combination  of  rochets,  ramjets,  and  scrangets.  Ramjets  can  operate  effectively  to  between 
Mach  3  and  5  bat  above  Mach  5  scramjets  (supersonic  combustion  ramjets)  or  rockets  are 
required.  To  attain  these  hypersonic  velocities,  only  hydrogen  as  a  fuel  has  the  required 
propulsive  efficiency.  Specific  impulse  (a  measure  of  propulsive  efficiency)  of  hydrogen- 
fueled  propulsion  systems  is  always  greater  than  that  of  hydrocarbon-based  reels  and,  above 
about  Mach  3,  only  a  hydrogen- fueled  propulsion  system  is  capable  of  attaining  the  velocity 

nan..j«iai<  f_n_,  -  — «  * - -•  -  /<J\  * 

required  ror  oruou  uucraon  (j). 

Unfortunately,  it  has  been  known  for  years  that  the  interaction  of  hydrogen  with  most  titanium 
base  alloys  can  be  extreme  (4).  Equilibrium  hydrogen  solubility  in  titanium  decreases  with 
increasing  temperature  (3).  In  the  relatively  open  (bee),  elevated  temperature,  beta  phase  of 
titanium,  hydrogen  solubility  can  be  large,  approaching  60  atomic  %  at  600°C.  Hydrogen  will 
stabilize  the  beta  phase  and  can  reduce  the  beta-ttansus  temperature  from  88S°C  to  350°C.  In 
contrast,  the  more  cloned  (hep),  low  temperature,  alpha  phase  of  titanium  exhibits  a  maximum 
hydrogen  solubility  of  only  about  10  atomic  %  (at  350PCJ  becoming  nearly  negligible  at  room 
temperature.  Whoa  the  hydrogen  concentration  exceeds  these  solubility  limits,  titanium 
hydrides  will  begin  to  precipitate  (6).  Even  with  the  inherent  incompatibilities  between 
hydrogen  and  titanium,  titanium  base  alloys  have  been  used  extensively  to  contain  hydrogen  in 
critical  applications  such  as  in  the  Space  Shuttle  Main  Engine  (6).  Such  applications  usually 
involve  hydrogen  at  cryogenic  temperatures  where  insufficient  thermal  energy  is  present  to 
dissociate  the  hydrogen  molecule  or  about  room  temperature  where  the  normally  present  oxide 
film  on  the  titanium  can  act  as  an  effective  hydrogen  barrier  to  isolate  the  titanium  from  the 
active  hydrogen  environment  (4). 


Although  titanium  base  materials  have  been  used  extensively  in  a  variety  of  aerospace 
structural  applications,  consideration  of  their  use  as  high  temperature  structures  has  only  been 
recent  In  advanced  hypersonic  vehicles,  it  is  highly  desirable  to  take  advantage  of  the 
excellent  high  temperature  specific  properties  of  titanium  base  alloys  for  hydrogen  containment 
during  fuel  handling,  in  actively  cooled  structures,  and  as  primary  airframe  structure  exposed  to 
a  casual  or  residual  hydrogen  environment  The  purpose  of  this  paper  is  to  review  our  present 
understanding  of  the  hydrogen  interactions  with  titanium  base  materials.  We  will  first  consider 
the  hydrogen  interaction  with  both  monolithic  beta  phase  titanium  and  silicon  carbide  fiber 
reinforced  beta  titanium  matrix  composites,  potential  hot  structure  airframe  materials.  Next, 
we  will  consider  the  H3AI  (alpha-2  phase)  titanium  aluminide  intermetallic  base  alloys  as 
potential  hydrogen  plumbing  and  actively  cooled  structures.  Finally,  we  will  consider  the  TiAl 
(gamma  phase)  titanium  aluminide  intermetallic  base  alloys  for  heat  exchanger  applications 
along  the  propulsion  flow  path.  Based  on  our  present  understanding,  we  will  conclude  that 
presently  available  high  temperature  titanium  bue  materials  can  not  be  reliably  used  in  direct 
contact  with  a  hydrogen  containing  environment.  Therefore,  die  development  of  a  reliable, 
light  weight,  high  temperature  structural  material  for  aerospace  applications  where  hydrogen  is 
present  is  a  critical  issue  that  is  begging  for  our  attention. 
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In  the  put.  beta  phase  htamum  alloy*  have  been  tough!  to  be  tarty 


hydride  formation  require*  large  hydrogen 


hydrogen  since 


Temperature  (degree  C) 

Figure  1  •  Ductile-to-brittle  fracture  transition  observed 
in  die  Beta  21S  titanium  alloy  containing  0.39 
wt  percent  hydrogen. 


u  (8).  At  elevaaed  temperatures, 
hydrants  diffusion  in  the  open  bcc 
beu  titanium  lattice  becomes  very 
rapid  (9)  and  large  amouatt  of 
hydrogen  can  be  absorbed  in  the 
beta  phase  even  at  very  low 
hydrogen  pressures  (reach  leas  Aat 
one  atmosphere  pressure)  (6)  in 
very  short  tunes  (10).  Hydrogen  in 
a  bets  alloy  win  further  stabilize 
to  beu  phase  at  the  expense  of 
any  remaining  alpha  phase  (6). 
The  precipitation  of  fine,  ackular 
alpha  phase  is  the  primary 
strengthening  mechanism  in  most 
beta  alloys  and  thus,  the  strength  of 
these  alloys  decrease  with 
increasing  amounts  of  absorbed 
hydrogen  (11).  Recently,  it  has 
been  observed  that  hydrogen  in 
beu  titanium  lattice  can  have  a 
significant  influence  on  the  ductile- 
to- brittle  fracture  transition  in  the 
beu  phase  alloys  (10-12). 


A  typical  example  of  the  hydrogen 

_ _  .  _  _ _  _  influence  on  ductile-to-brittle 

G*  I " '  .  ------  ftscture  transition  is  shown  in  Fig. 

tioo-  y  1.  These  dau  were  obtained  on 

S'  0.063  cm  (0.025  in.)  thick, 

s'  monolithic  Beta  21S  (Ti-15Mo- 

~  so-  /  2.6Nb-0.2Si-3Al)  titanium  alloy 

|  jT  sheet  that  had  been  exposed  at 

1  /  704 °C  to  a  2.7  kPa  (20  tore) 

5-  o  -  s'*  hydrogen  environment  for  a 

9  z'  sufficient  length  of  time  18  ks  (5 

_  Z*  hours)  to  esublish  equilibrium 

S  -so-  jr  between  hydrogen  in  the 

g  /  environment  and  that  in  the  bulk 

B  Z*  (total  pick-up  of  0.39  wt  percent 

^  '  hydrogen).  The  ductile-to-brittle 

2  ’10g"  "  transition  is  sharp  and  exhibits  a 

I  ,  |  i  i  I  corresponding  change  in  fracture 

0.0  0.1  0.2  0.3  0.4  o.s  o.s  0.7  o.s  mode  from  transgranular,  ductile, 

Buk  Hydrogm  *******  (*  %)  ggStJ  .SSSESVi# 

Figure  2  -  The  influence  of  bulk  hydrogen  concentration  complete  transgranular,  brittle 
on  the  ductile-to-brittle  fracture  transition  in  cleavage  at  to  lower  temperatures, 
the  Beu  21S  titanium  alloy.  The  temperature  of  this  ductile-to- 

brittle  transition  can  be  changed 
significantly  by  the  amount  of  hydrogen  in  the  bulk  of  die  alloy,  as  shown  in  Fig.  2. 
Uncharged  material  exhibits  a  transition  temperature  of  around  -13CFC  but  can  be  raised  to 
about  100°C  with  a  bulk  hydrogen  concentration  about  0.72  wt  percent. 


The  effect  of  hyt 
of  restricting  slip 


on  the  ductile-to-brittle  transition 
ior  to  increase  the  yield  stress  (13) 


rature  appears  to  be  the  result 
lowering  die  fracture  stress  of 


the  material  (11).  Equilibrium  hydrides  would  not  be  expected  to  form  it  these  bulk  hydrogen 
concentrations  in  the  beta  phase  (14)  and  have  not  beat  observed  using  the  X-ray  diffraction 
technique  at  hydrogen  concentrations  up  to  49  atomic  percent  (11).  What  appear  to  be 
metasttfafci  hydrides  have  been  found  within  the  grains  of  this  beta  alloy  at  these  hydrogen 
coMocmyiik)iii»  Hit  there  appears  to  be  little  or  no  correlation  to  the  occurrence  of  the  ductile- 
to-brittle  transition  (15. 16). 


Hydrogen  has  been  found  to  affect  the  beta  phase  titanium  matrix  of  a  silicon  carbide  fiber 
nMwfrupwt  composite  in  much  the  manner  as  it  does  the  monolithic  material.  An  elevated 


temperature  pre-exposure  to  a  low 
degradation  in  room  temperature 


(10). 


Figure  3  -  Room  temperature  tensile  behavior  of  a  beta 
titanium  matrix,  silicon  carbide  fiber 
reinforced  composite  following  equilibrium 
exposures  at  650°C  to  three  different 
hydrogen  pressures. 


environment  can  cause  a  severe 
Degradation  in  the  composite  i 
to  be  the  result  of  the  by 
interaction  with  the  bull 
matrix.  Figure  3  shows  the  tensile 
behavior  of  a  beta  matrix,  silicon 
carbide  reinforced  composite 
laminate  after  long-time  exposures 
(sufficient  time  to  allow 
equilibrium  to  be  established 
between  hydrogen  in  the 
environment  and  hydrogen  in  the 
beta  lattice)  at  650*0  and  three 
hydrogen  pressures.  As  can  be 
seen,  the  severity  of  embrittlement 
is  dependent  on  hydrogen  pressure. 
Equilibrium  absorption  under  533 
Pa  (4  torr)  hydrogen  is  seen  to  be 
insufficient  to  cause  a  significant 
change  in  room  temperature  tensile 
behavior.  After  equilibrium 
exposure  to  1.333  IcPa  (10  torr) 
hydrogen,  room  temperature 
behavior  is  significantly  degraded, 
with  the  primary  effects  being  a 
change  in  the  modulus  of  the 
composite  and  a  reduction  in 
strength.  After  equilibrium  with  a 
8.36  kPa  (62  torr)  hydrogen 


environment,  the  laminate  is  severely  degraded,  with  matrix  cracking  beginning  on  initial 
loading  and  ultimately  resulting  in  a  nearly  complete  loss  in  die  structural  integrity  of  the 
composite  laminate. 


As  would  be  expected,  the  fracture  surfaces  of  the  composite  laminate  reflect  the  degree  of 
hydrogen  degradation  occurring  in  the  beta  phase  matrix.  As  shown  in  Fig.  4,  the  laminate 
exposed  to  a  vacuum  environment  exhibits  ductile,  transgranular  failure  of  die  beta  matrix  by 
microvoid  coalescence.  After  a  1.333  kPa  (10  torr)  hydrogen  exposure  at  650°C  (Fig.  4),  the 
fracture  morphology  of  die  beta  matrix  material  is  britde  with  transgranular  fracture  occurring 
by  cleavage. 


Hydrogen  and  the  Alpha-2  fTi^All  Titanium-Aluminide  Phase 

Alpha-2  titanium- aluminide  (nominally  TijAl)  is  an  ordered  intermetallic  phase  having  a 
modified  hep  (DO  19)  crystal  structure.  Like  many  other  intermetallics,  the  titanium  aluminidcs 
can  exhibit  low  ductility  and  poor  fracture  toughness  at  low  temperatures  (1).  Low  temperature 
ductility  in  alpha-2  base  alloys  has  been  improved  significantly  by  die  addition  of  alloying 
dementi  such  as  Nb,  V,  and  Mo  and  the  selection  of  heat  treatments  that  force  the  retention  of 
die  more  ductile  transformed  beta  titanium  phase  in  die  primarily  alpha-2  microstructure  (1). 
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(a)  (b)  - 

0.001  cm 


Figure  4  -  A  comparison  of  room  temperature  matrix  fracture  morphology  of  a  silicon  carbide 
fiber  reinforced  Beta  21S  titanium  matrix  composite  after  equilibrium  exposure  at 
650°C  to  (a)  a  vacuum  environment  and  (b)  a  hydrogen  environment  at  1.333  kPa. 

Hydrogen  interactions  with  alpha-2  base  alloys  are  similar  to  those  observed  in  other  titanium 
base  alloys.  Hydrogen  has  the  potential  to  influence  micros tructurai  stability  of  the  alpha-2 
base  alloys  and  to  produce  damaging  hydride  phases.  Although  hydrogen  has  been  shown  to 
stabilize  the  beta  phase,  its  influence  appears  to  be  less  than  that  exhibited  on  the  alpha 
containing  titanium  alloys  (17).  Additionally,  in  alpha-2  based  alloys  that  contain  the  beta 
stabilized  phase,  hydrogen  has  beat  thought  to  assist  the  formation  of  an  orthorhombic  phase 
(Ti2AlNb)  (18).  Thus  far,  there  is  little  evidence  that  these  hydrogen-induced  changes  in 
microstructure  have  a  significant  effect  on  the  mechanical  behavior  of  alpha-2  base  alloys.  The 
primary  influence  of  hydrogen  on  the  titanium  aluminide  interme tallies  appears  to  be  the 
formation  of  degrading  titanium  hydride  phases. 

Although  the  hydrogen  solubility  limit  in  alpha-2  is  quite  large  at  elevated  temperatures, 
approaching  15  atomic  percent  at  650°C  in  the  Ti-24A1-1  INb  alloy  (19),  essentially  all  of  this 
hydrogen  will  precipitate  upon  cooling  as  some  form  of  titanium  hydride.  The  fee  delta 
hydride  phase  Iras  been  observed  in  alpha-2  alloys  as  have  more  complex  hydride  phases  (20- 


The  effects  of  hydrogen  on  the  mechanical  behavior  of  the  modified  hep  alpha-2  titanium 
aluminide  base  alloys  are  much  Hire  those  observed  in  the  hep  alpha  titanium  base  alloys  (4).  If 
hydrogen  is  allowed  to  enter  the  bulk  of  the  material  at  elevated  temperature,  hydrides  will 
precipitate  on  cooling  and  will  degrade  the  mechanical  behavior  of  the  alloy.  Significant 
changes  in  critical  properties  such  as  fracture  toughness,  threshold  stress  intensity  for  the 
initiation  of  cracking,  and  fracture  stress  have  been  observed  (23).  Further,  large  hydrogen 
pressures  are  not  required.  Significant  degradation  can  result  from  an  elevated  temperature 
exposure  to  a  hydrogen  environment  at  pressures  of  much  less  than  one  atmosphere.  Under 
extreme  conditions  of  high  pressure  or  long  tunes,  sufficient  hydrogen  can  be  absorbed  into  the 
alpha-2  phase  to  cause  the  complete  disintegration  of  the  material  (essentially  the  complete 
conversion  of  the  alpha-2  base  alloy  to  titanium  hydride).  Additionally,  like  the  alpha  base 
alloys  (4),  embrittlement  of  alpha- 2  base  alloys  can  occur  as  the  result  of  exposure  to  a 
hydrogen  environment  at  low  temperatures  as  well  (24). 
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Fiddly,  the  ntecwatiuciianl  details  of  alpha  2  hue  alloy  play  an  mpottaat  rote  in  determining 
the severity of hydregan  tedocad deydatioc.  It haa bacninowu  dtet the *n-24Al-llNb alloy 
win  exhibit  a  complete  teas  in  tensile  ductility  »t  a  bate  hydrogen  concentration  as  low  as  300 
weight  ho  when  the  mkroatiucture  is  equiaxcd.  Whea  the  eficnetractuee  ia  in  the  tons  of  a 
come  baafcetweavo,  a  bulk  hydrogen  concentration  at  about  500  weightppm  is  required  for 
ootupteae  emheiatement.  A  fine  baahetweave  mtemetraeture  exhibits  a  menace  to  hydrogen 
o— ten  bp  lo  ihet  1500  weight  ppm  (25).  Theee  observations  are  moat  probably  due  to  the 
variation  m  the  amoest  sad  dtetrimtiau  of  the  more  hydrogen  soluble  beta  phase  in  these 


The  gamma  ti tamtam  ahaninkte  Imenaeullic  phase  (T1A1)  has  an  entered  fet  (Lip)  lattice 
structure.  Gamma  base  alloys  are  either  single  phase  gamma  (TiAl)  or  alloys  with  some 
retained  alpha-2  (TijAl)  phase.  The  metallurgy  of  these  aaoys  is  not  yet  well  understood  and, 
as  a  consequence,  no  mechanism  has  been  identified  to  effectively  reduce  the  severe  loss  in 
dacdlity  at  low  temperatures,  faidal  studies  on  the  effects  of  hydrogen  indicate  thatthe  amount 
of  hydrogen  absorbed  into  gamut  base  alloys  was  small,  and  thus,  these  alloys  appeared  be 
wriaitett  to  degradation  from  a  hydrogen  environment.  However,  this  is  not  die  case.  It  now 
appears  that  these  Initial  results  were  due  to  the  ability  of  the  oxide  film  on  these  higher 
tmmtomn  containing  alloys  to  serve  as  a  partial  hydrogen  barrier.  Although  hydrogen 
absorption  in  is  less  than  in  alpha-2,  it  can  be  sign  meant  (26,  27).  The  solid  solution 

solubility  limit  for  hydrogen  in  gamma  has  not  been  reported;  however,  the  total  hydrogen 
uptake  (hydrogen  in  solution  and  as  a  hydride)  in  gamma  base  alloys  has  been  shown  to  be 
large  at  elevated  temperatures  and  pressures  (27).  It  appears  that  at  room  temperature  very 
little  hydrogen  can  be  held  in  solution  in  the  gamma  lattice  and  extensive  precipitation  of  a 
hydrides  wul  occur  (28.  29).  The  fee  delta  hydride  has  been  observed  as  have  far  more 
complex  hydrogen  containing  phases,  some  exhibiting  significant  volume  contraction 
compared  with  die  host  gamma  phase  (30). 


Hydrogen  degradation  in  the  mechanical  properties  of  gamma  base  alloys  can  occur  at  an 
elevated  temperature  in  a  high  pressure  (-13.8  MPa)  hydrogen  environment  (31)  and  at  room 
temperature  after  elevated  temperature  hydrogen  charging  (31-34).  Like  the  alpha-2 
intermetallic  base  alloys,  the  primary  cause  of  degradation  in  gamma  appears  to  be  the 
formation  of  hydride  phiues.  Somewhat  conflicting  studies  have  been  reponed  on  the  effect  of 
a  low  pressure  hydrogen  environment  on  the  gamma  phase  intermetallic.  No  significant 
degradation  of  a  near  alpha-2  alloy  was  observed  either  after  an  elevated  temperature  pre- 
exposure  to  a  low  pressure  (-0.1  MPa)  hydrogen  environment  or  during  testing  in  a  low 
pressure  hydrogen  environment  at  room  temperature  (31).  In  contrast,  tensile  tests  performed 
on  polysynthetically  twinned  crystals  of  TiAl  indicate  a  significant  reduction  in  ductility  when 
tests  were  conducted  in  a  low  pressure  (-0.1  MPa)  hydrogen  environment  (33).  In  the  latter 
study,  the  mechanism  of  degradation  was  suggested  to  be  decohesion  rather  than  the  presence 
of  titanium  hydrides. 


Summary 

Without  question,  titanium  base  materials  are  important  aerospace  structural  materials  because 
of  their  low  density,  good  mechanical  properties,  and  superior  corrosion  resistance.  In  the  form 
of  fiber  reinforced  composiies  and  as  titanium  aluminide  intermetallic  s,  they  show  promise  as 
high  temperature  structural  materials.  For  some  advanced,  hot  structure,  aerospace  vehicle 
applications,  their  use  can  be  considered  critical.  No  other  structural  material  offers  such  high 
specific  strength  and  stiffness  up  to  temperatures  approaching  1000°C  in  combination  with 
good  oxidation  resistance.  Problems  arise,  however,  when  hydrogen  comes  in  contact  with 
titanium  base  materials.  Titanium  has  a  great  affinity  for  hydrogen.  Unlike  most  other 
common  structural  materials,  hydrogen  has  a  greater  solubility  in  titanium  at  low  temperatures 
than  at  high.  Consequently,  it  is  difficult  to  remove  hyebogen  from  a  titanium  structure  once  it 
has  been  absorbed.  Structures  that  are  thermally  cycled,  if  hydrogen  saturation  is  not  achieved 
during  the  first  cycle,  will  continue  to  pick-up  additional  hydrogen  with  each  thermal  cycle 
until  saturation  is  achieved.  Great  quantities  of  hydrogen  can  be  absorb  by  some  titanium 


alloys,  particularly  at  moderate  temperatures.  Once  hydrogen  is  present  in  the  titanium  lattice, 
titanium  hydrides  can  be  precipitated.  Generally  speaking  the  hydrides  are  brittle  and  can 
degrade  the  mechanical  behavior  of  titanium  base  alloys,  particularly  at  lower  temperatures. 

Beta  phase  titanium,  a  common  matrix  material  for  fiber  reinforced  titanium  matrix 
composites,  has  been  shown  be  severely  degraded  by  the  exposure  to  an  elevated  temperature 
hydrogen  environment  Although  beta  phase  titanium  can  hold  large  quantities  of  hydrogen 
(-50  atomic  %)  in  solid  solution  before  hydrides  begin  to  precipitate,  equilibrium  hydrogen 
solubility  under  km  hydrogen  pressures  (-0.1  MPa)  is  very  large  and  hydrogen  pick-up  at 
elevated  temperatures  is  very  rapid.  The  precipitation  of  titanium  hydride  in  beta  titanium  can 
caure  severe  craclriag  and  dte  ultimate  ttistntegrarion  of  the  material  Hydrogen  concentrations 
in  die  beta  lattice  at  levels  below  the  hydride  solves  has  slso  been  shown  to  degrade  this 
material.  The  presence  of  hydrogen  has  a  strong  effect  on  die  ductile-«o- brittle  fracture 
transition  temperature  in  this  bcc  titanium  phase.  It  appears  that  hydrogen  can  lower  the 
fracture  stress  and  raise  the  transition  temperature  from  below  about -13CPC  in  a  hydrogen  free 
material  to  above  100*C  following  a  high  temperature,  low  pressure  hydrogen  exposure.  An 
exposure  of  a  silicon  carbide  fiber  reinforced  beta  matrix  composite  laminate  to  a  1.33  kPa  (10 
too)  hydrogen  environment  at  650°C  is  sufficient  to  significantly  degrade  room  temperature 
tensile  behavior. 

The  titanium  aluminide  intennetallics  (TijAl  and  TiAl),  although  originally  thought  to  be  fairly 
resistant  to  degradation  from  a  hydrogen  environment,  have  been  drown  to  be  significantly 
degraded  by  hythogen  as  well.  The  primary  mechanism  of  degradation  appears  to  be  the 
formation  of  titanium  hydride  phases.  The  alpha-2  intermetallic  (T13AI)  appears  to  behave  in  a 
manner  similar  to  alpha  phase  titanium.  Hydrides  readily  form  in  the  alpha-2  phase  and  can 
cause  severe  loss  in  ductility  both  during  exposure  to  a  low  pressure  (-0.1  MPa)  hydrogen 
environment  at  low  temperatures  and  after  low  pressure  hydrogen  charging  at  elevated 
temperatures.  The  gamma  intermetallic  (TiAl)  appears  more  resistant  to  hydrogen  than  the 
alpha-2  phase,  but  soil  can  be  degraded  by  the  formation  of  hydride  phases.  Degradation  has 
been  demonstrated  at  elevated  temperatures  during  exposure  to  a  high  pressure  (13.8  MPa) 
hydrogen  environment  and  at  room  temperature  after  an  elevated  temperature,  high  pressure 
hydrogen  pre-exposure.  Presently,  it  is  not  clear  whether  or  not  gamma  base  materials  will  be 
degraded  by  the  presence  of  a  low  pressure  hydrogen  environment 

At  present  titanium  base  materials  whether  in  die  form  of  a  metallic  matrix  composite  or  as  a 
titanit  m  aluminide  intermetallic,  when  used  in  hot  structure  applications,  appear  to  be 
incompatible  with  a  hydrogen  containing  environment  The  availability  of  a  light  weight 
structural  material  having  good  thermal-mechanical  behavior  and  a  demonstrated  compatibility 
with  hydrogen  appears  critical  to  the  success  of  many  future,  advanced,  hydrogen-fuel, 
aerospace  vehicles.  Without  question,  the  development  of  such  a  material  offers  a  significant 
challenge  to  the  high  temperature  materials  technologist 
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Ahstract 

Plasticity  enhancement  associated  with  surface  films  and  precipitates  or  dispersoids  in 
bcc  refractory  metals  is  operative  in  ordered  intermetallic  compounds.  Some  results  are  given 
for  NiAl-  and  MoSi2-based  materials.  The  monotonic  and  cyclic  plasticity  of  NiAl  at  room 
temperature  can  be  enhanced  by  surface  films.  Ductile  second  phases  also  enhance  the 
plasticity  of  NiAl.  MoSi2  exhibits  similar  effects  of  surface  films  and  dispersoids,  but 
primarily  at  elevated  temperatures.  The  plasticity  enhancement  is  associated  with  enhanced 
dislocation  generation  from  constrained  deformation  at  the  film-substrate  or  precipitate/ 
dispersoid-matrix  interface  of  the  composite  systems. 
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Introduction 


The  bcc  refractory  metals  Nb,  Ta,  Mo,  and  W  and  ordered  intermetallic  compounds 
such  as  NiAl  and  MoSi2  possess  many  desirable  engineering  properties,  especially  potentially 
high  strength  at  elevated  temperatures.  However,  a  major  difficulty  in  applications  as 
structural  materials  has  been  a  lack  of  adequate  toughness  at  relatively  low  temperatures  (1-3). 
These  malerisls  undergo  brittle- to-ductik  fracture  transitions  at  temperatures  from  well  below 
room  temperature  to  above  1000°C  that  are  dislocation-mobility  limited,  dislocation-density 
limited,  or  both.  The  brittle -to-ductile  transition  temperature  (BDTT)  can  be  associated  with 
thermal-to-athermal  dislocation  glide  transitions  or  with  the  onset  of  dislocation  climb  and/or 
diffusional  creep  prooesse$(l-4). 

Many  approaches  have  been  taken  to  reduce  the  BDTT  of  these  materials,  to  enhance 
plastic  flow,  and  to  obtain  increased  toughness  at  relatively  low  temperatnres(5,6).  We 
examine  two  methods  of  plasticity  enhancement,  viz.  surface  film  coatings  and  second  phase 
particles(3).  Such  results  have  demonstrated  that  the  ductility  of  bcc  refractory  metals  can  be 
greatly  enhanced  by  these  methods  because  a  combination  of  dislocation-mobility  and 
dislocation-density  limitations  can  be  overcome.  The  dislocation-mobility  limitation  follows 
from  the  large  difference  in  intrinsic  mobility  between  edge  and  screw  dislocations  in  the  bcc 
structure,  whereas  the  dislocation-density  limitation  arises  from  a  lack  of  surface  or  internal 
dislocation  sources(3,7).  For  NiAl,  there  does  not  appear  to  be  a  large  difference  in  edge  and 
screw  dislocation  mobility  for  <001>  glide  dislocations(8-10),  although  <1 1 1>  dislocations  in 
<001>-oriented  single  crystals  are  characterized  by  a  large  mobility  difference(ll).  For 
MoSi2,  insufficient  knowledge  exists  concerning  the  relative  mobilities  of  edge  and  screw 
dislocations  or  of  the  different  dislocation  types  <100>,  <110>,  j  <11 1>,  and  }  <331>(12). 
However  it  is  clear  that  there  is  negligible  dislocation  plasticity  below  ~900°C  at  normal  strain 
rates(13),  except  under  hardness  indentations(14). 

Experimental 

Most  experimental  procedures  have  been  described  in  other  papers  or  theses  given  as 
references.  Only  brief  descriptions  of  procedures  pertaining  to  results  described  in  this  paper 
are  given. 

Stoichiometric  polycrystalline  NiAl  for  fatigue  studies  was  prepared  by  hot  extrusion 
of  mild-steel-canned  castings  to  an  extrusion  ratio  of  6: 1  at  1150°C.  The  equiaxed  grain  size 
was  100  pm.  Texture  analysis  indicated  a  <11 1>  fiber  texture  of  2  to  3  times  random. 
Surface  film  coatings  involved  electroless  Ni  plating  at  85°C  to  a  thickness  of  170  nm(9,15). 
Specimens  of  a  Ni-30  at.%  A1  alloy  used  to  demonstrate  second-phase  toughening  of  NiAl- 
based  alloys  were  prepared  by  directional  solidification  (DS)  to  produce  a  two-phase  6  matrix 
of  composition  Ni-37  at.%  Al  with  either  discontinuous  or  continuous  aligned  y '  rods  of 
composition  Ni-27  at.%  Al.  The  B  phase  matrix  was  single  crystalline  with  a  [001]  orientation 
parallel  to  the  growth  direction.  The  y '  was  aligned  such  that  the  Kurdjumov-Sachs 
orientation  relationship  existed.  The  bulk  alloy  contained  about  40%  B  and  60%  y'.  The  DS 
Ni-30  at.%  Fe-20  at.%  Al  alloy  has  been  reported  on  in  other  papers(l,16-18).  It  is  a  lamellar 
fl+(Y  +T  0  single  crystal  composite  with  the  same  [001]  growth-oriented  fi  phase  and 
Kurdjumov-Sachs  orientation  relationship  between  the  B  and  y  phases.  The  y  +y  ' 
reinforcements  constitute  approximately  35  vol.%  of  the  composite  and  have  a  composition 
Ni-38%  Fe-13%  Al.  The  B  phase  has  a  composition  Ni-20%  Fe-30%  Al. 


Experiments  on  monolithic  MoSi2  were  done  on  powder  processed  materials.  Most 
experiments  were  performed  on  -325  mesh  powder  obtained  from  Cerac,  Incorporated,  with 
some  work  on  high  purity,  oxide-free  powders  prepared  by  mechanical  alloying  by  Dr.  R. 
Schwarz  of  Los  Alamos  National  Laboratory  (LANL).  Most  materials  were  tested  in  the  hot- 
pressed  condition,  although  some  materials  were  additionally  HIPcd.  The  approximately 
equiaxed  grain  size  was  about  30  |im,  and  the  materials  were  about  95-98%  of  theoretical 
density.  No  preferential  texture  was  noted.  Surface  film  coating  experiments  utilized  PVD 
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electron  beam  deposition  of  Z1O2  films  100  nm  thick  at  50 °C.  MoSi2-TiC  particulate 
composites  were  prepared  by  powder  processing.  TiC  powders  of  2.5-4  tun  size  with  the 
stoichiometry  TiCo.95  were  Ay  Mended  in  a  ball  mill  with  commercial  MoSi2  powders  in 
proportions  to  produce  various  MoSifrUC  composites.  These  materials  wetegiven  identical 
not  pressing/HIPing  treatments  given  to  the  monolithic  M0S12  materials.  The  composites 
were  usually  92  •  98%  dense.  The  grain  size  of  the  MoSi2  matrix  was  approximately  15-25 
Mm  in  these  materials.  The  TiC  particles  were  well  distributed  throughout  the  composite 
volume,  but  because  of  agglomeration  varied  from  5  Mm  to  45  Mm,  with  a  mean  size  of  10  Mm. 


Plastic  strain  controlled  fatigue  experiments  were  performed  on  polycrystalline  NiAl 
using  a  MTS  Model  810  servohydraulic  machine  and  experimental  methods  described 
elsewhere(9,15).  The  specimens  were  70  mm  in  length,  with  a  8  mm  grip  diameter,  3  mm 
gauge  diameter,  and  10  mm  gauge  length.  Plastic  strain  ranges  of  0.0002  -  0.0016  were  used. 
The  total  strain  rate  during  cyclic  deformation  was  Iff4  r1 .  All  tensile  and  compression  tests 
of  NiAl  and  Ni-30%  A1  and  Ni-30%  Fe-20%  A1  alloys  were  performed  on  an  Instron  Model 
1137  machine  at  cross  head  speeds  to  give  strain  rates  of  2-5  x  10*4  s'.  Tensile  specimens 
had  gauge  diameters  of  2-3  mm,  gauge  lengths  of  6-10  mm,  and  length-to-diameter  ratios  of  at 
least  3.  Co  >  pressioo  specimens  had  similar  gauge  diameters,  but  lengths  were  cut  to  maintain 
a  length-to-ddameter  ratio  of  2.  Most  mechanical  testing  of  MoSi2  and  MoSi2-TiC  composites 
was  done  in  compression  at  an  initial  strain  rate  of  Iff4  s_1  on  specimens  that  were  6  mm  x  3 
mm  x  3  mm  in  dimensions.  Tests  were  done  on  an  Instron  Model  4507  machine  in  argon  at 
950-1200°C.  Yttria  was  used  as  a  platen  lubricant  to  minimize  friction.  To  examine  surfV-e 
film  effects  in  ZrC>2-coated  M0S12,  we  used  microhardness  indentation  techniques.  Diamond 
Vickers  indentations  at  loads  of  1  kgf  were  made  at  temperatures  of  25-1300°C  with  a  Nikon 
QM  hot  hardness  tester,  with  at  least  five  measurements  made  at  each  temperature.  The 
MoSi2  specimens  were  coated  over  one  half  of  the  indentation  surface  so  that  hardness 
measurements  of  uncoated  and  coated  materials  could  be  made  on  the  same  specimen  at  the 
same  time. 


Materials  were  examined  by  light  optical,  scanning  electron,  and  transmission  electron 
microscopies.  Optical  and  SEM  methods  were  employed  to  determine  grain  size,  grain  shape, 
second  phase  structure  and  distribution  and  deformation  and  fracture  path  morphologies  on 
fracture  surfaces  and  side  surfaces.  Conventional  TEM  on  a  JEOL  2000FX  microscope  was 
used  to  determine  orientation  relationships  between  phases  in  the  two-phase  microstructures 
and  to  analyze  the  dislocation  substructures  in  each  phase.  High-resolution  TEM  (HRTEM) 
observations  of  the  atomic  structure  of  interfaces  in  two-phase  alloys  were  made  on  a  JEOL 
4000EX  microscope. 


This  paper  illustrates  that  surface  films  and  second  phase  particle?  enhance  the 
plasticity  of  ordered  intermetallic  alloys  in  the  manner  observed  for  bcc  refreotoiy  metals(3,7). 
We  present  new  results  on  low-cycle  fatigue  of  NiAl  and  on  monotonic  defortmition  of  NiAl- 
based  two-phase  alloys,  plus  new  observations  on  MoSi2  and  its  alloys.  The  intent  is  to 
demonstrate  that  elastic  and  plastic  constraint  afforded  by  strong  and  adhering  interfaces  can 
generate  dislocations  into  quasi-brittle  matrix  materials  and  afford  plasticity  that  would  not 
ordinarily  occur  in  the  uncoated  or  unalloyed  matrix(3). 


Several  papers  have  demonstrated  that  surface  films  on  NiAl  and  FeAl,  in  single 
crystal  or  polycrystalline  form,  can  enhance  the  plasticity  of  the  substrate  material  at  room 
temperature(l,3,9, 19-21).  These  effects  can  be  manifested  in  tension,  compression,  cyclic 
deformation,  and  (in  the  present  paper  for  MoSi2)  hardness  experiments.  The  usual 
manifestation  takes  the  form  of  reduced  yield  and  flow  stresses  and  increased  strain  to 
failure(19-21).  Figure  1  illustrates  an  additional  effect  of  surface  films  on  the  cyclic  stress 
asymmetry  of  polycrystalline  NiAl,  which  has  a  room-temperature  tensile  ductility  of  1%.  Ni 
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films  have  little  effect  on  the  monotone  tensile  or  compression  deformation  behavior,  bat  do 
change  the  magnitudes  of  the  tensile  and  compressive  peak  stresses  daring  low -cycle  fatigue. 
Note  in  Fig.  1  that  die  sign  of  the  stress  asymmetry  is  changed  by  the  application  of  die 
surface  film.  In  general,  the  effect  of  these  Ni  films,  which  induce  a  tensile  Areci  in  the 
substrate  material(9),  is  to  introduce  a  more  negative  stress  asymmetry.  The  mechanism  by 
which  die  stress  asymmetry  is  changed  has  not  been  determined. 


NUMBER  OF  CYCLES 
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1.  Peak  stress  vs.  accumulated 
strain  for  polycrystalline  MAI 
(100  pm  grain  size) 
illustrating  the  effect  of  a  170 
nm  electroless  Ni  film  on  the 
stress  asymmetry. 


Two  other  effects  of  cyclic  deformation  were  noted  in  experiments  on  uncoated 
materials(15,22).  [1]  Step  testing  of  MAI  indicates  that  cycling  at  lower  plastic  strain 
amplitudes  can  improve  the  cyclic  fife  achievable  at  higher  amplitudes.  [2]  Low  amplitude 
cyclic  prestrain  can  also  significantly  increase  the  monotonic  yield  and  ultimate  strength  of  the 
material,  as  shown  in  Fig.  2  for  monotonic  tension.  Note  that  most  of  die  tensile  ductility  of 
the  unpiestrained  material  is  retained  in  the  prestrained  material,  even  though  the  strength  is 
nearly  doubled  by  cyclic  prestrain  and  there  is  fractographic  evidence  of  accumulated 
intergranular  damage  from  the  cyclic  prestrain(lS).  Compressive  strengths  are  similarly 
enhanced  by  cyclic  prestrain  without  loss  of  monotonic  plasticity. 


CO 


co 


Fig.  2.  The  effects  of  cyclic  prestrain 
on  the  tensile  behavior  of 
polycrystalline  NiAl.  The 
cyclic  prestrain  is  given  as  the 
number  of  cycles  at  the  plastic 
strain  ranges  employed. 
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The  low  ductility  of  ft-NiAl  alloys  near  room  temperature  reflects  the  inability  to 
generate  and  move  a  sufficient  density  of  dislocations.  We  have  found  that  interphase 
boundaries  between  the  brittle  6- phase  matrix  and  ductile  y‘  and  y+y'  reinforcing  phases  in 
Ni-30%A1  and  Ni-30%  Fe-20%  A1 DS  alloys,  respectively,  are  effective  in  enhancing  plastic 
flow  of  the  ft  phase.  The  result  is  substantial  tensile  plasticity  of  the  composite.  Figure  3 
demonstrates  mat  both  the  binary  and  the  ternary  two-phase  microstroctures  exhibit  of  the 
order  10%  tensile  elongation  to  fracture,  even  though  the  unconstrained  matrix  materials 
exhibit  no  tensile  plasticity,  as  given  for  the  Ni  -  40%  A1  ft-phaae  alloy. 


Fig.  3.  True  stress  -  true  strain 
curves  in  tension  at  room 
temperature  for  a  ft  +  y '  Ni- 
30  at.%  A1  alloy  and  a  ft  +  (y 
+¥  0  Ni-30  at.%  Fe-20  at% 
A1  alloy.  For  both  materials, 
the  ft  phase  matrix  is  brittle 
in  the  unconstrained  state,  as 
shown  for  the  Ni-40  at%  A1 
alloy. 


Observations  of  slip  traces  and  dislocation  substructures  illustrate  the  effectiveness 
with  which  the  normally  brittle  ft  phase  undergoes  extensive  plastic  deformation  during 
constrained  deformation  it  receives  during  mechanical  testing  of  these  alloy  composites. 
During  deformation  of  the  composite,  the  plastically  softer  y'ory-ty'  phases  deform  first. 
Slip  impinges  on  the  interface  with  B  and  is  transferred  into  the  ft  phase,  which  undergoes 
appreciable  plastic  deformation  that  it  ordinarily  would  not  have  in  monolithic  form.  The  slip 
transfer  process  is  greatly  facilitated  by  the  favorable  alignment  of  slip  planes  and  slip 
directions  in  the  two  phases  afforded  by  the  Kurdjumo v-  Sachs  orientation  relationship. 


TEM  observations  of  the  interface  structures  in  the  NiAl-base  alloys  show  that  the 
ledge  and  facet  structure  of  the  interfaces  can  play  a  significant  role  in  facilitating  dislocation 
nucleation  into  the  ft  phase.  This  is  demonstrated  in  Fig.  4,  in  which  extensive  dislocation 
pile-ups  occur  at  the  interface  and  cause  nucleation  of  dislocations  into  the  ft  phase.  Although 
dislocation  nucleation  and  generation  into  the  ft  phase  occur  quasi-uniformly  along  the 
interface,  there  is  particularly  effective  nucleation  at  the  interfacial  facets,  afforded  by  the 
local  stress  concentration  such  steps  produce  under  an  applied  stress. 


Surface  Film  Effects:  MoS» 


In  many  respects,  NiAl  and  MoSi2  are  similar  types  of  dislocation-mobility  and/or 
dislocation-density  limited  materials.  Thus  we  also  investigated  possible  surface-film  and 
second-phase  sources  for  dislocation  generation  processes  in  MoSi2- 


Surface  film  softening  was  investigated  in  polycrystalline  MoSi2  which  was  coated 
with  0.1  Jim  thick  PVD- deposited  Zri>2.  The  two  different  substrate  materials  are  a  hot- 
pressed  material  of  commercial  powder  from  Cerac  and  a  hot-pressed  high  purity  material 
prepared  by  mechanical  alloying  at  LANL  (23).  Zrf)2  was  chosen  as  a  surface  film  because  it 
forms  adherently  on  MoSi2  by  low-temperature  PVD.  Petrovic  and  co-workers  (24)  have  also  j 
demonstrated  that  M0S12  composites  containing  Z1O2  particles  exhibit  toughening  that  is  not  j 
observed  in  Zrf)2-free  materials.  j 
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Fig.  4.  Bright  field  TEM  of  dislocation  substructures  in  the  B  +  (y+y  0  Ni-30  at.%  Fe-20  at.% 
A1  alloy  deformed  2%  in  compression,  showing  dislocation  nucleation  in  the  brittle  B 
phase  ahead  of  a  dislocation  pile-up  in  the  (y  +7  ')  phase  mixture.  Dislocation 
nucleation  is  seen  at  die  interfacial  facets. 
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The  experiments  to  investigate  surface  film  softening  of  MoSi2  by  ZrQj  films 
employed  hot-hardness  indentation  testing  at  25-1300°C.  Hardness  testing  utilizes 
deformation  under  a  large,  essentially  hydrostatic  compressive  stress  state  at  large  effective 
stresses  and  strain  rates.  Hence  dislocation  glide  plasticity  is  operative  throughout  this 
temperature  range  of  hardness  measurements(25).  Such  conditions  are  optimum  for 
observation  of  film  softening,  which  has  usually  beat  observed  in  bcc  refractory  metals  and 
B2  ordered  alloys  at  relatively  low  homologous  temperatures  where  the  temperature 
dependence  of  the  flow  stress  is  very  large  and  where  dislocation  glide  predominates 
(3,7,19,20).  In  MoSi2.  the  temperature  dependence  of  the  flow  stress  in  compression  is  very 
large  over  the  temperature  range  900-1400°C,  but  the  dominant  dislocation  mechanism 
changes  from  glide,  to  glide/climb,  to  climb,  to  diffusional  creep  with  increasing  temperature 
for  slow  strain  rate  monotonic  testing(4).  Consequently,  hardness  testing  offers  mechanistic 
simplicity  that  other  testing  does  not. 

The  results  of  experiments  on  the  two  hot-pressed  MoSi2  materials  are  given  in  Fig.  3. 
Both  uncoated  materials  exhibit  a  large  temperature-dependent  decrease  in  hardness  as  a 
function  of  temperature,  and  both  coated  materials  exhibit  a  much  smaller  hardness  relative  to 
that  of  the  respective  uncoated  materials.  The  amount  of  film-induced  softening  is  larger  for 
the  higher  purity  material,  as  expected(3).  Note  that  the  Zri)2  films  are  0.1  pm  in  thickness 
compared  to  hardness  indentation  depths  of  10  ±  5  pm.  Hence  the  hardness  test  samples 
almost  entirely  die  piastre  zone  of  the  substrate  and  not  film  properties.  Experiments  on  single 
crystals  are  underway  to  elucidate  the  role  of  film  properties  in  the  hardness  behavior  in  the 
film-coated  materials. 


Fig.  S.  Temperature  dependence  of  die  Vickers  hardness  of  uncoated  and  ZiC>2-coaied  M0S12. 

(a)  Commercially  pure  hot-pressed  MoS^-  (b)  Mechanical  alloyed  MoSq. 

Plasticity  Enhancement  from  Seeond-Phw  Ifltt&CaK  MflSb 

Internal  interfaces  associated  with  second- phase  precipitates  or  dispersoids  in  MoSi2 
should  be  capable  of  acting  as  effective  dislocation  sources  in  the  same  manner  as  for  bcc 
refractory  metals  and  B2  ordered  allcws(13).  We  have  been  successful  in  observing  enhanced 
dislocation  generation  and  plasticity  by  TIC  particles  in  MoS  12(26).  TtC  is  extremely  hard  at 
room  temperature,  but  deforms  appreciably  with  increasing  temperature  above  600-800°C.  At 
temperatures  above  900°C  as  a  particulate  addition  to  MoSi2.  it  undergoes  deformation  prior 
to  the  MoSi2  matrix  and  can  lead  to  enhanced  dislocation  generation  into  the  M0S12  in  the 
manner  illustrated  for  die  two-phase  NiAl-base  alloys.  An  example  of  dislocation  generation 
into  the  MoSi2  matrix  from  the  MoSi2-TIC  interface  is  given  in  Fig.  6  for  a  10%  TiC 
composite  deformed  5%  at  1150°C.  The  diffraction  conditions  preferentially  disclose 
dislocations  in  the  MoSi2  matrix.  Most  of  these  dislocations  are  of  the  <100>  type.  Note  the 
formation  of  an  extensive  low-angle  boundary  produced  by  dislocation  recovery  processes  in 
the  vicinity  of  the  TTC  particle.  These  boundaries  form  to  a  much  greater  extent  in  the 
composites  than  in  monolithic  M0S12  deformed  under  similar  conditions  and  are  associated 
with  more  effective  dislocation  generation  in  the  MoSi2-TiC  composites.  Such  processes 
allow  plastic  deformation  of  the  composites  at  lower  temperatures  than  the  monolithic 
material(26). 

Some  representative  mechanical  behavior  data  for  MoSi2  and  a  MoSi2-10%  TiC 
composite  are  given  in  Fig.  7.  These  materials  have  been  prepared  by  hot  pressing  and  HlPing 
to  produce  98%  of  theoretical  density  and  nearly  the  same  grain  sizes  (28  pm  and  25  pm, 
respectivelyHn  both  materials.  The  composite  has  a  larger  strength,  exhibits  greater  total 
plasticity  in  compression,  and  reaches  a  steady-state  of  zero  work  hardening  at  smaller  strains 
titan  the  monolithic  MoSi2.  The  MoSi2-TiC  composites  exhibit  some  plasticity  at 
temperatures  as  low  as  950°C,  whereas  comparable  M0S12  exhibits  completely  brittle  fracture 
with  no  plasticity  at  temperatures  below  1050°C(26). 


Fig.  6.  TEM  observation  of  dislocation  substructures  in  the  MoSi2  matrix  of  jl  MoSi2-10 
voL%  TiC  particulate  composite  deformed  5%  at  1 150°C.  B  *  [331],  g  =  1 10. 
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Fig.  7.  True  stress-true  strain  curves  for  hot 
pressed  and  HIPed  MoSi2  (dashed 
curves)  and  MoSi2  -  10%  vol.% 
TiC  composites  (solid  curves) 
deformed  at  1050°C  and  1150°C. 
Initial  strain  rate  islCHs-1. 
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We  have  demonstrated  enhanced  plasticity  of  NiAl,  M0S12.  and  selected  alloys  by  , 

surface  films  and  internal  interfaces  associated  win  second-phase  precipitates  or  dispersotds. 

For  NiAl,  additional  effects  of  surface  films  on  cyclic  stress  asymmetry  and  of  cyclic  prestrain 

on  monotonic  yield  and  tensile  strengths  and  ductility  have  been  observed.  The  observed  ' 

enhancements  of  plasticity  by  surface  films  and  second  phases  occur  because  of  the  conditions 

of  constrained  deformation  at  the  film-subetrate  and  particle-matrix  interfaces  which  are  j 

effective  in  introducing  glissile  dislocations  into  the  otherwise  brittle  substrate/matrix 

material.  These  observations,  made  initially  on  bcc  refractory  metals,  offer  hope  that 

optimized  mkrostructural  control  of  such  systems  will  lead  to  enhanced  toughness  in  future  t 

engineering  applications 
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Abstract 


A  group  of  national  laboratories,  universities  and  member  companies 
have  been  challenging  a  scries  of  tough  research  areas  concerning 
advanced  materials.  used  by,  for  example,  space  planes,  and  hypersonic 
aircraft  to  withstand  the  severest  of  environments.  This  project  was 
initiated  in  1989  as  an  eight-year  national  project.  Two  kinds  of  inter- 
metallic  compounds,  Ti-Al  and  Nb-Al  have  been  studied  in  the  following 
areas: 

Ti-Al  ▼  the  compound's  fundamental  characteristics, 

▼  design  of  the  material, 

▼  technologies  for  sheet -casting,  isothermal-rolling  and 
superpiastic  deformation. 

Nb-Al  ▼  the  compound's  fundamental  characteristics, 

T  design  of  the  material, 

▼  precision  casting  technique 

▼  technologies  for  alloy  powdering  and  forming. 

The  authors  briefly  review  all  RID  activities  and  achievements 
obtained  so  far,  focusing  on  these  iutermetallics. 
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Introduction 


Towards  realization  in  the  early  part  of  the  21st  century,  various 
research  and  development  projects  are  just  under  way  in  Japan;  in  the 
field  of  aeronautics  and  space,  space  plane,  supersonic  transport  (SST) 
and  high  speed  civil  transport  (HST) .  in  the  field  of  energy,  integrated 
coal  gasification  combined  cycle  (IGC)  and  thermonuclear  power  plants. 

Ihese  projects  obviously  require  a  variety  of  advanced  materials 
which  can  withstand  extremely  severe  environments,  for  example  high 
temperatures  (1,000  ~  2,000*0  in  an  oxidizing  atmosphere.  Furthermore, 
high  specific  strength  and  high  rigidity  are  also  prerequsite  in  the 
field  of  aeronautics  and  space,  while  conventional  materials  can  not 
provide  all  these  characteristics  at  the  same  time.  In  order  to  develop 
these  types  of  materials,  enormous  funds  for  RAD  and  great  divergence  in 
long-term  RAD  such  as  in  material  design,  evaluation  technology  , 
application  technology,  etc.  are  necessary.  Moreover,  this  type  of 
research  is  so  risky  that  we  strongly  need  RAD  conducted  under  close 
cooperation  between  industry,  government,  national  laboratories  and 
universities,  and  international  cooperation. 

The  "high  performance  materials  for  severe  environments"  project 
started  as  an  eight-year  national  project  in  October, 1989,  based  in  part 
on  UITI's  (Ministry  of  International  Trade  and  Industry)  Research  and 
Development  Program  on  Basic  Technologies  for  Future  Industries,  known 
by  its  Japanese  acronyi  "JISEDAI". 

In  this  paper,  we  will  outline  the  project  and  the  achievements 
obtained  so  far,  focusing  primarily  on  intermetallics. 


Organization  of  R&D 

In  1987  the  Agency  of  Industrial  Science  and  Technology  (AIST) ,  a 
division  of  MITI,  studied  46  basic  technologies  which  are  expected  to 
flourish  in  the  21st  century.  There  was  also  a  proposal  that  some  inter¬ 
metallics  and  composites  should  be  developed,  and  processes  for  near- 
net  shaping  and  joining  should  also  be  researched.  This  sparked  a  study 
meeting  on  the  materials.  RIMC0F  played  a  major  role  in  forming  a 
feasible  study  group  of  industry,  government  and  national  laboratories, 
and  universities  in  the  latter  half  of  1987.  The  group  published  a 
report  in  Japanese  entitled  "The  state  of  the  art  and  issues  on  high 
performance  materials  for  severe  environments".  The  Materials  Process 
Technology  Center  of  Japan  and  RIMC0F  also  issued  a  book  reviewing 
fundamentals  and  possible  applications  of  intermetallics  for  structures 
and  RAD  achievements  in  March  1989. 

After  the  study  and  public  relations,  dozens  of  RAD  organizations 
showed  a  strong  desire  to  be  involved  and  they  were  evaluated  as 
potential  members  of  the  project.  Thus,  the  national  project  was 
initiated  under  the  auspices  of  AIST,  by  the  organization  stated  below, 
in  fiscal  year  1989  (Fig.  1) . 

Following  is  a  list  of  RAD  groups  and  their  research  themes. 

(1)  Mechanical  Engineering  Laboratory  : 

Stirring  synthesis  and  microstructural  control  of  Ti-Al 

(2)  Government  Industrial  Research  Institute,  Nagoya  : 

Injection  molding  of  Ti-Al 

(3)  National  Research  Institute  for  Metals  : 

Microstructure  and  properties  of  Ti-Al,  and  fundamentals  of  Nb-Al 

(4)  Kyoto  University  :  Fundamentals  of  rolling  Ti-Al 

(5)  Institute  for  Materials  Research,  Tohoku  University  : 

Fundamentals  of  Nb-Al  alloy 

(6)  Crucible  Materials  Corporation  : 

Fundamentals  of  HIP  and  pressing  media  for  Nb-Al  powder 

(7)  Daido  Steel  Co.  .Ltd.  : 

Fundamentals  of  ceramic  mold  materials  under  HIP  consolidation  for 
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Figure  1  -  Organization  for  the  Project 


Table  I  Schedule  for  RID 


Interaetallic 

1989  1990  1991  1992 

1993  1994  1995  1996 

Ti-Al 

Development  of  material 
design,  aanufacture  and 
processing  technologies 

Establishment  of  technologies 
for  better  material  design, 
material  aanufacture  and 
processing 

Nb-Al 

Basic  studies  on  material 
design,  aaterial 
aanufacture  and  processing 
technology 

Establishment  of  technologies 
for  material  design,  material 
aanufacture  and  processing 

Nb-Al 

(8)  Hitachi, Ltd.  : 

Fundaaantals  of  surface  treatment  and  processing  for  Nb-Al 

(9)  Ishikawajima-Harima  Heavy  Industries  Co. , Ltd.  : 

Powder  Rolling  of  Nb-Al 

(10)  Kobe  Steel, Ltd.  : 

Sheet-casting  and  isothermal  rolling  of  Ti-Al 

(11)  Nippon  Steel  Corporation  : 

Material  design  of  Ti-Al  and  Nb-Al 

(12)  Mitsui  Engineering  t  Shipbuilding  Co. ,  Ltd.  : 

Melting  and  casting  of  Nb-Al 

(13)  Mitsubishi  Heavy  Industries, Ltd. 

Plastic  defoliation  and  heat-treataent  of  Ti-Al 
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(14)  Mitsubishi  Materials  Corporation  : 

Plasaa-aelt-gas  atoaization  of  fft>-Al 

A  long-ten  schedule  has  been  also  detenined  for  the  project  -  see 
Table  1.  The  eight-year  rariod  consists  of  the  first  phase  (FY  1989-1992) 
and  the  second  phase  (FY  1993-1996) .  In  the  foraer,  along  with  aaterial 
design  of  interaetallics,  (Ti-Al  and  Nb-Al  systeas) ,  technologies  for 
casting,  powdering  and  processing  of  the  designed  interaetallics  were 
developed.  In  the  latter,  based  upon  the  achieveaents  of  the  first  phase, 
aaterial  design  will  be  refined  and  the  technologies  will  be  established. 


Target  of  Research  and  Development 

Taking  into  account  competition  and  the  kinds  of  aaterials  already 
under  developaent,  the  following  interaetallics  and  research  targets  have 
been  chosen. 

(1)  Interaetallics  with  high  specific  strength  (Ti-Al  systea) 
•Specific  strength  (strength/specif ic  gravity)  of  aore  than 

100MPa/g/ca*  at  1100T: 

•Elongation  of  aore  than  3%  at  rooa  teaperature 

(2)  Interaetallics  with  high  Belting  point  (Nb-Al  systea) 

•Tensile  strength  of  aore  than  75MPa  at  1800  °C 
-Elongation  of  aore  than  3%  at  rooa  teaperature 


Interim  Findings  of  RfeD 

Four  years  of  research  on  the  high  level  of  targets  of  the  project 
have  brought  forth  various  findings.  The  following  are  brief  reviews. 

1.  Interaetallics  with  high  specific  strength:Ti-Al  systea 

(1)  Stirring  synthesis  and  aicrostructural  control 

Firstly,  the  aicrostructural  control  of  interaetallics  for 
structural  applications  was  studied  by  stirring  synthesis  of  Cu-Al  alloys 
(Cu-37wt%Al  and  Cu-46wtXAl) .  The  Belts  of  the  alloys  were  allowed  to  flow 
down  onto  a  polygonal  rotor  rotating  at  a  high  speed  of  aax.  167s"' 
around  the  horizontal  shaft  in  a  heat-controlled  vessel.  As  the  rotor 
spattered  the  aelts,  aany  priaary  crystals  foraed  in  the  spattered 
droplets  were  refined  with  repeated  collisions  against  the  rotor  surface 
and  the  inner  wall  of  the  vessel  by  the  stirring  action  of  the  rotor, 
rotating  at  high  speeds.  Then,  the  slurry  alloys  of  gathered  seai- 
solidified  droplets  were  poured  down  into  a  aetallic  sold  through  a 
taphole  at  the  bottoa  of  the  vessel.  Microstructural  observation  revealed 
extreme  refineaent  of  the  alloys. 

Based  on  the  preparatory  experiaent,  a  new  vacuua  stirring  synthesis 
apparatus  was  aade  for  the  Ti-Al  systea.  The  aodified  rheocasting  process 
of  the  rotation  of  the  stirrer  at  a  speed  of  aax. 70s'1  produced  another 
extreae  hoaogeneous  refineaent  of  priaary  grains  in  an  interaetallic 
compound  Ti-44atXAl,  under  a  pressure  of  0.  IMPa  argon  gas.  The  grain  size 
was  2.2  ±1.3  ua  in  major  axis  and  1.0±1.3  u a  in  ainor  axis  (Fig. 2). 

The  aicrostructural  control  of  titaniua  aluainides  was  also  studied 
by  powder  aetallugy. 

(2)  Injection  aolding 

In  the  first  place,  pellets  bound  by  a  binder  consisting  of  wax  and 
acrylic  resin,  confined  the  possibility  of  injection  aolding  TiAl  powder 
for  near-  net  shape  of  the  interaetallics.  Dewaxing  in  an  inactive 
ataosphere  such  as  argon  or  nitrogen  iaproved  sintering  for  the  green 
body  of  the  interaetallics.  Under  a  10'4  torr  vacuua  at  around  1400T, 
sintering  was  aade  with  few  deformations.  The  relative  density,  however. 


Figure  2  -  Microstructure  of  Ti-44at%Al  ingot 
stircast  at  a  high  rotation  speed81 

was  around  90%,  which  indicates  the  necessity  of  soae  further  treatment 
like  HIP  in  order  to  obtain  better  sintering  and  higher  density.  Adoption 
of  finer  powder,  addition  of  third  alloying  elewents,  and  so  forth  are 
also  prerequsites  for  better  Mechanical  properties  of  the  sintered  body. 

Furtheraore,  addition  of  a  saall  aaount  of  the  third  eleaents,  Cr 
and  Ni,  to  the  Ti-Al  powder  were  tried,  resulting  in  unsatisfactory 
densities  and  tensile  strength. 

(3)  Microstructure  and  properties 

An  as-cast  Ti-48at%Al  with  laaellar  and  r  grains  changed  its  voluae 
fraction  of  the  r  grains  froa  0  to  80%  with  heat-treataent  in  a 

teaperature  range  of  1473K  to  1673K.  The  ductility  at  rooa  teaperature 
increased  with  ther  grain  voluae  fraction,  but  not  with  the  grain  size. 
The  tensile  elongation  of  1.2%  was  obtained  for  the  speciaen  with  the  r 
voluae  fraction  of  80%.  When  the  alloy  hoaogenized  at  1473K  was  reheated 
at  1623K,  a  phase  precipitated  in  r  grains  in  Widaannstatten 
configuration  and  the  tensile  elongation  increased  to  1.8%. 

A  three-step  isotheraal  forging  was  carried  out  for  Ti-43  ~ 
52at%Al  :  firstly  at  1473K,  secondly  at  1273K  changing  the  loading 
direction  of  the  speciaen  by  90  °  ,  and  lastly  at  1273K  changing  once  Bore 
the  loading  direction  by  90°  .  By  coabination  of  the  three-step  forging 
and  subsequent  heat-treataent,  equiaxial  a 2  and  r  grains  with  a 
diaaeter  of  5  to  300  ua  were  obtained.  The  yield  strength  of  these 
alloys  was  as  follows:  at  rooa  teaperature  it  increases  with  decreasing 
grain  size  and  an  increasing  voluae  fraction  of  a  *  phase.  At  1273K  it 
decreases  with  decreasing  grain  size,  and  its  aaxiaua  is  estiaated  to  be 
about  190MPa.  Superplastic  elongation  attaining  several  hundred  percent 
was  observed  at  elevated  teaperatures  in  the  Ti-46at%Al  alloy  with  the 
finest  grain  size. 

Strengthening  by  alloying  was  studied  (Fig. 3).  The  addition  of  a 
saall  aaount  of  Sb  (0. 5%)  increased  the  yield  strength  at  1273K  to  about 
230MPa. 

A  new  electrolytical  etching  technique  which  dissolves  only  r  phase 
was  developed.  Although  this  aethod  scarcely  indicated  any  distinct 
difference  in  aicrostructure  for  the  Ti-48  ~52at%Al  which  contained  400 
— 2000wt.ppa  of  oxygen,  the  a  a  phase  of  the  the  oxygen-rich  ingots 
generally  tended  to  have  coaser  and  aore  peculiar  configuration,  and  fora 
aore  divided  dendrite. 

Si-added  Ti-50at%Al  showed  better  oxidation  behavior  at  elevated 
teaperatures  (1173  and  1223K) .  When  l%Cr,  1%Y  and  l%Mn  were  added  to  Ti- 
50at%Al,  degradation  of  oxidation  resistance  was  generated.  The  study  of 
the  effect  of  the  surface  condition  on  the  speciaens  on  oxidation 
behavior  in  air,  revealed  an  iaproveaent  by  the  existence  of  deforaed 
layers  on  the  surface  at  teaperatures  up  to  1123K.  However,  the  effect 
coapletely  vanished  at  higher  teaperatures  (Fig. 4) . 
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(4)  Material  design 

For  the  study  on  fundamental  mechanical  properties  of  TiAl,  the 
compositions  of  A1  in  the  intermetallics  sere  changed  systematically  to 
examine  phase  stability,  microstructure  and  mechanical  properties.  High 
temperature  X-ray  analysis  revealed  that  a  phase  appeared  at  a 
temperature  above  125<TC  in  Ti-49at%Al,  which  concurs  with  a  recently 
revised  Ti-Al  phase  diagram  (Fig. 5) .  Furthermore,  it  was  found  that 
morphology  of  TiAl  strongly  depends  on  its  composition  and  affects  the 
mechanical  properties.  Among  the  Ti-Al  intermetallics,  Ti-48at%Al  showed 
relatively  good  overall  properties. 

The  addition  of  a  third  element  X  (X-V,  Cr,  Mn,  Nb,  Mo  and  Ta) 
caused  a  change  in  phase  equilibria  among  the  r  ,  a  a (Ti3Al)  and  0 
(bcc-Ti)  phases; the  0  phase  is  stabilized  by  the  addition  (except  X=Ta) , 
resulting  in  a  drastic  change  in  microstructure.  The  Ti-Al-Mo  system 
showeo  a  unique  behavior;  the  0  phase  region  protrudes  toward  the  a 
phase  region  around  1200  *C  in  the  ternary  phase  diagram.  The  0  phase 
contained  in  specimens  quenched  from  high  temperature  has  a  long-range 
ordering  structure,  which  is  different  from  the  B2  structure. 

Utilization  of  phase  diagrams  is  essential  to  understanding  the 
effects  of  microstructure  on  the  mechanical  properties  of  the  inter- 
metallics.  Based  on  the  experimental  results,  Ti-Al-Mo  and  Ti-Al-Nb 
ternary  phase  diagrams  have  been  proposed.  Consideration  on  the  binary  and 
ternary  phase  diagrams  leads  to  accurate  information  about  phase 
stability  and  microstructural  control. 

The  relationship  between  microstructure  and  tensile  elongation  of 
the  TiAl  has  been  examined  in  detail.  Most  of  the  specimens  showed 
cleavage-like  fractures  at  room  temperature.  It  was  revealed  that  plastic 
elongation  increased  proportionally  with  decreasing  cleavage  facet  size. 
Crack  initiation  sites,  which  correspond  to  catastrophic  failure  later, 
were  found  mostly  on  the  surface  of  tensile  specimens.  At  high 
temperatures, microstructure  and  morphology  of  a  secondary  phase  played  an 
important  role  in  improvement  of  elongation  and  strength.  Preliminary 
results  of  mechanical  properties  of  the  Ti-Al-X  suggest  that  Ta  and  Nb 
addition  would  increase  the  high  temperature  strength  of  TiAl. Furthermore, 
the  precipitated  0  phase  at  grain  boundary  considerably  improved  high 
temperature  deformability.  These  results  strongly  suggest  that  the 
mechanical  properties  of  TiAl  can  be  greatly  improved  by  microstructural 
control. 

(5)  Sheet-casting  and  isothermal  rolling 

Fundamental  aspects  of  melting,  solidification  and  high  temperature 
deformation  of  TiAl  have  been  studied  in  order  to  develop  the  manufactur¬ 
ing  process  of  TiAl  sheet  using  isothermal  rolling. 

The  test  result  suggests  that  a  skull  melting  process  be  adopted  for 
the  TiAl  because  the  use  of  the  crucible  made  from  CaO  resulted  in  a  high 
oxygen  content  of  800 — 1400  ppm.  The  melting  process  using  the  "sheet- 
caster",  which  adopts  the  cold  crucible  induction  method  gives  good 
uniformity  of  the  TiAl  due  to  little  contamination  from  the  crucible. 

Dendrite  arm  spacing  of  ingots  is  reduced  with  an  increased  cooling 
rate  from  a  molten  state.  Microstructure  in  dendrite  arms  in  an  as-cast 
state  is  a  lath  structure  irrespective  of  Al-  content.  The  interdendrite 
consists  of  only  r  phase  in  the  high  Al  alloys  and  r  +  a  *  phase  in  the 
low  Al  alloys.  Heat-treatment  at  1523K  produces  a  massiver  structure. 
The  reduction  of  Al-content  and/or  the  addition  of  Cr,  Mn  and  V  suppress 
the  formation  of  a  massive  structure,  resulting  in  a  mostly  lath  micro- 
structure. 

High  temperature  flow  stress  i1?  greatly  affected  by  composition, 
morphology  of  microstructure, deforaatic  temperature  and  strain  rate.  The 
increase  in  Al  content  brings  about  tae  decrease  of  peak  stress  and  the 
increase  in  m-value  and  recrystallization  rate.  These  lead  to  the 
improvement  of  hot  workability  of  the  alloy.  However,  the  effect  of 
dendrite  arm  spacing  on  the  flow  stress  is  rather  small. 
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According  to  another  fundaaental  study  of  aicrostructural  control  of 
TiAl,  grain  refineaent  of  r  single  phase  easily  takes  place  through 
therao-aechanical  processing.  However,  the  laaeilar  structure  coaposed  of 
y  +  a  a,  which  is  observable  in  the  Ti-rich  composition  is  very  stable, 
even  when  heated  up  to  1473K.  The  two  phase  structure  of  y  +  a  a  rarely 
recrystallizes  because  of  its  thermal  stability. 

The  rolling  technology  is  now  under  development  using  an  isothermal 
rolling  aill  which  has  been  specially  designed  and  installed  (Fig. 6). 


Fig. 6.  Isothermal  rolling  aill 

(6)  Plastic  deforaation  and  heat-treatment 

It  is  important  to  improve  the  plastic  formability  of  TiAl  by 
optimizing  the  manufacturing  process  of  the  sheets.  Plastic  deforaation 
behavior  of  the  interaetallics  was  studied  from  the  view  points  of 
chemical  compositions  and  aicrostructures  in  order  to  understand  the  main 
factors  to  be  controlled  for  manufacturing  TiAl  sheets.  As  a  result, 
plastic  deforaation  characteristics  of  TiAl  are  strongly  affected  by 
chemical  compositions  in  the  as-cast  condition,  because  the  micro- 
structures  are  different  from  each  other.  Refinement  of  the  micro- 
structures,  which  brings  about  an  increase  in  m-value  and  a  decrease  in 
deforaation  stress,  is  a  most  effective  factor  for  improving  formability 
of  TiAl  sheets,  as  compared  with  as-cast  and  as-forged. 

Grain  size  dependence  of  plastic  flow  properties  and  tensile 
strength  at  elevated  temperature  is  studied  for  TiAl  with  equiaxed  grain 
structures.  Along  with  the  initial  grain  size,  grain  size  stability 
during  deforaation  is  a  significant  factor  in  improving  the  plastic  flow 
property.  For  Ti-48atXAl-lXMn,  the  grain  size  stability  during 
deformation  is  so  poor  that  the  plastic  flow  property  is  not  good  even 
with  a  very  fine  initial  micro-  structure.  For  example,  the  plastic  flow 
property  of  a  fine  grain  material  (d=20ua)  was  quite  similar  to  that  of 
coarse  grain  one  (d=100am) .  On  the  other  hand,  Ti-46atXAl  exhibits 
better  grain  size  stability  and  superior  plastic  flow  property  to  the  Ti- 
48at%Al-lXHn.The  former  contains  considerable  amounts  of  a  i  phase  which 
presumably  contributes  grain  size  stability.  High  temperature  tensile 
strength  is  significantly  affected  by  grain  size.  The  larger  the  grain 
size,  the  higher  the  tensile  strength  above  800TC.  Therefore,  the  grains 
of  TiAl, which  are  initially  controlled  to  be  finer  for  better  formability, 
should  be  coarsened  for  high  temperature  service. 

The  effects  of  chemical  composition  on  superplasicity  were  studied 
by  using  binary  TiAl  (Ti-45,  46,  47,  48  and  49  atXAl),  whose  micro- 
structures  were  finely  controlled  by  therao-aechanical  treatment.  Among 
the  materials,  the  plastic  flow  properties  of  the  Ti-46atXAl  was  best  due 


to  the  finest  dual  phase  equiaxial  structure  (d  <  6 us)  which  was 
sustained  during  deformation.  . 

Microstructures  of  TiAl  after  heat-treataent  are  significantly 
affected  by  the  teaperature  of  the  heat-treataent,  while  tensile 
properties  depend  on  the  aicrostructures.  The  materials  heat-treated  just 
above  the  a-transus  temperature  showed  high  tensile  strength  at  1000  *C 
and  good  ductilities  at  room  temperature,  290MPa  and  2.9%,  respectively 
(Fig.  7). 


Heat  Treatment  Teaperature  (°C) 


Figure  7  -  Effect  of  heat-treatment  on  tensile 
properties  of  Ti-46at%Al  B> 

2 .  Intermetallics  with  high  melting  point :Nb-Al  system 
(1)  Fundamentals  on  Nb-Al  alloy 

Preliminary  experiments  were  carried  out  to  obtain  information  on 
the  various  effects  from  alloying  elements.  Sound  buttons  were  procured 
for  Nb-20at%Al  alloys  alloyed  with  Mo,  Ta,  and  1  and  Nb-16at%Al  alloys 
alloyed  with  Co,  Ni  and  Si,  respectively.  Nb-24at%Al  alloy  and  Nb-20at%Al 
alloys  alloyed  with  Hf  or  Cr  were  found  to  suffer.  A  small  piece  of  96% 
theoretical  density  was  successfully  produced  by  HIP-consolidation  of  a 
commercial  powder  (Nb-8. 41wt%Al) .  The  powder  of  under  100  mesh  started  to 
oxidize  at  about  40(TC  and  ignited  at  about  800*0  in  the  oxygen  gas  of 
normal  pressure. 

Further  systematic  studies  were  carried  out  on  effects  of  alloying 
elements  on  melting  behavior,  the  phase  boundary  between  A1 5-one-phase 
and  A15/A2 -two-phase  regions,  hardness  and  vulnerability  to  gases  of  the 
Mb-rich  side  of  Nb-Al  binary  system.  The  original  phase  boundary  of  the 
binary  system  is  located  nearer  the  Nb  side  than  reported  in  other 
literature  (Fig. 8).  Alloying  with  Ta  and  V  stabilized  the  two-phase 
structure,  while  alloying  with  Mo  stabilized  the  single  phase  structure. 
The  two-phase  structure  is  more  resistant  to  crack  propagation  than  the 
one-phase  structure.  Weight  change  of  Nb-Al  binary  alloys  with  various 
A1 -contents  is  observed  in  a  thermobalance  at  various  temperatures  in 
oxygen,  in  commercial  nitrogen,  or  in  a  Ni-20%0*  gas  mixture.  The  alloys 
are  far  more  vulnerable  to  chemical  attack  by  these  gases  as  compared 
with  TiAl  or  Ni«Al. 
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Figure  8  -  X-ray  diffraction  patterns  of  selected  alloys  81 
(see  arrow  at  6=70  *  ;  (211)  peak  of  the  A2  phase) 


(2)  Material  design  of  Nb~Al 

A  new  type  of  X-ray  systea  was  installed  for  exclusively  deteraining 
the  phase  diagraa  of  the  Nb-Al  systea  at  high  teaperature.  It  consists  of 
a  high- teaperature  heating  systea  (aax.  2000  <3  )  and  an  ataosphere 
controller.  Structural  analysis  is  carried  out  by  an  iaproved  X-ray 
diffraction  technique  which  coabines  angle  dispersion  with  energy 
dispersion  in  aeasureaent. 

Soae  Nb-Al  coapounds  were  prepared  in  coabination  with  aelting  and 
heat-treataent,  and  then  examined-  by  an  optical  aicroscope  and  the  X-ray 
diffraction.  It  is  revealed  that  Nb-29.2atXAl  is  coaposed  of  NbsAl  and 
NbsAl  and  that  the  atoaic  ratio  NbsAl/  NbsAl  is  over  6.  It  was  also  found 
that  the  NbsAl  interaetallic  coapound  (A15  structure)  appeared  as  a 
stable  single  phase  between  20atXAl  and  23atXAl  after  annealed  at  1600  1C. 
This  indicates  that  the  stable  NbsAl  phase  exists  off  stoichioaetry 
coaposition  at  rooa  teaperature.  Based  on  the  current  experiment,  a 
tentative  Nb-Al  binary  phase  diagraa  was  proposed.  The  single  phase  is 
narrower  than  the  ones  ever  reported  and  does  not  contain  a  stoi¬ 
chioaetry  coaposition  of  A15-type  structure,  Nb-25atXAl. 

The  aechanical  properties  of  the  Nb-Al  alloys  were  also  examined. 
According  to  a  high  teaperature  hardness  test,  single  phase  NbsAl  which 
was  produced  by  plasaa  arc  aelting  is  very  brittle  between  rooa 
teaperature  and  1000  1C,  and  it  becomes  deforaable  above  11001D.  Brittle¬ 
ness  changes  with  A1  content.  By  aeans  of  a  hardness  test  at  rooa 
teaperature,  the  coaposition  of  ductile  brittle  transition  of  the  Nb-Al 
systea  was  found  to  be  Nb-16atXAl.  By  increasing  A1  content  from  16  to 
25at%,  the  value  of  aicrohardness  showed  a  remarkable  increase  up  to 
llOOHv  (Fig. 9). 

(3)  Melting  and  casting  of  Nb-Al 

Concerning  the  manufacturing  process  of  Nb-Al,  precision  casting 
and  powder  metallurgy  can  be  applied  to  the  interaetallics.  Melting 
aethods,  mold  materials  and  fundamentals  of  the  interaetallics  for 
precision  casting  were  studied. 

For  the  aelting  of  Nb-Al,  high  purity,  hoaogeneity  and  accurate 
control  of  coaposition  are  required.  In  this  respect,  various  skull  aelt¬ 
ing  processes  for  the  interaetallics  were  studied.  As  a  result,  an 
advanced  Induction  Skull  Melting  (ISM)  furnace  with  a  capacity  of  aax.  5kg 
(iron  equivalent)  has  been  developed.  Using  the  ISM,  hoaogeneity  of  Nb-Al 
ingots  and  the  possibility  of  aelting  achieving  accurate  control  of 
coaposition  were  confined. 

Thermodynamic  stability  for  the  aolten  Nb-Al  and  high-teaperature 
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Figure  9  -  Effect  of  A1  content  on  aicrohardness  in  Nb-Al  •’ 


Figure  10  -  Effect  of  A1  content  on  coapression  0.2%  proof 
stress  of  Nb-Al  binary  compounds  (1500”C)  81 


stability  are  required  in  the  sold  aaterials  for  the  interaetallics.  High 
aelting  point  oxides  such  as  CaO,  MgO,  ZrOi.and  graphite  were  prepared  as 
aold  aaterials  to  investigate  reactions  vith  the  aolten  Nb-Al. As  a  result, 
YiOs,  HfOai  and  CaO  proved  to  be  aost  suitable  as  aold  aaterials  owing  to 
their  theraodynaaic  stability  for  the  aolten  Nb-Al. 

Another  fundaaental  study  on  the  interaetallics  was  carried  out  to 
understand  the  basic  properties  of  the  aolten  Nb-Al  and  the  solid  phase 
of  Nb-Al  by  changing  A1  content  in  the  binary  alloy  systeaatically.  As  a 
result,  a  stoichioaetric  Nb-25at%Al  showed  300MPa  of  0.2%  proof  stress  on 
a  coapression  test  at  1500  V  as  the  highest  value  (Fig. 10) . 
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(4)  Plasaa-aelt-gas  atomization  of  Nb-Al 

To  start  the  work  for  rapidly  soldified  niobiua-aluainides  (near 
NbaAl),  sophisticated  plasaa-skull-aelting  equipment  has  been  installed 
for  the  production  of  Belting  stock.  The  equipaent  can  be  pressurized  up 
to  0. 3MPa  of  argon,  heliua  and/or  their  mixture  to  eliainate  A1 
vaporization  during  melting.  It  was  confirmed  that  pressurizing  the  Belt¬ 
ing  ataosphere  to  approximately  0.25MPa  can  minimize  A1  vaporization 
during  the  melting.  After  a  series  of  studies,  a  unique  Plasaa-Melt-Gas- 
Atoaization  process  (PMGA)  was  established  in  a  laboratory  scale  of  30kl 
plasma  and  lOOg/charge.  In  this  technique,  only  water-cooled  copper  is 
used  as  a  tundish  for  bottom-pouring, instead  of  conventional  refractories 
or  refractory  metals.  The  crystal  structure  of  PMGA'ed  Nb»Al  powder 
consists  of  a  mostly  Al-saturated  solid  solution  of  Nb(bcc),  with  a  mean 
diameter  of  around  100  ua  (Fig.  11).  The  gas  content  was  sufficiently  low, 
and  besides  the  PMGA'ed  NbaAl  powder  was  soft  and  ductile, while  a  plasma- 
melted  ingot  was  hard  and  very  brittle.  This  fact  mean  that  the 
solidification  rate  of  the  process  is  extremely  high. 

To  confirm  capabilities  of  the  process  and  to  supply  the  members  of 
the  project  with  necessary  amounts  of  the  powder,  a  pilot-scale  facility 
with  a  bottom-pouring  nozzle  made  of  graphite  and  heated  by  induction  was 
installed  (450kl,  5  kg/ charge) ,  and  has  been  tested  for  atomization.  Since 
a  fair  amount  of  carbon  was  detected  in  the  powders,  it  is  urgently 
necessary  to  change  it  to  a  water-cooled  type  copper  nozzle,  which  is 
currently  available  only  for  laboratory-scale  PMGA  equipaent. 
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Figure  11  -  SEN  image  of  PMGA'ed  powders  of  pure 
NbsAl  produced  by  pilot-scale  atomizer 

(5)  Powder  Rolling  of  Nb-Al 

In  order  to  fabricate  sheets  of  Nb-Al  using  an  isothermal  powder 
rolling  process,  sintering  properties  of  powders  and  oxidation  properties 
of  compacted  specimens  were  studied  on  Nb-Al  and  Nb-Al-R  powders.  The 
powders  were  prepared  by  mechanically  crushing  ingots  and  by  mechanically 
alloying  prealloyed  powders  and  element  powders.  The  oxidation  test 
indicated  the  necessity  of  improving  the  oxidation  resistance  of  the 
mechanically  alloyed  and  sintered  specimens. 

With  the  mechanically  alloyed  powders,  100%  density  was  obtained  by 
sintering  under  a  hot  press  condition  of  1623K  and  49MPa,  while  the  as- 
crushed  powders  were  not  fully  consolidated  under  the  same  condition.  The 
fine  grain  structure  of  NbAli  reduced  sintering  temperature  by  more  than 
350K.  Before  studying  the  Nb-Al  powder  rolling  technique,  a  preliminary 
test  was  carried  out  using  irregular  shapes  of  Cu  powders  to  investigate 
roll  speed  effects  on  density,  thickness  and  rolling  load,  etc. 

Non-equilibrium  structures  with  nanocrystals,  formed  by  ball  milling, 
were  characterized  by  differential  scanning  calorimetry  (DSC) ,  X-ray 
diffraction  and  thin-foil  TEM. Fine  grain  structures  of  about  lOnm  in  size 


were  foraed  by  ball  Billing  in  Nb»Al  and  Al»Nb  coa pounds  The  ball-ailled 
NbaAl  powders  released  heat  of  2kJ  aol'1  with  a  peak  teaperature  of 
around  0.45Ta  (Ta:aelting  teaperature).  An  X-ray  diffraction  study 
revealed  the  DSC  peak  as  an  annihilation  process  of  a  bcc  Nb  phase  foraed 
during  ball  Billing.  Atoaic  diffusion  is  considered  to  becoae  significant 
at  the  DSC  peak  teaperature  to  restore  an  equilibriua  state.  A  die-press 
test  was  conducted  for  the  ball-ailled  powders.  Enhanced  consolidation 
by  Billing  was  found  for  both  coapounds  to  occur  at  teaperatures  as  Ili* 
as  0.4Ta  to  0. STa.  Coapacts  with  90%  density  were  obtained  at  0. 5Ta  under 
600MPa.  Extreaely  fine  grain  structures  rather  than  saall  sizes  are 
considered  to  have  contributed  to  the  enhanceaent  of  consolidation  at 
relatively  low  teaperatures  and  high  stress. 

The  rolling  technology  is  now  under  developaent  using  an  electric 
current  powder  rolling  aill  which  has  been  specially  designed  and 
installed  (Fig.  12). 


Figure  12  -  Electric  current  powder  rolling  aill 


Conclusions 

The  Japanese  national  project  on  the  interaetallics  as  advanced 
structural  aaterials  has  been  briefly  introduced,  focusing  on  the  two 
ki  :ds  of  interaetallics,  Ti-Al  and  Nb-Al.  The  RAD  activities  for  the  past 
about  four  years  have  brought  forth  various  interesting,  useful  findings. 

We  hope  steady  further  RAD  for  the  reaaining  four  years  by  all 
concerned  will  lead  us  to  passing  our  targets,  along  with  obtaining  a  lot 
of  findings  and  stiaulating  the  study  on  interaetallics  in  a  wider  range. 
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Abstract 

Basic  research  toward  a  fundamental  understanding  of  the  processing  and  properties  of 
metals,  intermetallics,  ceramics,  carbon,  polymers,  and  their  composites  greatly  supports 
the  Air  Force  need  for  advanced  structural  materials  for  aircraft  and  space  applications. 
The  scientific  objective  of  the  research  is  to  investigate  techniques  to  obtain  advanced 
structural  materials  that  are  often  controlled  by  nanoscale,  microscale,  and/or  macroscale 
microstructural  characteristics;  and  to  determine  the  mechanical  property/microstructure 
dependence  of  these  materials  on  processing  techniques.  Research  of  this  nature  will  have 
great  potential  for  applications  in  advanced  aircraft  engines  where  high  temperature  is  a 
critical  design  factor,  and  for  high  temperature  skins  of  hypersonic  vehicles.  Operating 
temperatures  of  advanced  materials  could  potentially  double  the  operating  temperature 
of  conventional  Ni-base  superalloys,  thereby  doubling  engine  thrust-to  weight  ratios.  The 
expertise  for  these  advances  lies  with  government,  university  and  industrial  laboratory 
scientists. 

The  next  generation  of  high  temperature  materials  will  almost  certainly  have  many  of  the 
following  characteristics: 

•  Heterogeneous  in  nature  -  some  hybrids  of  metals-ceramics-polymers. 

•  Delicate  balance  of  equilibrium  and  non-equilibrium  microstructural 
elements,  (phases,  dispersions,  precipitates). 

•  Many  of  these  microstructural  elements  will  be  on  the  nanoscale.  Dispersion 
strengthening  and/or  toughening  will  be  key. 

•  Morphology  of  the  microstructure  will  be  important. 

•  Geometric  distribution  of  the  microstructure  may  be  critical. 


The  need  for  vhese  property-determining  characteristics  will  result  in  difficult  processing 
problems  that  will  require  innovative  concepts. 

Some  of  the  scientific  issues  that  will  have  to  be  addressed  include: 


•  Composite  materials  with  dispersed  phases  produced  in-situ. 

•  Ductile  phase  toughening  through  phase  transformation  control. 

•  Mechanical  alloying  to  synthesize  unique  systems. 

•  Solidification  concepts  in  presence  of  reinforcements  or  dispersions. 

•  Production,  control,  tailoring  of  nanoscale  microstructures. 

•  Control  and  tailoring  of  interfacial  structure. 

•  Processing  under  non-equilibrium  conditions. 

•  In-situ  processing  sensors  to  monitor  chemistry  and  quality. 

•  Innovative  processes  that  control  energy  input 

•  Development  of  knowledge-based  processing  strategies. 

•  Computer  simulation  to  model  processes  to: 

Control  microstructure. 

Avoid  fiber  or  phase  damage. 

Control  residual  stresses  in  composites. 

Avoid  interface  damage. 

Obtain  desired  mechanical/physical  properties. 

Determine  thermal  cycles,  thermomechanical  processing. 


Summary 

Although  most  of  the  above  is  perceived  as  research  that  is  driven  by  material  needs  to 
improve  performance  of  systems  (i.e.,  higher  operating  temperature  engines  resulting  in 
greater  thrust  and  power),  there  are  additional  legitimate  objectives.  Range  and  efficiency 
of  systems,  durability  and  life  cycle  costs,  and  affordability  and  lead  time  issues  are 
objectives  that  also  will  be  served  by  informed  research  on  advanced  structural  materials 
and  processes. 
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